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Editorial

The special issue of Archives of Metallurgy and Materials contain invited papers presented
during the workshop ,,Thermoelastic and magnetoelastic intelligent materials” organized in
the frame of the Center of Excellence Nano and Microscale Characterization and Development
of Advanced Materials at the Institute of Metallurgy and Materials Science of the Polish
Academy of Sciences. The Workshop took place in Niedzica between 10—13 October 2004
and it gathered 54 participants from 11 countries like: Belgium, Czech Republic, Finland,
France, Italy, Poland, Russia. Spain, Switzerland, Ukraine and USA.

The objective of this Workshop was to spread the existing knowledge in the field of
shape memory, superelastic and magnetoelastic materials among researchers and employe-
es of research units and small enterprises. It provided a forum for presenting recent
developments in processing, characterization, and application of recently developed
intelligent materials. The lectures were given by scientists from several universities,
research institutes, and companies from Europe and USA. Special attention was given to
linking fundamental knowledge to the engineering practice in order to identify possible
routes to solving problems, and to promote application of magnetoelastic and shape
memory materials. Representatives of two companies from Finland and USA shared their
experience in production and development of conventional shape memory and magneto-
elastic materials with special attention to the recent market requirements. In the field of
structure analysis the special attention was given to methods of structural and microstruc-
tural studies applying analytical, conventional, in-situ and high- resolution electron
microscopy. The Workshop was especially dedicated to young researchers, PhD students
and university graduates to introduce them to this new field of intelligent materials, their
characterization using latest research techniques, and to the recent applications. Par-
ticipants had the opportunity to present their research results in short oral communications
and to discuss them with leading specialists in the field of intelligent materials.
Furthermore, the workshop stimulated cooperation between scientists from research
centers, universities and industry in Central and Western Europe and hopefully it will
generate mutual joint research projects.

The workshop was located in Niedzica near Castle Niedzica situated on a rocky
mountain. The castle was constructed in the XIVth century by the Hungarian family
Berzevicy. From 1410, the castle was under Polish rule with other surrounding towns. In
1601, the new owner Jerzy Horwath rebuilt the castle to its presents state. The location is
picturesque at the foothills of the Pieniny Mountains, in the community of Niedzica on
Czorsztyn Lake (surface of 12.5 square kilometers) developed in the course of construction
of the dam of the Dunajec river, in the period 1975—1997. It created a rare possibility of
visting this part of Poland by foreign participants.

All of the invited and contributed papers were reviewed to be published in the journal
Archives of Metallurgy and Materials and will constitute useful publication covering recent
developments in such an expanding field like intelligent materials.

Professor Jan Dutkiewicz
Chairman of the Workshop
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ARCHILIVES O F METALLURGY A N D M ATERIALS
Volume 49 2004 Issuc 4

STEFAN WOICIECHOWSKI *, ANNA BOCZKOWSKA*

INTELLIGENT MATERIALS 2004

MATERIALY INTELIGENTNE 2004

Synthetic overview of the state of knowledge in the field of intelligent materials will be made. Interest in
intelligent materials has been growing rapidly from the late 1980 ties of the XX c¢. One can state that they have
currently become an individual group of materials. In the English language literature the terminology varies, two
terms coexist: “intelligent materials” and “smart materials”, however sometimes they are also called “adaptive
materials”.

On a basis of literature survey, as the most important intelligent materials, shape memory alloys, ceramic
piezoelectric materials, magnetostrictive materials, rheological fluids, intelligent polymers and its composites
have been selected.

Interest in exhibiting intelligent behavior of polymers appeared much latter than it was in the case of metallic or
ceramic intelligent materials. Within last two decades the role of intelligent polymers grew rapidly due to the
promising results of research proving that some polymers show properties useful for practical applications.
Available scientific data indicates that current level of knowledge on intelligent polymers varies substantially and
very basic reports appear parallel to much matured and advanced developments, which are ready for
implementations.

The second part of the paper brings brief analysis of the scope of the Smart Structures / NDE Joint SPIE
Conference, held at San Diego in March 2004.

Keywords: intelligent materials, smart materials, smart structures, shape memory, piezoelectricity, magneto-
strictive materials, rheological fluids, intelligent polymers

W artykule przedstawiono w sposéb syntetyczny stan wiedzy w obszarze materiatéw inteligentnych.
Zainteresowanie materialami inteligentnymi wzroslo gwaltownie w koficu lat 80-tych XX wieku. Mozna uznaé, ze
aktualnie stanowig one indywidualng klase materialéw. W publikacjach w jezyku angielskim terminologia nie jest
jednolita i wsp6listnieja dwie nazwy: , intelligent materials” i ,,smart materials”, a czasami nawet sa one okre§lane
jako ,,adaptive materials”.

Na podstawie przegladu literatury uznaé mozna, Ze materialami inteligentnymi o najwiekszym znaczeniu sa:
stopy z pamiccia ksztaltu, ceramiczne materialy piezoelektryczne, materialy magnetostrykcyjne, ciecze
reologiczne oraz inteligentne polimery i ich kompozyty.

* WARSAW UNIVERSITY OF TECHNOLOGY, FACULTY OF MATERIALS SCIENCE AND ENGINEERING, WOLOSKA 141, 02-507
WARSAW, POLAND
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Zainteresowanie polimerami inteligentnymi pojawilo si¢ znacznie p6éZniej niz materialami ceramicznymi
i metalowymi. W ciagu ostatnich dwdch dekad znaczenie inteligentnych polimeréw gwaltownie wzrosio
w wyniku obiccujacych mozliwosci ich praktycznego zastosowania. Dostepne wyniki badafi wskazuja, ze stopiefi
zaawansowania wiedzy dotyczacej inteligentnych materialéw polimerowych jest zréznicowany. Istnieja wyniki
badafi podstawowych, a jednocze$nie wyniki wskazujace na mozliwosé juz zaawansowanego wykorzystania.

W czgéci drugiej artykulu przedstawiono syntetyczny przeglad materialéw z konferencji ,,Smart Structures
and Materials 2004 and Nondestructive Evaluation for Health Monitoring and Diagnostics 2004”, kt6ra odbyla sie
w San Diego w Marcu 2004.

1. Introduction

Intelligent materials are today considered to be a new group of materials nevertheless
some of them were known for many years, e.g. shape memory alloys (SMA) or ceramic
piezoelectric materials. Interest in intelligent materials has been growing rapidly from the
late 1980 ~ ties of the XX c. and one can state they have currently become an individual
group of materials. In the English language literature the terminology varies, two terms
coexist: “intelligent materials” and “smart materials”, however sometimes they are also
called “adaptive materials”. Currently does not exist commonly accepted definition
characterizing intelligent materials, which leads to ambiguities in classifying different
materials as intelligent. An interesting approach to solving this problem has been suggested
by Takagi. According to him one can call the material intelligent when it plays a role of
a sensor, processor and transferring signal device (actuator), accompanied by simultaneous
feedback [1]. A similar approach is given in Fig. 1 [2].

A sensitive

Fig. 1. Scheme of the intelligent materials functions

When a new field in materials science arises there is usually some confusion about
formal definitions and terminology. An interesting discussion about the idea of intelligent
materials could be find in [3]. It was concluded that smart materials and structures are
different from existing materials and structures because they have the means to sense their
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surrounding environment, process the sensory information, and through commands to

actuators act in a beneficial and controlled way to respond to the changing environment.

Smart structures should be lighter in weight, consume less energy to manufacture and

operate, and achieve higher performance levels than existing structures. Smart structures

and materials are important because they have the ability to take advantage of the new

advancing computer technologies and integrated sensor/actuators, and thereby contain

some sense of intelligence which enables better structural performance capabilities”. {3].
The last decade was a period of intensive research activity and many interesting findings

were presented in scientific journals, mainly in the Journal of Intelligent Materials and

Structures, or Smart Materials and Structures. The first encyclopedia on smart materials

was published two years ago [4].

The International Society for the Optical Engineering (SPIE) is organizing Annual

International Symposiums on Smart Structures and Materials, and NDE for Health

Monitoring and Diagnostics. The scope of these two simultaneous events comprises all

important aspects of the field and they are worldwide forum. As cosponsors are serving

important organizations, e.g. American Society of Mechanical Engineering, Society for

Experimental Mechanics, National Science Foundation, DARPA — Defence Advanced

Research Projects Agency, Intelligent Materials Forum (Japan), Boeing Co.

The goal of this short presentation is to make the synthetical overview of the state of the art

— in the field of the most important intelligent materials. The attention will be given to:
— shape memory alloys,

ceramic piezoelectric materials,

magnetostrictive materials,

application of rheological fluids,

intelligent (smart) polymers and polymer matrix composites.

The second part of the paper brings brief analysis of the scope of the Smart Structures / NDE

Joint SPIE Conference, held at San Diego (USA), March 2004.

Synthetic overview of the most important groups of intelligent materials

Shape memory alloys (SMA)

The ability of returning a deformed piece of alloy to its initial shape under certain

circumstances was discovered in 1962 but the practical applications of this property in
engineering or medicine came much later. Basic studies on reversible martensic
transformation make possible to find Ni-Ti, Cu-Al-Zn and Cu-Al-Ni candidate alloys for
applications in such areas as automatics, safety, medical devices and many domestic
appliances. Since shape change of SMA is caused by martensic transformation activated by
temperature change, the working frequency of SMA is limited to 10*> Hz.
Currently the most important appears to be research on magnetic shape memory materials
and high temperature SMA. The classic SMA exploit phase transformation on thermal
affect but this mechanism is slow for many applications. In magnetic SMA the memory
shape effect is activated magnetically and the process is much faster. Currently Ni,MnGa
alloy (Huesler alloy) is one of prime candidates both in film and bulk forms.
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Ceramic piezoelectric materials

The piezoelectric effect in some materials was discovered in 1880 but first piezoelectric
ceramic materials, useful for applications, arrived 60-70 years later. The main advantage of
piezoelectric materials is the ability to exhibite dimensions change in the presence of
electric field. That effect is reversible and therefore a change of pressure (deformation)
could be sensored. Among the variety of ceramic piezoelectric material the most important
appear to be lead zirconate titanate (called PZT) and less useful barium titanate (BaTiOs).
Substantial drawback for many applications of piezoelectric ceramics is their brittleness.
Important research goal is development of lead free materials, which can exhibit properties
similar to the PZT ceramics (lead content in PZT is more than 60 percent Pb).
Piezoelectric polymers have been known for more than 40 years but many properties of
those polymers are very different from those of ceramic materials and therefore they have
own good established area for technical applications.
Ceramic piezoelectric materials find applications in many modern disciplines such
as: automatics, micromanipulation, measuring techniques, medical diagnostic and many
others.

Magnetostrictive materials

The magnetostrictive effect was first observed in 1842 for iron and later it
was found in nickel, cobalt and their alloys. Magnetostrictive materials convert
reversibly magnetic energy into energy of elastic deformation. Modemn type of ma-
gnetostrictive materials, exhibiting effect of giant magnetostriction (giant magnetostriction
materials — GMM), was proposed in 1963. The best known is Terfenol-D, not
cheap because of costly alloying elements (Tb and Dy) and expensive production
techniques. Currently investigations focused on cheaper alloys are performed, e.g.
on gallium — iron alloys (galfenol). Areas where it could provide advantages will
be identified. Potential application areas of magnetostrictive materials are generally
related to their use as sensors and actuators. Magnetostrictive materials find applications
in sonar devices, seismic sensors, geological tomography, hydraulic valves, sensors
of motion, force and magnetic field, and many others.

Application of rheological fluids

The rheological fluids are suspension of very fine dielectric particles suspended in an
insulating medium exhibiting rheological properties that change in the presence of applied
electric or magnetic field. Typically the particles are 5-50 micrometers in diameter. When
electric or magnetic field is applied to the fluid the particles form ordered chains. Physically
the rheological fluid changes from the state of viscous oil to an almost solid gel [S]. The
application of electric or magnetic field results very quickly in a significant change of the
physical properties of rheological fluid. That means that electric or magnetic signals can
easily change their properties.
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Magnetic field has practical advantage in many applications over electric field because the
generation of the field does not need very strong source (e.g. 24 V DC could be enough). For
the same reason on interaction in other equipment or instruments is rather small.
Magnetorheological fluids have been used commercially since mid 1990’s. Current
application comprises vibration control devices (dampers) in automotive, aircraft and
domestic applications. A new investigated field is application in structural monitoring and
impact energy absorption, e.g. in aircraft landing gears.

Intelligent polymers

Interest in exhibiting intelligent behavior in polymers appeared much later than in the
case of metallic or ceramic intelligent materials. Within last two decades the role of
intelligent polymers grew rapidly due to the promising results of research proving that some
polymers show properties useful for practical applications. Available scientific data
indicates that current level of knowledge on various intelligent polymers differs
substantially and basic reports appear parallel to matured and advanced developments,
which are ready for implementations. Special focus is put on piezoelectric polymers, shape
memory polymers, electroactive polymers (conductive polymers and polymer ionic gels)
and stimuli-responsive polymers. As the use of intelligent materials grows, it becomes
increasingly important for scientist and engineers in fields ranging from materials science
to electronics and biomedicine to understand the properties and potential of intelligent
polymers. The examples of intelligent polymers application in sensors and actuators, in
aerospace, architecture, marine industry and medicine are also reported.

Shape-memory polymers

Polymers showing thermally induced shape-memory effect have found growing interest
and have been studied intensively. The relatively easy manufacturing of shape-memory
polymers (SMP) makes these materials a cheap and efficient alternative to well established
metallic alloys. SMP are also distinguished by low density. They have the capacity to
recover large strain imposed by mechanical loading. The unconstrained recoverable strain
limits in SMP are on the order of 100%, in sharp contrast to shape memory metals. Very
broad spectrum of possible application for shape-memory polymers covers the area from
not invasive surgery to technical devices. The shape-memory effect results from the
polymers structure that could be gained in the proper production techniques. Shape-
memory behaviour can be observed for miscellaneous polymers that may differ
significantly in their chemical composition. Shape-memory effect is observed in multiblok
copolymers, mainly polyurethanes. The mechanism of the thermally induced shape-
memory effect of linear block copolymers is based on the formation of a phase-separated
morphology with one phase acting as molecular switch. As shown in Fig. 2, if the
temperature is higher than the transition temperature Ty, (€.g. glass transition T, or melting
point Ty,) of the switching segments, these segments become flexible and the polymer can
be easily deformed elastically. The temporary shape is fixed by cooling down below Typs. If
the polymer is heated up again, the permanent shape is recovered [6].
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Permanent shape

Temporary shape

Fig. 2. Schematic illustration of the thermally induced shape-memory effect for a multiblock copolymer

Piezoelectric polymers

Piezoelectric polymers have been known for more than 40 years, but in recent years they
have gained repute as a valuable class of intelligent materials. The properties of those
polymers are very different from those of ceramic materials, and they are uniquely qualified
to fill niche areas where ceramics cannot perform as effectively. The piezoelectric strain
constant (ds;) for the polymer is lower than that of the ceramic. However, piezoelectric
polymers have much higher piezoelectric stress constant (gs;) which indicates that they are
much better sensors than ceramics. Piezoelectric polymeric sensors and actuators offer the
advantage of processing flexibility because they are lightweight, tough, readily manufac-
tured in large areas, can be cut and formed into complex shapes. They also exhibit high
strength and impact resistance. Other notable features of piezoelectric polymers are low
dielectric constant, low elastic stiffness, and low density, which result in high voltage
sensitivity (excellent sensor characteristics) and low acoustic and mechanical impedance
(crucial for medical and underwater applications). Polymers also typically posses high
dielectric breakdown and high operating field strength, which means that they can
withstand much higher driving fields than ceramics. Based on these features, piezoelectric
polymers posses their own established area for technical application and useful device
configurations [7].

Among the existing piezoelectric / ferroelectric polymers, PVDF — poly(vinylidene
fluoride) and its copolymers P(VDE-TrFE) — poly(vinylidene fluoride-trifluoroethylene)
and P(VDF-TFE) — poly(vinylidene fluoride-tetrafluoroethylene) exhibit the best elect-
romechanical performance. The copolymer P(VDE-TrFE) containing 50—-80 mol% VDF
has been attracted lots of attention because the materials can be easily prepared to have
ferroelectric phase, which exhibits piezo- and pyro-electricity [8]. The electromechanical
characteristic of PVDF-based polymers originates from the crystalline regions in the
material. The morphology of such polymers consists of crystallites dispersed within
amorphous regions, as shown in Fig. 3. The structure of the crystalline regions is non-polar.
To convert the structure from non-polar to polar phase with a large strain response the apply
of external electric field is needed. The polarization can remain constant for many years if it
is not degraded by moisture uptake or elevated temperatures. These semicrystalline
fluoropolymers are currently the only commercial piezoelectric polymers.
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Fig. 3. Schematic illlustration of random stacks of amorphous and crystal lamellae in PVDE polymer

Other semicrystalline polymers including odd-numbered polyamides, polyureas, liquid
crystalline polymers, biopolymers are still in the stage of studies.

Typical applications of piezoelectric polymers are sensing and actuating devices in
medical instrumentation, robotics, optics, computers and also ultrasonic, underwater and
electroacoustic transducers [7].

Electroactive polymers

Electroactive polymers (EAP) are one the most important and promising group of
intelligent polymers. They respond to electrical stimulation with a significant shape or size
change. They are lightweight and easy to control. EAP materials can be easily formed in
various shapes, their properties can be engineered, and they can potentially be integrated
with micro sensors to produce actuators.

The available EAP materials can be divided into two distinct groups: electronic (driven
by electric field or Coulomb forces) and ionic (involving mobility or diffusion of ions) [9].
The first group includes such polymers as electrostrictive, dielectric, ferroelectric and
liquid crystals. The second, among others includes conductive polymers, ionic gels and also
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polymer-carbon nanotubes composites. Polymer-carbon nanotubes based nanoactuators
and robotic systems are able to manipulate nano-size objects in a controlled, reproducible
and reversible manner. The electronic EAP are driven by an electrical field and they require
high activation voltage. The ionic EAP are involved with the mobility or diffusion of ions
and require lower voltage.

The discovery of electrical conductivity in molecular charge transfer (CT) complexes in
the 1950s promoted the development of conducting CT polymers. In 1980 was found the
superconductivity with molecular CT complexes. The conductivity in CT complexes arises
from the formation of appropriate segregated stacks of electron donor and acceptor
molecules and a certain degree of charge transfer between the stacks. Various conjugated
polymers with excellent electrical properties have been synthesized during the past 25
years. The most common are polypyrolies, polyanilines and polythiophenes. Certain
conjugated polymers also posses interesting optical and magnetic properties. These unusual
optoelectronic properties allow them to be used for a large number of applications including
sensing devices. actuators, non-linear optical devices and light emitting displays [10].
Various applications are being explored for such fields as medical, aerospace, entertain-
ment and consumer products. The recent development of sensor arrays (conducting
polymer electronic “noses”, DNA chips, etc.) is revolutionizing the way in which many
chemical and biomedical tests are performed in both research and clinical diagnostic
laboratories. Sensor arrays consist of many different sensors on a single chip and enable to
identify complex mixture systems even without separation.

EAP have also been used to make MEMS or electrochemomechanical actuators
—exploited as “artificial muscles”. Actuators based on conjugated conducting polymers are
capable of producing at least 10 times more force per unit cross-sectional area than
biological muscle, with strain typically between 1 and 10%. The high force-generation
capabilities, high work densities per cycle and low operation voltages make conducting
polymer actuators very attractive for use in robotics, prosthetics and microelectrochemo-
mechanical systems and many others, in place of conventional electrostatic and
piezoelectric actuators. However, before the commercialisation some of the major
problems must be solved, inctuding the limitations of the cycle life, energy conversion
efficiency and their relatively slow speed.

Dielectric elastomers are of particular interest for the present application due to their
high actuation speed and very large strains. The dielectric elastomer actuator is a three-
component system consisting of a soft dielectric elastomer between two compliant
electrodes, as shown in Fig. 4A. Application of an electric field polarizes the elastomer,
generating a “state of stress” within the dielectric medium called the Maxwell stress.
Coulomb forces arise between the oppositely charged electrodes, and the actuator stretches

in the directions perpendicular to the force and thins in the direction parallel to the force
(Fig. 4B) [11].
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Fig. 4. Diclectric elastomer actuator

State of the art — in the year 2004

The International Society for Optical Engineers (SPIE) is sponsoring annual Smart
Structures / NDE Joint Conferences. The last conference “Smart Structures and Materials
2004 and Nondestructive Evaluation for Health Monitoring and Diagnostics 2004”, held in
San Diego in March 2004, is giving a very good insight in the field of smart structures and
materials. The conference proceedings [12] contain about 800 papers, 90 percent of them
directly out of the field of smart structures and materials. The scope of the proceedings
brings following information:

Topic 1: Modelling, Signal Processing, and Control

Materials: piezoceramic (PZT), shape memory alloys, ferroelectric materials, magneto-
strictive materials, ionic polymers.

Research areas: applications, optimisation, control design.

Important notice: advanced mathematical approach (e.g. Finite Elements Method,
modelling), no PZT substitutes considered.

Topic 2: Smart Sensor Technology and Measurement Systems

Sensors (materials): fiber optic sensors, fiber grating sensors (e.g. Bragg grating sensors),
electrical and acoustic sensors, piezoceramic sensors, photonic crystal fibers.
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Application examples: ‘KIDamage evaluation for concrete structures using fiber-reinforced
composites as self-diagnosis”, “Wireless intelligent sensor network for autonomous
structural health monitoring”.

Topic 3: Electroactive Polymer Actuators and Devices (EAPAD)

Materials: electroelastomers, electrostrictive polymers, conducting polymers, dielectric
elastomers, shape memory polymer composites, ionic polymer-metal composites, novel
electroactive polymer system: PVDF-based polymer blends.

Application examples: artificial muscles, bio-inspired robotics, active pump applications,
sensor to monitore intracellular conditions, polypyrolle actuators as valves for controlled
drug delivery.

Important notice: EAP as emerging actuators.

Topic 4: Damping and Isolation

Materials: piezoelectric materials, shape memory alloys, magnetorheological fluids, hard
ceramic coatings, carbon nanotubes (in composites).

Applications: dampers subjected to impact loading (e.g. on aircraft landing gears, in
wheeled vehicles, trains, motocycle, suspended mass), vibration isolation and damping,
seismic applications, piezoelectric MEMS devices.

Important notice: no application of electrorheological fluids considered.

Topic 5: Active Materials: Behavior and Mechanics

Materials: ionic polymers, carbon nanotubes — polymer composites, piezoelectric mate-
rials, ferromagnetic shape memory alloys, single crystal and polycrystalline magnetic
shape memory effect alloys (e.g. Ni-Mn-Ga), iron-gallium single-crystals, Cu-Al-Ni single
crystals, Fe-Mn-Si, piezoceramics (PZT and lead magnesium niobate), magnetic materials
Gal - fenol, Fe-Ga, Fe-Ga-Al, Terfenol-D.

Applications: mechanical and medical application, microvalves..

Important notice: multifuncional composites considered, research concentrated on mag-
netic shape memory effect alloys.

Topic 6: Industrial and Commercial Applications of Smart Structures Technologies

Materials: shape-memory alloys and polymers, magnetostrictive materials, magneto-
rheological fluids, fiber Bragg grating (sensors).

Application examples: adaptive aerostructures (e.g. adaptive wing structures), reduction of
aerodynamic vibrations, dampers, space application, in microlithography.

Topic 7: Smart Electronics, MEMS, BioMEMS, and Nanotechnology

Materials: polymer and ferroelectric thin film, ceramic thick film, piezoelectric materials,
smart materials based on carbon nanotubes, metallic closed cellular materials containing
organic materials, funcionalized nanomaterials (electroceramic, protein/polymer, tin
oxide/carbon), electroactive polymers, carbon black-polymer composites, resistive nano-
materials.
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Applications: MEMS, BioMEMS, micro-, bio- sensors, actuators, fuel cells, power devices.
Examples: “Fabrication of cell structures for bionanobattery”, “Electrochemical reconst-
titution of biomolecules for applications as electrocatalysts for the bionanofuel cell”.

Topic 8: Smart Structures and Integrated Systems

Materials: piezoelectric materials (piezoceramics PZT), active fiber composites, Terfenol-
D, magnetorheological fluids, dielectric elastomers, shape memory polymer, electroactive
smart polymers, ferromagnetic shape memory alloy composites, fiber Bragg grating.
Applications: actuators (ex.: shape memory polymer actuators), sensors (ex.: fiber optic
sensors, fiber Bragg grating sensors), MR fluid brake, pumps, vibration reduction, variable
shape systems, control of smart structures (ex.: “Numerical simulation of actuation
behavior of acctive fiber composites in helicopter rotor blade application”), flow control
(and actuation).

Topic 9: Sensor and Smart Structures Technologies for Civil, Mechanical, and
Aerospace Systems

Materials: piezoelectric materials, optical fibers, fiber optic cables, magnetorheological
fluids, dielectrostriction effect polymeric materials, fiber Bragg grating.

Applications: sensors (piezoelectric active sensors, fiber grating sensors, fiber Bragg
grating sensors, optical fiber sensors), MEMS, degradation and damage detection (ex.:
“Bolt loosening detection using vibration characteristic of thin plate with piezoelectric

elements”, “Embedded MEMS for health monitoring and management of civil infrastruc-
ture”), structural health monitoring (bridges, composite elements).

Topic 10: Testing, Reliability, and Application of Micro- and Nano-material. Nondest-
ructive Evaluation and Health Monitoring of Aerospace Materials and Composites,
Structural and Biological System

Advanced research: Techniques: X-ray, reflection topography, computer tomography,,
atomic force microscopy, position annihilation spectroscopy, acoustic emmision diagnos-
tics, Barkhausen noise and eddy current microscopy, scanning probe (image) microscopy,
ultrasonic characterization, eddy current sensors, MEMS and NEMS sensors.
Applications: degradation and damage location in aerospace (aircraft) structures, civil
engineering structures, biological and medical applications.

Summary

The scope of proceedings allows formulation of general conclusions:
— The field of smart structures and materials is growing rapidly, the research teams are
great in number and experience.
~ All papers are reporting results of basic research oriented on application or R and
D projects. Present day advanced research techniques and mathematical approach
were applied.
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— A great number of papers apply to important or novel smart materials, i.e. magnetic
shape memory alloys, magnetorheological fluids, smart polymers and polymer
composites or piezoelectric ceramics.
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SHAPE MEMORY ALLOYS: MULTI-PURPOSE FUNCTIONAL MATERIALS

STOPY Z PAMIECIA KSZTALTU: WIELOZADANIOWE MATERIALY FUNKCJONALNE

Shape memory alloys (SMA) are not exclusively derived from intermetallic compounds. Also
solid solutions based on an element having allotropic phases or specific Fe-based alloys with
a’y &> e transition or certain alloys showing a cubic to tetragonal phase have clearly revealed similar
functional properties as some definite intermetallic solid solutions with a bce-parent phase.

However so far only the intermetallic structures became successful industrial alloys. The first
condition for good shape memory effects (SME) is the occurrence of a reversible (thermo-elastic)
martensitic transformation. Other important factors for successful SME is the ability of matrix
strengthening by ordering, precipitation or cold deformation. The combination of those
requirements are excellently fulfilled by the NiTi intermetallic compound, being presently the far
most applied system. Also §-Hume-Rothery phases such as the § Cu-, Ag-, Au-based alloys, or
intermetallic phases such as § Cu-Zr and B Ni-Al are very much investigated. This paper will
describe and compare those important intermetallic SMA and the alloys derived there of.

Stopy z pamigcia ksztattu (SMA) nie sa wylacznie zwiazkami miedzymetalicznymi. Takze
roztwory stale, bazujace na pierwiastkach wystgpujacych w postaci faz alotropowych, lub niektére
stopy na bazie Fe, podlegajace przemiane y <> €1 z przemiang fazy regularnej w tetragonalna maja
podobne wiasnosci funkcjonalne jak okre$lone roztwory stale, z faza macierzysta o strukturze bec.

Jednakze, jak dotychczas, jedynie zwiazki migdzymetaliczne znalazly zastosowanie jako stopy
przemyslowe. Podstawowym warunkiem dla uzyskania dobrego efektu pamieci ksztaltu (SME)
jest wystepowanie odwracalnej (termospreZystej) przemiany martenzytycznej. Inny wazny
warunek uzyskania dobrego efektu pamieci ksztattu to mozliwo$é umocnienia fazy macierzystej
poprzez uporzadkowanie atomowe, wydzieleniowe lub poprzez przerébke plastyczna na zimno.

Zwiazek miedzymetaliczny NiTi, majacy obecnie najwigksze zastosowanie, wykazuje
doskonata kombinacje powyzszych wymagan. Intensywnie badane sg takze stopy na bazie f Cu-,
Ag- i Au, nalezace do faz f3- Hume — Rothery’ego i fazy miedzymetaliczne takie jak § Cu-Zr
i B Ni-AlL W artykule przedstawiono i por6wnano wazne zwiazki miedzymetaliczne wykazujace
efekt pamigci ksztaltu i stopy pochodne.

* KASTEELPARK ARENBERG 44, B-3001 LEUVEN, BELGIUM
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1. Introduction

The functional properties of shape memory alloys (SMA) are related to a (diffusionless)
martensitic transformation. For most SMA this martensitic transformation is thermoelastic
but also some Fe-based shape memory alloys exhibiting a non-thermoelastic transformation
have been developed. The principles of a martensitic transformation are very well explained

by Cohenetal [1].

Classification of the Nonferrous Martensites [2]

TABLE 1

Group

Alloy System

Termina Solid Solutions based on
an element having allotropic pha-
ses

Cobalt and its alloys

Rare earth metals and their alloys
Titanium, Zirconium and their alloys
Alkali metals and their alloys and Thallium
Others as Pu, Ur, Hg and alloys

Intermetallic solid solutions with
a bee-parent phase

B-Hume-Rothery phases of the Cu-, Ag-, Au-based alloys

B-Ni-Al alloys
Ni-Ti-X alloys

Alloys showing cubic to tetrago-
nal trans. (incl. quasi-martensite)

Indium-based alloys

Manganese based alloys (paramagn. <> antiferromagn.)

Al15-compounds
Others: Ru-Ta, Ru-Nb, Y-Cu, LaCd, LaAg,-In;«

Many systems exhibit a martensitic transformation. Generally they are subdivided in
ferrous and non-ferrous martensites. A classification of the Nonferrous Martensites was
first givenby D e 1 a e y et al. [2], Table 1, while ferrous alloys exhibiting a shape memory
effect were first reviewed by T. Makiand T. Tamur a [3], Table 2.

TABLE 2
Ferrous alloys which exhibit a complete or nearly complete shape memory effect [3]
. Crystal structure Nature of
Alloy Composition of martensite transformation*
= 25at%Pt bet () T.E.
Fe-Pt
= 25at%Pt fet T.E.
Fe-Pd = 30at%Pd fet T.E.
23%Ni-10%Co-4%Ti bet (o) -
Fe-Ni-Co-Ti
33%Ni-10%Co-4%Ti bet (') T.E.
Fe-Ni-C 31%Ni-0.4%C bet () Non-T.E.
30%Mn-1%Si hep (g) Non-T.E.
Fe-Mn-Si -
28~33%Mn-4~6%Si hep (€) Non-T.E.

* T.E.: Thermoelastic martensite, Non-T.E.: Non thermoelastic martensite
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From all systems mentioned in both tables, only the intermetallic solid solutions with
a (ordered) bcc parent phase delivered interesting potential commercial systems. From
these, in fact, only one major system became industrial successful: NiTi(X,Y) in which X,Y
are elements replacing Ni or Ti. Besides the NiTi system a lot of attention has been given in
earlier times to Cu-based alloys [4] and to Fe-Mn-Si-based alloys [5]. Furthermore, during
recent years special attention has been given to high temperature shape memory alloys
(HTSMA), based on ternary NiTi alloys, CuAINi or CuZr alloys [6].
In this paper we will describe short the functional properties, the most important and
interesting intermetallic alloy systems, exhibiting those functional properties and a short
view on applications.

2. Functional properties of shape memory alloys

Shape memory alloys show different functional properties and can be used in different
ways. For most of those properties a shape change is at the origin of the property. This shape
change is a consequence of the shearing component of the martensitic variants during
martensitic transformation. The so called “cold shape” is thus related to the martensite
phase, while the material has its “hot shape” when in the austenitic phase.

These properties are described in general terms below. Quantitative data refer to Ni-Ti
alloys unless otherwise stated.

2.1. One way shape memory effect

A shape memory element can be easily deformed to almost any “cold shape”. The basic
restriction is that the deformations may not exceed a certain limit, typically 8% for NiTi
somewhat lower for Cu-based and Fe-based shape memory alloys. These apparent plastic
deformations can be recovered completely during heating, resulting in the original “hot
shape”. This strain and shape recovery during heating is called the one way shape memory
effect since only the hot shape is memorised.

2.2. Two way shape memory effect and training

The two way memory effect refers to the memorisation of two shapes. A cold shape is
obtained spontaneously during cooling from the hot shape, that had been obtained by the
former thermo-mechanical processing. Different from the one way memory effect, no
external forces are required to obtain the “memorised” cold shape. During subsequent
heating the original hot shape is restored. The maximum strains are in general substantially
smaller than in the case of the one way memory effect. A strain limit of about 2% has been
mentioned although higher TWME strains have been found in specific cases.
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The microstructural asymmetry and the resulting TWME are not inherent characteris-
tics of shape memory alloys, as the one way effect. but can only be induced after particular
thermomechanical procedures. These thermomechanical procedures are in general based
on the repetition of thermomechanical cycles through the transformation region [8, 7, 9}, i.e.
transformation cycles from the parent phase to preferentially oriented martensite. The goal
of these repetitive procedures is to acquire the cold shape and therefore these procedures are
referred to as “training”. Some examples of such training procedures are temperature
cycling at a constant strain or at a constant stress, and superelastic cycling. It can be easily
understood that many combinations and variants of these procedures can also be applied.

2.3. Superelasticity

The shape memory effects described above require temperature changes. In contrast,
the superelastic effect, also indicated as pseudoelastic effect, is isothermal in nature [10,
11]. A superelastic specimen exhibits normal elastic behaviour until a critical stress is
reached. With further stressing, the specimen elongates substantially as if it were plastically
deformed. However when the stress is removed, the specimen contracts to its original
dimension and the apparent plastic strain is recovered.

Superelasticity can be considered as the mechanical analogue of the thermal shape
memory effect. Isothermal loading at a temperature above A results in a stress induced
martensitic transformation which starts at a critical stress oms. Further straining occurs at
a nearly constant stress level until the transformation finishes at omr. The apparent plastic
strain is thus caused by the shape strain accompanying the stress induced formation of
preferentially oriented martensite. During subsequent unloading, the reverse transfor-
mation occurs at a lower stress level between oas and oar and the apparent plastic strains are
recovered. Large reversible deformations of up to 10% can be obtained, to be compared to
0.2%-0.5% elastic strain in most other metallic alloys. Further straining at stress levels
above owmrresults in elastic straining of the stress induced martensite, followed at oy by
plastic yielding of martensite.

The stress induced transformation shows a stress hysteresis, revealed by the different
stress levels for the forward and reverse transformation. This hysteresis is typically 150-300
MPa in NiTi and results in the dissipation of energy during superelastic cycling. The energy
dissipated per cycle is given by the area enclosed between the upper and lower curve.
Superelasticity also involves the storage of potential energy. This elastic energy storage
capacity can be as high as 10 J/g. All above mentioned superelastic characteristics are
strongly affected by processing and composition [12, 13].

The critical transformation stresses (oms, omf, oas and oar) increase in a first
approximation linearly with temperature starting from zero at the corresponding transfor-
mation temperature, as described by the Clausius-Clapeyron equation:

do_ 48
dT €
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in which ois the stress at which martensite is induced, T the temperature, A S the entropy
change during transformation and &, the maximum strain due to transformation. It follows
that at a temperature, denoted as M, the stress for plastic yielding becomes equal to the
stress for martensite formation. Superelasticity occurs thus only over a relatively narrow
temperature window between the temperatures A; and M, This temperature range of
typically 20-100 K is too small for applications in most industrial and consumer fields. The
strong temperature dependence of the mechanical behaviour, described by the Clau -
sius-Clapeyronequation, is a further impediment to the general use of superelas-
ticity [14].

The temperature dependence and small temperature range are no barrier to the use in
mammalian bodies where the temperature is constant. Moreover, the superelastic effect
results in a unique combination of deduced properties. No other material or technology can
offer the combination of high strength, high stiffness, high pliability and a high kink
resistance. NiTi with a proper surface treatment shows an excellent biocompatibility. Also
the concept of a metallic material with an extreme elasticity and with nearly constant stress
levels over a large strain area is something that can be tackled easier by designers than the
concepts related with temperature activated shape memory effects [Me94]. Accordingly,
the largest commercial successes of SMAs in recent years are linked with the use of
superelasticity in biomedical applications [14, 15, 16]. Other advantages related to
superelasticity and relevant for medical applications have been described in detail by
Duerigetal [14].

2.4. Generation of recovery stresses

When an external constraint prevents the SMA-element from returning to the hot shape
on heating, high recovery stresses are gradually generated during heating. Stresses up to 700
MPa can be obtained [17].

Similar to the one way and two way memory effect, the generation of recovery stresses
starts from a macroscopic deformation in the martensitic state. During subsequent heating
free recovery occurs until a temperature T, at which contact is made with an external
mechanical obstacle. The recovery of the remaining deformation, characterized by the
contact strain e, is impeded by this obstacle. Therefore, from the temperature T, recovery
stresses are generated at a nearly constant stress rate do,/dT, often described by a
Clausius-Clapeyron equation. This shape memory property is the basis
of some very successful shape memory applications, especially in earlier years for
couplings [18, 19].

The recent substantial efforts in the development of hybrid composites with embedded
shape memory elements have resulted in an increasing interest in the understanding of the
generation of recovery stresses [20, 21, 17, 22]. In these smart composites, thin SMA-wires
or other SMA-elements are embedded into advanced structural materials, without losing the
structural integrity of the matrix material. Most functional properties of such adaptive
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composites are directly related to the following mechanism on the level of the
SMA-elements. Prestrained martensitic SMA-elements operate during heating against he
elastic stiffness of the host matrix, biasing the strain recovery and the reverse transfor-
mation of the SMA-elements. The result is that recovery stresses are generated gradually by
the SMA-elements in the composite during heating, and the strain recovery and reverse
transformation of the SMA-elements is delayed. After overcoming a temperature
hysteresis, the reverse process occurs during cooling. A crucial difference with earlier
applications using the generation of recovery stresses is that these hybrid composites are
activated repeatedly, i.e. recovery stresses are generated cyclically.

2.5. Work output

The one and two way memory effect can be used for free recovery applications in which
the single function of the SMA-element is to cause motions without any biasing stress. At
constant strains, shape memory elements can generate substantial recovery stresses.
Between these two extremes of free recovery and completely constrained recovery, shape
memory components can yield a wide variety of combinations of strains and stresses. The
shape memory element can be deformed with a low force in the martensitic condition or
during the forward transformation, and can exert a substantially higher force as it reverts to
the hot shape on heating. So, work is done on heating, up to 5 J/g. This concept can be used
in thermal actuators in which the SMA-element is activated by an increase in the
environmental temperature, or in electrical actuators in which the SMA-element is in
general activated by direct Joules heating. The work needed to deform the SMA-element is
much lower than the work that can be obtained during heating. This has been the basis of
many prototypes of heat engines which could convert heat into useful work (see e.g. [23].

SMA-actuato rs offer distinct advantages with respect to other types of actuators [24].
The main advantage is that SMA-actuators offer by far the highest work and power to
weight ratios from all available actuating technologies at low levels of weight [25]. These
high work and power densities enable a whole class of applications (e.g. in the field of
micro-actuation) which are simply impossible to realise with other actuation technologies.
SMA-actuators can mostly be reduced to a single SMA-element without auxiliary parts,
resulting in a simple compact and reliable device.

Several important drawbacks which limit the use of SMA-actuators to specific niches,
should also be considered. The conversion of heat into mechanical energy via SMA-actuators
has been studied extensively 15 to 25 years ago. Simple thermodynamic calculations have
shown that the maximum theoretical efficiency of an SMA-actuator is below 10% [26]. In
practice, the conversion of heat into mechanical work occurs less efficient with the result that
the real efficiency is even one order of magnitude smaller than the theoretical value. Another
drawback is that the SMA-actuator has to be heated and cooled. Especially the low cooling
rate limits the use of SMA-actuators to relatively low frequency applications.
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2.6. High damping capacity

SMA-elements have a high damping capacity in the austenitic and martensitic
condition. Shape memory alloys show in the martensitic condition a strong amplitude
dependent internal friction. For impact loads, the specific damping capacity can be as high
as 90%. Starting from the austenitic condition, energy is dissipated during superelastic
cycling as a result of the stress hysteresis between superelastic loading and unloading, as
explained before. A detailed analysis can be found in [27].

3. Intermetallic sma-alloy systems

3.1. Cu-based systems [4, 28]

Copper based shape memory alloys are derived from Cu-Zn, Cu-Al and Cu-Sn systems.
The composition range of these alloys corresponds to that of the well-known f Hume
Rothery phase. In most shape memory alloys, this phase has a disordered bcc structure at
high temperatures but orders to a B2, D0; or L2, form at lower temperatures. The shear
elastic constant of the f phase exhibits an anomalous behaviour with decreasing
temperature, i.e. it is lowered till the lattice instability with respect to {110} <110> shears at
some temperature transforms to martensite. The elastic anisotropy of the B phase is much
higher compared to normal metals and alloys and increases further as the martensitic
transformation is approached.

Cu-Zn and Cu-Al martensites are of three types &,  or ¥ with subscript 1, 2 or 3 added
to indicate the ordering schemes in S, viz. B2 (2) or DO; (1) or L2, (3). Some conversion
from one martensite structure to another, e.g. f—¥ may also take place. The net result is
a coalescence of plates within a self-accommodating group and even coalescence of groups.
Heating this deformed martensite microstructure transforms it to the S phase with the shape
memory effect accompanying the structural change.

The transformation temperatures are apart from the composition strongly influenced by
other chemical and non-chemical factors, such as the degree of order of the parent phase, the
stabilisation of the martensite phase, the presence of precipitates, impurities, grain size,
lattice defects, ...

So the global thermomechanical processing will have an influence on the final
transformation temperatures.

In order to obtain good functional properties, the parent phase has to be retained at low
temperatures by fast cooling (quenching) in order to avoid the growth of alfa- or gamma-
phase which are thermodynamically more stable at low temperatures.

This makes that the functional properties can only be obtained at low temperatures
where diffusion is (almost) not occurring, limiting the martensitic transformation
temperatures below 100°C(.
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But transformation temperatures are in generally not only restricted because of atom
diffusion. A second important factor is that the yield stress, either of martensite either of the
parent phase decreases with increasing temperatures. In order to obtain good functional
properties, plastic deformation has to be avoided in all circumstances. As a consequence
initial strengthening of the parent phase can be a good solution to increase the temperature
of applications.

Table 3 summarizes some Cu-based alloys that enjoy a (limited) industrial interest.

3.2. Ni-Ti alloys

NigoTiso is the best explored system of all shape memory alloys and occupies almost the
whole market of SMA. NigoTis is an intermetallic phase that has some solubility at higher
temperatures.

The science and technology of Ni-Ti is overwhelmingly documented. The influence of
composition and thermomechanical processing on the functional properties is well
understood and described in literature. Therefore we refer only to some very interesting and
relevant publications such as [29-32].

The basic concept of processing Ni-Ti alloys is that in order to avoid plastic deformation
during shape memory or during pseudoelastic loading, the martensitic and the B-phase have
to be strengthened. This occurs by classic methods: strain hardening during cold
deformation, solution hardening, precipitation hardening. Ni-Ti alloys have the significant
advantage that these techniques can be easily applied due to an excellent ductility and a very
interesting but complicated precipitation process of metastable and stable neighbouring
intermetallic phases [33].

The compositions of the Ni-Ti-SME alloys are approximately between 48 and 52 at
% Ni and the transformation temperatures of the B2 structure to the martensitic phase with
a monoclinic B19” structure, are very sensitive to the nickel-content (a decrease of about
150 degrees for an increase of 1 at % Ni). The transformation temperatures can be chosen
between —40°C and +100°C.

Ni-Ti alloys show the best shape memory behaviour of all SMA. Even in polycrystalline
state 8% shape recovery is possible and 8% pseudo-elastic strain is completely reversible
above Ay, while the recovery stress is of the order of 800 MPa.

In some cases the martensitic transformation is preceded by the so-called R-phase
transition. The R-transition is a B2 <> rombohedral transformation that has also second-
order characteristics [34].

The most specific characteristics of this R-phase transition is that it shows a clear one-
and two-way memory effect in the order of 1% recoverable strain and that the hysteresis of
the transformation is very small, only a few degrees which creates possibilities for
accurately regulating devices.

It should be noted that further cooling transforms the R-phase into B19’ martensite.
During heating only the reverse martensitic transformation will be observed. To observe the
reverse R-phase transition cooling should be stopped above M,.
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It has been shown that the appearance of the R-phase depends on composition,
alloying elements and thermomechanical processing [32]. In fact the major common
point is that all effects depressing the martensitic forward transformation below
room temperature will favour the appearance of the R-phase transition which is
quite stable near 30°C.

3.3. Ternary Ni-Ti alloy systems

Addition of third elements opens even more possibilities for adapting binary Ni-Ti
alloys toward more specific needs of applications. Adding a third element implies a relative
replacement of Ni and/or Ti. Therefore it must be always very well indicated which atom Ni
or Ti or both is replaced by the third element.

Alloying third elements will influence not only the transformation temperatures but will
also have an effect on hysteresis, strength, ductility, shape memory characteristics and also
on the B2—(R)—>B19’ sequence. The influence of several elements has been already
described in [35-38].

More application oriented, one can distinguish four purposes to add third elements:
1. to decrease (Cu) or increase (Nb) the hysteresis,

2. to lower the transformation temperatures (Fe, Cr, Co, Al),
3. to increase the transformation temperatures (Hf, Zr, Pd, Pt, Au),
4. to strengthen the matrix (Mo, W, O, C).

Some of the ternary alloys have been developed for large-scale applications. We will
only summarise the two most well developed: NiTiCu and NiTiNb and the Ni(Ti,X) with
X=Hf, Zr which are under investigation as High Temperature Shape
Memory Alloys (HTSMA).

Ti-Ni-Cu

Ternary Ti-Ni-Cu alloys in which mainly Ni is substituted by Cu are certainly as important
as binary TiNi. Increasing Cu-content decreases the deformation stress for the martensite
state and decreases also the pseudoelastic hysteresis without affecting Significantly the
M,-temperature [39]. However, more than 10% Cu addition embrittles the alloys,
hampering the formability.
It should also be remembered that while TiNi transforms from a B2 into a monoclinic phase,
Ti-Ni-Cu exceeding 15 at % Cu transforms from a B2 into an orthorhombic phase. Ti-Ni-Cu
with less than 15 at % Cu transforms in two stages [32].

A disadvantage of most Ti-Ni-Cu alloys is that the transformation temperatures do not
decrease below room temperature. In order to obtain pseudoelastic alloys at room
temperature but with small hysteresis Cr or Fe can be alloyed. This way an Nisgg Tisgs Cuyg
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Cry 4 alloy has been developed with a smail hysteresis (130 Mpa), one fourth compared with
Ni50 Ti50 and Ms below room temperature [40].
Ti-Ni-Nb [41, 42]

The inherent transformation hysteresis of NiTiNb is larger than for binary Ni-Ti alloys.
By the presence of a large dispersed volume fraction of deformable B-Nb particles, the
hysteresis can be further widened by an over-deformation of stress-induced martensite,
generally between Ms and Md. Originally NiTiNb (more specifically Nis;TigsNby) was
developed by Raychem Corp. for clamping devices. The large shift of the reverse
transformation temperatures from below to above room temperature by deformation,
allows room storage for open couplings.

Recently, also pseudoelastic Ni-Ti-Nb alloys have been developed with three
significant differences relative to binary alloys [42]
— stress rate is much lower
— the oM stresses are much higher
— the superelastic window is much larger

Ni(Ti-X), X=Hf,Zr

Those alloy systems have been investigated quite significantly, mainly because of the
much lower price for the raw materials as compared with the alloys which will be described
in the next part and are based on noble metals (Au, Pd, Pt). Very detailed studies can be
foundin [43, 44] and several patents have been issued [45, 46]. Other relevant literature that
can be helpful to come to a complete literature survey can be found in [47, 48].

Figure 1 [46] summarises the behaviour of the transformation temperatures. A, is the
temperature at the calorimetric peak (endothermic) position during the reverse transfor-
mation and is thus situated between A, and A, M, can be analogously defined during cooling
and is thus situated between M; and M;. The most important characteristics of this type of
alloys, based on the above mentioned literature can be summarised as follows:

— the addition of Hf and Zr increases the stress for reorientation which can lead to increased
plasticity during deformation at higher temperatures.

— the materials become harder and less ductile.

— only one-way shape memory effect has been observed so far. Complete recovery is
limited to a few percent.

— the best shape memory behaviour is obtained when the material is deformed just above
M;. This leads to the optimal variant formation, avoiding reorientation.

— The hysteresis of the martensitic transformation becomes larger.

— Lowering of transformation temperatures during cycling or ageing a high temperature.

According to [43] the advantages of one system relative to the other can be summarised

as follows.
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Advantages of Ni-Ti-Zr over Ni-Ti-Hf:
— the slightly smaller hysteresis for alloys with the same transformation temperatures
— the lower price of Zr as compared to Hf
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Fig. la: Ap as a function of Hf + Zr, Zr or Hf content for NisTisi.xZrosxHfo.sx and NisTisi.Hfx [46]
Fig. 1b: Mp and Ap as a function of Ni content for Niswsy Tisey Hfio alloys, as melted [46]. Ap and Mp are
respectively the calorimetric peak-position on the temperature scale during the reverse and the forward reaction

Advantages of Ni-Ti-Hf over Ni-Ti-Zr are:

— the higher transformation temperatures for the same third element content

— the lower oxygen content of commercially available Hf as compared to Zr

— the lower affinity for O of Hf as compared to Zr

— a larger temperature range for hot working due to the slightly higher peritectic and
melting point.

(Ni-X)s0 Ti 5 alloys (X = Pt, Pd, Au, Rh)

Similar to NiTi alloys of compositions near AuTi, PdTi, PtTi have an ordered

CsCL-type structure (B2), that transforms into a B19-martensite. The main difference
between NiTi and the other alloys is that the latter show this martensitic transformation at
very high temperatures. This was first explored by Donkersloot and Van Vucht [49]. The
high transformation temperatures do not allow.
NiTi on one hand and TiAu, TiPt, TiPd and TiRh on the other hand are mutually
soluble. Fig. 2 gives the Ms-temperature as function of the atomic fraction Pd, Pt or
Au for a (Ni-X)sTis, alloys. The continuous curve is calculated based on the
model from Huisman-Kleinherenbrink while the dots are experimental
values [50].

It must be observed that replacement of Pd, Pt or Au leads initially to a lowering of the
transformation temperatures. According to the definition given in the introduction, more
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than 20 at% is required to obtain a significant raise of the transformation temperatures. As
a consequence, those materials become very expensive.

Most attention has so far been given to the TiNi-TiPd system, the microstructure has
been studied in detail, attempts have been given to improve the ductility by B-addition.
Fromthe result presented by G o1 b e r get al. [51], it can be concluded that Tis,Pds., alloys
might become interesting candidates as HTSMA. Conditions to obtain full recovery of 2%
deformation could be obtained and also the recovery rates for higher strains are very good.
However, significant information on long term stability, cycling effects, two way-memory
effect, pseudoelasticity is still missing. Moreover, further research can also include the
investigation of alloys in which the Ti content deviates (slightly) from 50 at%.

NiTiPd NiTiPt NiTiAu
(ASW) (ASW) (ASW)
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800
800 1200 0.71
700 0.71 ~ 1000 Too
X X ¥ 600 0.29
600 200
] ] o
= b3 S 800
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400 M
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400 400 300 ¢
300 200 200
00 01 02 03 04 0 00 01 02 03 04 08 00 01 02 03 04 05
at. fraction Pd at. fraction Pt at. fraction Au

Fig. 2. Fits of calculated Ms-X curves on emperical data for (Ni-X)TiX alloys [50]

3.4. Zr-based intermetallic

CuZr, Zr,CuCO, Zr,CuNi have received recently the attention as potential high
temperature shape memory alloys.
While the binary intermetallic CuZr alloy (Ms = 170°C, As = 250°C) s very brittle and with
changing transformation temperatures during cycling through the martensitic transfor-
mation, a slight improvement in ductility could be obtained by adding Ti or Ni [52, 53, 54].

More promising, however, are the Zr,CuCo and Zr,CuNi intermetallic alloys [55]. The
martensitic transformation in Zr,CuCo is considered as thermoelastic and allows full shape
memory recovery for small applied strains, while Zr,CuNi transforms in a non-
thermoelastic martensite.

Substituting Co for Ni leads to a mixture of thermo-elastic and non-thermoelastic
martensite (Fig. 3), hampering the full recovery of the applied strain by shape memory
effect. However, a recovery rate of more than 80 % can still be obtained.
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The substitution of Cu by Ni in Zr,CuCo increases significantly the transformation
temperature M, from 250°C up to 800°C (Fig. 4).
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Fig. 4. Martensitic transformation temperatures as a function of the Ni content for the Zr,CuNi-Zr,CuCo
quasibinary cross-section [55]

4. Applications of shape memory alloys

The diversity of (potential) shape memory applications using shape memory alloys
becomes quite large. Success for applications can only be realised in so far those materials
offer also a price-competitive advantage relative to other functional materials or
mechanical designs.

In spite of the hearty welcome to shape memory alloys, it took about 25 years before
SMA, a discovery of the 1960s, became a well-known and established functional material.
The real breakthrough could be realised by functional applications into medical technology.
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But also on the non-medical sector a wide variety of types of applications exist at present. In
this paragraph we will only review very briefly those applications. More detailed
information can be found in the given references.

Medical applications [56, 571

A first big advantage is that NiTi is very biocompatible in spite of the high Ni-content.
The reason for this property is a stable Ti,O layer at the outer surface.

The property most applied is the superelastic effect. This effect results in a unique
combinations of high strength, high stiffness and high pliability. No other material can offer
this combination of properties. The temperature dependent character of the superelastic
effect, which is disadvantageous in many other application areas, is of less importance in the
biomedical field because of the stable temperature of the human body. The concept of
a biocompatible metallic material with an extreme elasticity and nearly constant stress
levels over a large strain area offers therefore many possibilities in different medical areas
such a orthodontic devices (archwires, compression and tension springs, brackets,), stents
for intravascular scaffolding (especially selfexpandable stents from a catheter so that
balloon dilatation is not required,..), rods for scoliosis treatments, miniature bone anchors,
endoscopic instruments for minimal invasive surgery (scissors, graspers, ), guidewires,
Apart from the superelastic effect , also the shape meory effect is used in constained
condition or as actuator, i.e. in orthodontics (root implants), orthopaedics (intramedullary
fixation nails, locking rings for the fixation of liners in the cups of hip prostheses,
osteosynthesis bone staples, external distraction devices) or in devices such as self-locking
instruments that can not be reused without sterelisation, microactuators for Braille systems
or implantable microvalves, vena cava filters to filter embolized blood clots in the vena
cava vein,.

SMA have really offered unique opportunities in medical technology. As a consequence the
medical applications gain far more interest than the non-medical applications.

Non-medical application [58]

The variety of SMA non-medical applications is quite large. In the area of Fashion,
decoration and gadgets one can find some of the most successful applications: eye glass
frames, frames for brassires and antennas for potable cellular telephones. All tree
applications use the superelastic effect. Minor quantities are used in shoes, clothing, lamp
shades, toys and even artistic (dynamic) sculptures.

In a more industrial environment couplings and fasteners play an important role.
In those applications one makes use of the force created by a deformed SMA
element (ring, wire, torsion bar,..) during constrained recovery. Special cases can
be found in the aerospace industry for locking-unlocking mechanisms for antennas,
satellites or other parts.

Since SMA can also perform work, the area of actuators is quite explored. Nevertheless
itis now evident now that SMA can be mainly if not only successful for micro-actuators due
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to their high work per weight (or volume) output, but with a very low thermal efficiency
(less than 1%).

A new field of application can be found in adaptive materials and hybrid composites
(smart materials). In those hybrid composites the SMA play the role of sensor or actuator
through a control system.

The high damping capacity receives a lot of attention in machinery, sports equipment and
especially in civil engineering where devices are developed in order to protect buildings or
bridges against seismic activity.

Finally an increasing interest exist for wear applications. It has been shown that NiTi are
extremely wear-resistant. The main problem is the price of the material and the difficulty in
welding or cladding this material to other construction materials.

5. Conclusions

Some intermetallic B2-ordered materials have created a new field of functional
materials with exceptional properties. The specific temperature and strain response of those
materials related to a thermoelastic martensitic transformation created a market with
a present value of several billion dollar which is strongly increasing. It is a challenge for
material scientist to identify new systems or improved systems and for designers to make
optimal use of the thermal and mechanical response of those materials.
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PROCESSING AND SYNTHESIS OF SHAPE MEMORY ALLOYS

WYTWARZANIE I SYNTEZA STOPOW WYKAZUJACYCH EFEKT PAMIECI KSZTAETU

A survey of the main preparation and processing routes of shape memory alloys is
presented. Some of the basic requirements for SMA’s synthesis are declined and different
methods and techniques are described, namely: melting and casting of SMA’ ingots; how
they have to be thermo-mechanically processed to be shaped in final products demonstrat-
ing adequate functional shape memory or superelastic properties, single crystal growing,
the powder metallurgy route, synthesis of thin films, and eventually rapid solidification
techniques to produce semi-finite products directly from the melt. Each synthesis method is
developed with respect to peculiarities of each technique (describing difficulties and limits)
and as-prepared materials.

Keywords: processing, casting, shape memory alloys, thin films, single crystal, rapid
solidification, powder metallurgy.

Praca zawiera przeglad giéwnych metod przygotowania i wytwarzania stopéw wyka-
zujacych efekt pamigci ksztaltu. Przedstawiono podstawowe wymagania dla przeprowadze-
nia syntezy powyzszych stopéw oraz metody ich wytwarzania. Szerzej oméwiono sposéb
przetapiania i odlewania wlewkéw ze stopéw z pamiecia ksztaltu, wskazujac na proce-
sy cieplno-mechaniczne ktére powinny by¢ zastosowane w celu nadania finalnego ksztaitu
produktom wykazujacym odpowiednie funkcjonalne wlasno$ci zwigzane zaréwno z efektem
pamigci ksztaltu jak i super sprezysto$ciag. Oméwiono réwniez metody hodowania mono-
krysztaléw, metalurgii proszkéw, syntezy cienkich warstw oraz niektére techniki szybkiego
chlodzenia pozwalajace na wytwarzanie p6twyrobéw bezposrednio z cieczy. Metody syntezy
stopéw z pamigcig ksztaftu opisano w odniesieniu do specyfiki ich wytwarzania (przedsta-
wiono trudnoSci i ograniczenia) jak réwniez postaci uzyskanego materialu.

1. Introduction

Shape Memory Alloys are materials and consequently they can be prepared as
any other metallic alloys, solidified from the liquid state at different cooling rates

*
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(conventional casting and fast quenching), by pressing and sintering powders, or by
thin film physical or chemical vapour deposition. Meanwhile due to their structural
characteristics, including the possible formation of thermally induced thermal marten-
sitic transformations, special attention has to be paid to the control of the process.
Adequate and precise transformation temperatures, chemical homogeneity of the mas-
ter ingot, microstructural features compatible with suitable mechanical characteris-
tics, and a good surface quality are the key-issues to reach the commercial produc-
tion.

Transformation temperatures and functional properties are sensitive on the one
hand to the extremely small variation of the chemical composition, and on the oth-
er hand to the thermal history and microstructure of the as-received products [1].
Consequently, there are still some technological challenges in the melting and pro-
cessing with regard to the precise control of the chemical composition, and the
choice of thermo-mechanical treatments (hot & cold-working). For instance 1% Ni
shift (in Nitinol) results in about 100K changes in martensite (Ms) temperature.
Shifts from the nominal composition come from contaminant elements in raw ma-
terials, highly reactive components of the alloy (such Ti, Zr, Hf, Mn..), the melting
process itself by contamination from the crucible materials such as graphite, alu-
mina, magnesia, also the surrounding atmosphere-oxygen, and finally the presence
of chemical heterogeneities (precipitations). Thermal and mechanical post-treatments
are indispensable to overcome the poor ductility of as-cast materials and to recover
the superelasticity and SM effects. In conclusion the main preparation requirements
are:

Accurate chemical composition (+0.1%)

Chemical homogeneity of the ingot section

Atmosphere control (specially with Ti containing alloys)

To avoid chemical contamination of the melt: inert crucible, protective coating,
water-cooled earth or jacket...

e Relatively high cooling rate to avoid large chemical segregations

2. Melting and casting of ingots

The following principal technological methods to produce SMA’s ingots are:

e Arc remelting (consumable electrode) — Vacuum Arc Remelting (VAR): Vacu-
um arc remelting with a cooled copper crucible, Vacuum arc skull remelting,
with a mould (graphite, copper) and consumable /non-consumable electrode.

e Induction melting: Vacuum induction melting (VIM) with a graphite or calcia
(Ca0) mould, Vacuum induction melting with a copper water-cooled mould.

e Other techniques also used at experimental scale: Electron beam melting (EBM),
Plasma melting with a cooled copper hearth, Electric furnace (SiC resistance
for example) with graphite mould, Continuous casting with a electric furnace
(SiC-Kanthal), Ohno Continuing Casting process.
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Graphite or calcia crucibles for NiTi based alloys are preferred because alumina
and magnesia contaminate the melt with oxygen. Meanwhile it is worth to notice
that VIM in graphite crucibles can cause the contamination of the melt with carbon.
Consequently, when using a graphite crucible, a precise control of the temperature is
necessary (1450°C for NiTi) in order to avoid the formation of carbides, which leads
to only 200 to 500 ppm of C in the ingot [2].

VAR requires multiple melting stages to achieve acceptable homogeneity, because
a small molten volume is formed at one time inside the “skull”, added to the solidifying
layer causing a heterogeneity of the ingot. On the contrary VIM allows to easily produce
more homogeneous ingots. For instance Mateks C° (Russia) can melt 60 kg in VIM
furnaces with high density graphite moulds, under 10~ Torr vacuum, in one melting
stage; oxygen content is < 0.08% -H 0.04% - N 0.01% - C 0.035% (wt%) [3].

Copper based SMA’s can easily be melted in graphite mould under an inert atmo-
sphere (nitrogen or argon) by induction melting, arc melting or in an electrical furnace
[4]. Continuous casting has also been tried out to produce, at a speed of 1to 2 mm/s,
rods or sheets of Cu-Al-Ni based SMA’s with a electrical furnace (SiC-Kanthal heating
elements). EBM, at the laboratory scale (350g alloy melted), has been employed as
an alternative process for the production of NiTi SMA’s, using a water-cooled cop-
per hearth, which eliminates contamination problems by oxygen (vacuum better than
1072 Pa) and carbon [5]. Homogenization treatment of ingots are carried out under
vacuum or inert atmosphere for several hours.

3. Thermo-mechanical processing

As-cast SMA’s ingots show rather poor mechanical characteristics with regard to
forming (lack of ductility, fatigue resistance). They often do not exhibit superelastic and
shape memory effects. The microstructure has to be refined by additional cold and hot
deformation processes for instance: Hot forging—deformation of cast alloy—wrought
structure [2,3,6]. Plastic deformation ensures the shape of semi-products, such as ex-
trusion (hydroextrusion between 850-950°C for NiTi), thereafter hot rolling: rolling
mill with grooved rollers or helical rolling (pressure treatment under conditions of
Hydrostatic Pressing), which allows round shaped semi- products, bars of different
diameters. Shaping by Injection moulding has also been performed from NiTi sintered
prealloyed powders mixed with an organic binder [7].

Temperature of hot working has to be determined precisely: for instance tensile
strength of NiTi alloy Nitinol decreases above 600°C, and optimal temperature has
been determined close to 1073 K. The formation of the product structure with ade-
quate superelastic or SME properties often requires final treatment stages, combination
of cold working with annealing and ageing at specific temperatures, according to the
alloy composition and researched functional properties: for instance drawing (obtain-
ing of wires, tubes) over a deformable or non-deformable mandrel, rotation forging.
Semi-products as bars @ 1.5 to 15 mm, wires @ 0.15 to 2.5 mm (NiTi) can be processed
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like this. It is worth to notice that they are more difficult stages because of the work
hardening of the alloys. A last annealing will enable to remove the internal stress
produced during hot/cold working.

The semi-products and products have to finally be cleaned, removing the oxide
layer by grinding, acid pickling or electropolishing to improve corrosion resistance
or biocompatibility. Moreover electropolishing removes micro-cracks and the heated
affected zone. In conclusion thermo-mechanical stages are decisive for obtaining the
SM or/and superelastic response for the special application.

4. Single crystals growth

Fundamental investigations require the making of single crystals. For instance the
measurement of the elastic constant of alloys demonstrating a martensitic transforma-
tion is of great importance in providing information to help to understand the nucleation
and growth processes of martensite phases, and data for modelling. Moreover, single
crystal materials demonstrate, when choosing the optimal crystallographic orientation,
larger strain and stress values, and subsequently they can be used to create new SM
actuators generating large forces and torques [8].

The good knowledge of the equilibrium phase diagram of the system is desirable
for the right choice of the method. A single-phase domain and congruent melting at
the chosen composition are favourable conditions for growing from the melt.

Preparation of the ingot is regularly performed by arc or induction melting of
the components followed by casting in a copper water-cooled mould. A subsequent
annealing to finalize the chemical homogeneity of the polycrystal is carried on with
additional thermo-mechanical treatment when necessary, such as forging which has
been used for NiTi (hot-forged at 850°C) [9].

The Bridgman technique is the most commonly used method to produce single
crystals of Ni-Ti and Ni-Mn-Ga alloys [9,10,11]. The master ingot, contained in a
non-reactive crucible, is placed into a specially designed furnace (induction melting
or graphite resistance). The growing of a single grain is obtained by translation of the
melting zone into a temperature gradient at a control velocity. The crucible is chosen
the less chemically reactive with the molten alloy at the desired temperature, and is
made from a refractory material such as alumina, calcia, magnesia or graphite, boron
nitride. The crucible is shaped to generate a single grain at its bottom or to place a
seed when available. Cu-Al- Mn bicrystals have successfully been prepared by using
a specially designed two compartments crucible to generate two grains [12].

A containerless method, the vertical Floating Zone method, using an Image Fur-
nace or induction heating with a specially designed coil, has been employed to grow
FesPt and Fe-31.2Pd (at%) single crystals [13].

The encountered difficulties are the reactivity of the melt, side reactions with the
crucible, high vapour tension of the melt, not getting a full or near congruent melting
at the chosen composition. The main parameters are the choice of the crucible, the melt
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temperature control, the translation speed control, and the choice of the atmosphere
(vacuum, argon...).

Control and orientation of the single crystal grains are thereafter carried on by
Laue Back Reflection method.

5. Powder metallurgy (PM)

Near net shape fabrication routes, on an industrial scale, have gained considerable
interest throughout the last decade because an easier achievement of complex shapes,
with minimal post- machining treatments can be reached and in consequence cost
saving is possible. The other main reason is, as we mentioned above, that most of SMA'’s
suffer from poor workability. PM routes avoid difficulties associated with casting like
segregations of alloying elements and extensive grain growth. Other advantages include
a precise control of the chemical composition and permit introduction of second phases
(hard particles which can increase stiffness for instance) to form a composite. It can
sometimes decrease the density of the resultant material.

Pre-alloyed powders or mixture of elemental powders are prepared by gas atomiza-
tion (giving the best quality-size distribution) or other techniques such the electro-ex-
plosion of wire (EEW) process. This latest technique results in a high quenching rate
and the synthesis of nano-sized particles [14]. Blending (for instance in a turbular
mixer) for several hours is the second and quite sensitive step. The mixtures are filled
in stainless steel cans. In the case of NiTi alloys a Nickel foil can be added to avoid a
side reaction and evacuated before welding the top of the can.

Pre-compaction by uniaxial pressing or Cold Isostatic Pressing (CIP) of powders
is carried out to reach a partial density (around 65%), followed by sintering of the
green powder.

Hot Isostatic Pressing (HIP) has also been employed to prepare NiTi alloys [7,15],
on the one hand from elemental powders without pre-compaction, at 195 MPa, and
900°C during 5 hours, or on the other hand from pre-alloyed powders directly in
evacuated and welded stainless steel cans (@18 x 100 mm) in the range 915-1065°C,
according to the Ni content, at 100 MPa for 3 hours [7]. Johansen et al have also
synthesized NiTi composites from pre-alloyed 70 pm average size NiTi and 10-15
um TiC particles, in steel cans (Ni foil cladded), first mechanically pressed (uniaxial
compressive stress 14 MPa) prior to welding, and then HIPing at 102 Mpa and 1065°C
for 3 hours. An increase of Oxygen content (max 1400 ppm) and a small reduction
Ni/Ti ratio due to solid reactions have been noticed. A good distribution of the particles
TiC in the matrix has been observed [15].

One can conclude from different studies that the performances of PM applied to
SMA’s match those of alloys produced by the conventional ingot metallurgy processing
routes.
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6. Thin films

The development of SMA’s thin films, especially TiNi base alloys, has been mainly
proposed in the field of micromachines. Some results show that classical micromachines
processing are applicable for making microstructures with silicon substrates and Ti-Ni
thin films. Several types of techniques have been applied to make films with thickness
less than 10 wm such Sputter deposition, Vacuum vapour deposition, Laser ablation
etc. [16,17].

PVD sputtering is the major method used to achieve, since the 90’s, perfect SME
in thin films such as Ni-Ti, Ni-Ti-x (x = Cu, Pd, Hf) alloys. One great advantage,
compared to bulk material, is the easier removal of heat that increases the response
of SMA’s. Fabrication methods have to improve the quality of sputter-deposited films
that contain micro-defects, and others defaults such as oxygen and hydrogen content
responsible for the brittleness.

Films SM characteristics depend on the alloys composition, the annealing temper-
ature, the ageing temperature and time, and obviously the sputtering conditions. Radio
frequency (r.f.) conventional diode or magnetron sputtering methods are commonly
employed to produce films 0.5 to 10 um thick demonstrating SME. The general pro-
cess consists in argon ions that are accelerated into a target to sputter atoms (Ni, Ti...)
which are deposited onto a substrate (made of copper or silicon for instance) to form
the film. Depending on the sputtering yield (number of atoms sputtered per Ar ion)
for each element, pure elemental chips, as complementary targets, have to be used to
control the content of each component of the alloy.

Several parameters are in control of the process, typically the distance between
the substrate and the target (30 to 50 mm), the r.f. power (typically 600 W)-self-bias
voltage, the argon gas pressure, the substrate temperature, the alloy composition of the
target, the substrate material (coated or not glass, silicon, copper..), and the substrate
surface roughness.

A too low Ar pressure is responsible for a featureless structure. On the contrary a
high Ar pressure favours a columnar structure (porous film). The inclination angle of
targets is another parameter which has been found to be responsible of the brittleness
or toughness of heat-treated NiTi films [18]. As-sputtered Ni-Ti films are amorphous
if the substrate is not heated. After removal of the film from the substrate, a heat
treatment under inert atmosphere (500° or 700°C for NiTi) is carried out to recover
SM properties [18].

T. Lehnert et al have prepared Ni-Ti films based on sputter-deposited multilay-
ers which consisted of individual Ni and Ti layers, that demonstrate a martensitic
transformation and SME [19]. For this experiment they used an automated Leybold
Z600 sputtering system with a DC magnetron, with pure Ar at 0.13 Pa and @ 50 cm
substrates (glass covered with a photoresist or Si). After thermal treatments, the grain
structure of the film is relatively homogeneous with some regions richer in precipitates
(Ti,Ni type), which transform at different temperatures.
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7. Rapid solidification

Technologies producing near net shaped alloys receive a lot of attention because
with such direct preparation methods, it is not only possible to make savings in reducing
the number of further processing stages, but also to obtain new material properties.
Such methods indeed create a unique opportunity for manufacturing small-sized actu-
ators, micro-switches or implants for the human body. This can be achieved directly
from the molten state, with a higher rate of solidification (cooling rates going from
10° to 107 K/s) than in conventional ingot casting. Rapid solidification techniques
are means to enlarge the range of applications of SMA’s. Rapid solidification intro-
duces structural and microstructural differences as compared to the bulk material, the
best-known example is the reduction of grain size, which can decrease brittleness,
but also has been found to lower the transformation temperatures. According to the
alloy composition, the as spun-ribbons can be in a fully or partially amorphous state.
That leads to a more ductile material and facilitates the forming in the undercooled
region (Tx-Tg, with Tg the vitreous transition and Tx the crystallization onset tempera-
ture) [20]. Then appropriate thermal treatments allow the recovering of SM properties.
High cooling rates also reduce chemical segregation and an important precision on the
chemical composition can be reached (+0.1 at%), as well as an improvement of the
chemical homogeneity of the product. The possibility of obtaining nano-sized grains
and a disordered state can largely affect characteristics of alloys demonstrating a double
ferro-magnetic/ SM effect [21].

Rapid Solidification techniques (RS) applied to SMA’s, due to the numerous op-
erational parameters of the processes, the structural and microstructural complexity of
the resulting materials, still require more fundamental investigations. Only a narrow
set of values for these parameters (which have to be determined for each specie of
alloys), allows to obtain suitable products for potential applications. We present here
the Planar Flow Casting technique, a variant of the Chill Block Melt Spinning (CBMS)
technique, which permits to produce thin ribbons (20-80 um thick), that has generated
numerous works. We also introduce two other methods allowing the preparation of thin
sheets of SMA’ (Twin Roll Casting TRC) and a more uncommon one, the In Rotating
Water Melt Spinning technique (INROWASP), which allowed us to prepare round thin
wires (@100-200 um) of Cu based SMA’s, directly from the melt.

7.1. Planar Flow Casting

Rapid solidification on a rotating drum proceeds through a liquid puddle on the
hard surface, that is next dragged away forming a stationary liquid-solid interface at
the origin of a thin tape, a few tenths micrometers thick, fully solidified at a very
high cooling rate (10° to 10° Ks!). In this method, the small gap between the wheel
and crucible is maintained so that the upper surface of the melt puddle is constrained
by the nozzle; the stability of the flow is higher due to this small gap (< 1 mm).
A master alloy ingot is placed in a nozzle and induction-melted. Nozzles (made of
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quartz or boron nitride) with a narrow slit allow the solidification of ribbons with
a larger width than in CBMS. The nozzle is pressurised with argon and the melt
ejected on the rotating substrate. Some authors, in the case of Fe-Pd SMA’s, have used
electromagnetic levitation to induction- melt the ingots, to avoid any contact with a
container [22]. In this case, the ingot is a rotating feeding rod that is translated at a
adjusted speed into a special conic coil to melt the tip. The molten tip regularly wets the
rotating substrate forming a puddle that solidifies. Linear speed, according to the wheel
diameter varies from 5 to 50 m/s. Numerous variables of the process, responsible for
the heat transfer on the substrate, influence the structure, microstructure and surface
quality of ribbons: the wheel velocity, the viscosity of the melt (depending on the
superheating of the melt), the melt flow (directly related to the nozzle slot width and
the ejection overpressure). Secondary parameters also participate in the achievement
of the most appropriate casting conditions. Some are related to the adhesion of the
solidified tape on the rotating substrate to provide the best heat removal and to improve
the surface quality of the ribbon. They depend on the wheel (material, diameter, surface
roughness), the distance between the nozzle tip and the substrate, the surrounding
atmosphere (secondary cooling) [23].

Another important structural feature of rapidly quenched tapes is their texture. It
exhibits a certain degree of tilting between the crystallographic direction in columnar
grains and the ribbon’s normal against or toward the spinning direction [24].There are
numerous publications that concern rapidly solidified ribbons of Cu-based alloys and
less devoted to Ni-Ti based alloys. The main references can be found in [23]. Some
recent examples on the relation between the quenching rate, the resulting microstructure
and SME, are described in {25] on Cu base alloys, [26,27] on Ni-Ti-Hf based alloys,
[28,29] on Ni-Ti-Cu based alloys, [21] on Ni-Mn-Ga, and [30] on Ni-Al alloys. SMA
ribbons can find application in numerous fields as thermosensitive devices [31].

7.2. Twin Roll Casting (TRC)

TRC combines solidification of a liquid layer on the rotating substrates (copper
rolls) and hot rolling of the solidified shell into a single operation producing a thin metal
strip directly coilable. Hard to roll materials as Cu-based and Ni-Ti-Hf SMA’s, are good
candidates for this method of preparation of semi-finite products. Cuge—xNixAl;3Ti;
(Wt%, X = 4.5-5.5), Cung113‘4Ni4Tio_4Cro_2 (Wt%), NiTi, NizsCllstiso, Ni50Ti42Hfg
(at%) strips (250-500 pm thick) have been prepared like that [32,33]. The foil forma-
tion is complex and controlled by the interaction of both fluid and heat flows. The
casting speed, which is equal to the tangential velocity of the rotating drums, was
chosen in the range 0.5- 0.9 m/s. It is worth to notice that this value is much higher
than a conventional casting speed (0.017- 0.03 m/s). The “solidification end point”
corresponding to the lower limit of the solid-liquid interface in the nip between the
two rolls, has been observed as a determinant parameter of the process, controlling
the rolling ratio. Heterogeneity of the microstructure has been observed along the
width but also in the thickness of the stripes. Each half-part of the sheets present an
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ingot-like solidification microstructure with a wide “basaltic” zone. The transforma-
tion temperatures are close to the bulk corresponding material [34]. This complicate
microstructure has particularly been investigated in Ni-Ti-Hf thin sheets, showing the
chemical and structural homogeneity of the strips along their length but not along their
width [35]. Twin rolled casting produces materials with reproducible SM properties,
and mechanical properties which are still under investigation.

7.3. Production of round thin wires directly from the melt

Thin cylindrical (2100-250um) have been prepared, directly from the liquid state,
using the In Rotating Water Melt Spinning technique (INROWASP). Promising results
have been obtained for Cu-Al-Ni and Cu-Al-Ni-(Ti-Cr) SM alloys. As for other RS
techniques, only a narrow set of values of the process parameters permitted the syn-
thesis of “no-defects wires”. Acoustoplastic post- treatment has been applied to the
as-cast wires reducing the surface irregularities [36]. As for RS ribbons, transforma-
tion temperatures are depressed compared to the bulk material, but ageing at moderate
temperature (250°C) reduces the temperature shift. The wires exhibit superelasticity
as well as SM properties for uniaxial elongation and bending[37]. Microstructural
investigations of the thin wires (TEM) are in progress.

8. Concluding remarks

Shape memory materials are not very different regarding preparation methods from
other intermetallic alloys. Their relative lack of ductility and the high dependence of
the transformation temperatures on the chemical composition, impose strict require-
ments as it concerns a choice of the methods and care in processing. Carefully design
thermo-mechanical and surface post-treatments are necessary to obtain shape memory
effect in required strain and temperature range.
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MICROMECHANICAL MODELLING OF STRESS-INDUCED PHASE TRANSITION

IN SHAPE MEMORY ALLOYS

MICRO-MECHANICZNY MODEL PRZEMIANY MARTENZYTYCZNE] AKTYWOWANE]

NAPREZENIEM W STOPACH WYKAZUJACYCH EFEKT PAMIECI KSZTAETU

A micro-mechanical model of stress-induced martensitic transformation in shape mem-
ory alloys is presented. A laminated microstructure of austenite and martensite phases is
assumed along with a time-independent thermodynamic criterion for phase transformation.
In numerical examples, the pseudoelastic behaviour of single crystals of CuZnAl and CuAINi
shape memory alloys is investigated. Several aspects are examined, including the effects of
the loading direction, external constraints, detwinning, and instability of macroscopically
uniform transformation.

W pracy przedstawiono mikro-mechaniczny model przemiany martenzytycznej akty-
wowanej naprezeniem w stopach z pamiecig ksztaltu. Mikrostruktura faz austenitu i mar-
tenzytu posiada plytkowy charakter zgodnie z niezaleznym od czasu kryterium termodyna-
micznym przemiany fazowej. Na przykiadzie numerycznych obliczen przedstawiono analize
zjawiska pseudosprezysto$ci monokrysztatéw ze stopéw CuZnAl i CuAINi wykazujacych
efekt pamigci ksztaitu. Zbadano kilka aspektéw zjawiska zawierajacych m.in. efekty kierun-
ku obciazenia, ekstremalnych ograniczen, zanikanie bliZniakéw i niestabilno$¢ makrosko-
powo jednorodnej przemiany.

1. Introduction

Shape memory alloys at a temperature high enough to ensure stability of the
austenitic phase at zero stress, upon loading undergo stress-induced martensitic trans-
formation. As commonly observed in experiments, the transformation proceeds by the
formation and growth of martensitic plates within the austenite matrix. Upon unloading,
the martensite is transformed back to austenite, which corresponds to pseudoelastic (or
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Fig. 1. An example of a multi-scale modeling scheme

superelastic) behaviour of the material with a characteristic hysteresis loop on the
stress-strain diagram, cf. e.g., [6].

In this paper, a micromechanical model is presented which provides a link be-
tween the structure and mechanical properties of shape memory materials at different
scales of observation. One of the main objectives of micromechanics is to predict
and explain the macroscopic behaviour in terms of the material microstructure and
properties at a micro-scale where physical mechanisms of deformation are better rec-
ognized. It is natural to apply such approach to shape memory alloys in which the
basic microstructural changes are related to crystal lattice rearrangements. The transi-
tion from transformations of the atomic structure to the behavior of a polycrystalline
specimen is, however, not straightforward and requires consideration of intermediate
levels. This leads to hierarchical, multi-scale micromechanical modeling that involves
sequential transition between more than two different spatial (and also temporal) scales,
Fig. 1.

A representative volume element of a polycrystalline material is used to describe
overall properties of the material at the highest level. The transition to a still larger
scale of a specimen can generally be accompanied by temperature nonuniformity and
instability phenomena influenced by the specimen shape, dimensions and boundary
conditions. Experiments show (e.g. [12, 18]) that the phase transformation process in
polycrystalline specimens can proceed nonuniformly by propagation of transformation
zones. In consequence, mechanical characteristics of the specimen can significantly
differ from those of the material. The respective transition is not discussed in this
paper being restricted to the modeling of the material itself.

The overall isothermal response of a polycrystalline aggregate can be simulated
by using one of the known averaging methods. Several crystal-to-polycrystal transition
schemes, not restricted to uniaxial models, have been applied to shape memory alloys,
e.g. a self-consistent model [7], a layered model for textured polycrystals [14], a uniform
strain model, and finite element discretization [19], to mention just a few examples.
It is beyond the scope of this paper to discuss polycrystal models in more detail.
For the present work it is only essential that effective methods exist for simulating a
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macroscopic response of a polycrystalline material starting from a model of a single
crystal behavior.

This paper deals with the micromechanical modeling of a single crystal of a shape
memory alloy undergoing stress-induced martensitic transformation at a given temper-
ature. The analysis is restricted here to the multi-scale transition between the last three
(or sometimes four) levels indicated in Fig. 1, starting from the crystallographic lattice
transformations. The main assumption is that of a laminated microstructure within
the crystal when the martensitic transformation is stress-induced; a similar concept has
appeared earlier, e.g. in [10]. This assumption is motivated by the existing experimental
evidence and simplifies considerably the description of mechanical interactions between
the phases. The basic step of the analysis reduces to the micro-macro transition for a
rank-one laminate, described in detail in [16], with due account for moving interfaces
and differences in elastic anisotropy of the constituents. In this paper, some novel
applications of the model developed by the authors in [16] are presented.

2. Micro-macro transition for evolving microstructures

2.1. Preliminaries

For simplicity, the considerations below are limited to the small deformation the-
ory, although extensions to finite deformations are possible, cf. [8]. The macroscopic
strain and stress in a volume V, distinguished from a local strain & and stress o by a
superimposed bar, are given by the standard formulas

& =(g), o= (o), (-)E%f(-)dV. (¢))

Analogously, ¢ = (¢) is the macroscopic counterpart to the local Helmholtz free energy
per unit volume, assuming temperature uniformity and no interface energy.

Sudden formation of a thin transformed layer within V corresponds to small
changes in & and/or & accompanied by a substantial jump Ag in local strain, and
possibly also by a jump Ao in local stress. When the process of phase transformation
is smoothed out in time then small changes in & and &, divided by a small time
increment, are interpreted as forward rates, & and &. Similarly, the transformed layer
thickness is represented by its forward rate § > O interpreted as the speed of a regu-
larized transformation front. The local jumps A(-) = ()~ — (-)* from the parent (+) to
product () phases do not admit such a rate representation. Moreover, their distribution
within an internally laminated plate is not smooth. Due to the existing irregularities,
€ and & are to be calculated by applying the transport theorem in an extended form
[8], which yields

§=(é)+-l—fA8.§dS, 5‘=<d‘)+lfA0's'dS. 2)
Vs Vs
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Here, S denotes the set of all interfaces, and the prefix A denotes the forward jump
with respect to fime in a local variable on §, averaged over the layer thickness. Note
that at an initial instant of phase transformation, spatial jumps are not yet present.

The continuity of displacements and equilibrium of stresses, assumed throughout
the paper, imply

Ag = 3(c®n+n®c), Aon=0, ?3)

where ® denotes the tensor product, n is a unit normal to S and c is a vector such that
sc is the velocity jump across S. The local thermodynamic driving force, per unit area
of the phase transformation front, has the familiar form

f=0-Ag~A¢, @)

where the stress o can be taken from any side of the front. Accordingly, the intrinsic
dissipation rate due to the transformation is expressed by

z‘)‘=fsz‘>‘ds, D'=fs>0. )

2.2. Basic microstructure

In accord with experimental observations, the stress-induced martensitic transfor-
mation in a single crystal of a shape memory alloy proceeds by the formation of parallel
martensitic plates within an austenite matrix. Typically, a martensite plate can either
involve only one crystallographic variant of martensite (usually with internal stacking
faults) or be a fine mixture of two twin-related martensite variants. The corresponding
microstructure is thus a rank-one laminate in the former case and a rank-two laminate
in the later case. <

Fig. 2. A schematic view of a periodic microstructure formed by internally twinned martensite plates
within austenite matrix (A — austenite, M;, M; — martensite variants)

A single crystal of austenite may transform to several variants of martensite, in-
dexed by I, with known transformation strain s}. Following [16}, consider the mi-
crostructure associated with the formation of internally twinned martensite plates as



769

shown in Fig. 2. The microstructural parameters can be determined, in the first ap-
proximation, from the crystallographic theory of martensitic transformation [20, 1],
which can be adopted in the geometrically linear framework for small strains [2]. In
this theory, compatibility between the homogenized phases is assumed to hold at zero
stress. In the small strain format, this leads to the twinning equation

s}—s‘,=%(a®l+l®a) (6)
with the unit vector I normal to the twin interface and a non-zero vector a as the
unknowns, and the habit plane equation

g'=1bem+maeb) €)

with the unknowns m and b denoting, respectively, the unit vector normal to the
austenite-martensite interface and a non-zero vector (shape strain). The effective trans-
formation strain &' in an internally twinned martensitic plate reads

g = 2g; + (1 - e} (8)

where A denotes the (unknown) volume fraction of variant / in the plate. In turn, for
an untwinned plate of martensite variant / with internal faults, where equation (6) does
not apply, we have

1
g = 8} + kst(S] ®n; +n; ®sy) )

where kg is the (unknown) magnitude of shear due to stacking faults, and n; and s;
are known unit vectors normal to the shear plane and parallel to the shear direction,
respectively.

By solving the above algebraic equations with respect to the unknowns, we obtain
geometric characteristics of N distinct martensitic plates, indexed by @ = 1,...,N.
Subsequently, depending on the loading program, the preferred martensitic plates are
selected by applying the transformation criterion, to be discussed in subsection 2.4.
However, if detwinning within the twinned martensite plates during stress-induced
transformation is accounted for then the twin fraction A is not constant and transfor-
mation strain compatibility (7) no longer holds at zero stress. Consequences of this are
indicated in subsection (3.2) and examined in more detail in [17].

Mechanical properties of each constituent at the micro-level are defined by the
free energy functions for austenite (¢,) and for /-th martensite variant (¢;), assumed
in the form

¢a = do+ 36 -Lag, 65 = o+ Ay + (e - &) - Ly(e - &), (10)

where ¢q is the Helmholtz free energy density for austenite at zero stress at a given
temperature, A*™ ¢y is the temperature-dependent free energy jump due to martensitic
transformation, taken at zero stress, while the quadratic terms represent the elastic
energy due to non-zero local stresses in the phases.
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2.3. Constitutive micro-macro transition for laminates

Laminated microstructures in shape memory alloys are particularly convenient
from the point of view of micromechanical modelling since the micro-macro rela-
tionships can be derived analytically for these microstructures. The complete set of
equations for two-phase rank-one laminates at small deformation can be found in [16];
for higher-rank laminates of separable scales the equations can be used sequentially.
The derived expression for the bulk contribution to the overall Helmholtz free energy
per unit representative volume of the austenite/martensite laminate as shown in Fig. 2
is

§ = go +n0"go + 30 - M + (1 - ' - Qe', n
where 7 is the total volume fraction of martensite and M is the effective elastic com-
pliance tensor for the laminate. Interfacial energy effects are disregarded here. Under
the assumption (7) of an invariant habit plane at zero stress, the product &' - Q&' in
(11) vanishes. In this case, the related thermodynamic driving force (4) corresponding
to increasing n has been transformed to

f=-0¢/0n =6 & -1o BIM, - My)Bno — A", (12)

with the first right-hand side term known as the Schmid factor and the second term,
quadratic in o, being proportional to the difference between the elastic compliance
tensor M, for austenite and the effective one My, for a martensite plate. Analytic
expressions for Q, M, M,,, B,, B, and further details are available in [16].

The averaged rates of stress and strain in a rank-one laminate are related by

(@)=L, (@=Mg), M=L". (13)

provided no transformation occurs inside the layers.

Evolution of the layered microstructure can most simply be described when the
transformation proceeds only between a fixed ordered pair of (+) and (-) phases treated
as homogeneous. Then, equations (2) reduce to

&= (&) +1n Ae, o =(0)+15 Ao, (14)

where 77~ is the volume fraction of the product phase, and the jumps Ae and Ao
are determined locally by solving (3) on moving interfaces. From (14) and (13) the
plasticity-like macroscopic constitutive rate equations are obtained for a specified (+) —
(~) transformation:
E=Mo+1u, og=Le-1A, (15)
where
A=LAs - Ao =Lyu. (16)

Equations (15) with (16) are valid for a rank-one laminated microstructure indepen-
dently of the adopted criterion of phase transformation.
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2.4. Criterion of phase transformation

The value of 77~ is to be determined from a criterion of phase transition. Neglecting
time-dependence effects, the local criterion for martensitic phase transformation is
assumed in the form (cf. [9])

f‘ﬁ:go, (f—fc).S:ZO, fc>0’ (17)

where f is the thermodynamic driving force (4) and f; is a threshold value related
to the width of a hysteresis loop in a transformation cycle. In the following we take
Jc = const, which is the simplest assumption.

A remarkable consequence [16] is that in the absence of dissipation due to reori-
entation of martensite variants, the intrinsic dissipation D' due to any transformation
in a volume V' is

D =V'f, (18)

separately for forward and reverse transformation. It follows that for a closed transfor-
mation cycle in a given volume V', the area of a hysteresis loop does not depend on
the loading program (e.g. tension or compression, loading direction, etc.).

By using the criterion (17), for a given loading program the preferred martensite
plate is selected for which the respective transformation condition f - f, = 0 is satisfied
first. This defines the parameters of the (+) — (-) transformation that is followed in
subsequent calculations as long as another transformation is preferred by the criterion
am.

From (17) with f, = const after certain rearrangements the following macroscopic
criterion for a specified (+) — (-) transformation is obtained [8, 16]

- =10.850 ifn-<landf=f andd-3>0,
8 (19)

nm =0 otherwise .

In consequence, an increment in the volume fraction 1~ of the product phase is ex-
plicitly related to an increment in the overall strain &, with the help of two quantities,
A defined by (16) and g defined by

g=Ae-LAs, (20)
with g > 0 if the laminate is elastically stable.
Substitution of (19) into (15) yields
o 1= ® L]
o=Lg, L‘=L—-g-,l®/l if 77 > 0 and f; = const, 21

where L! is the overall tangent moduli tensor for a rank-one laminate undergoing
martensitic phase transformation. In multiscale modeling, it can be used as a local
tangent moduli tensor of a higher-level laminate.
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The constitutive framework in the rate form shown above is useful in establishing
qualitative properties of the material behavior. Step-by-step calculations can be per-
formed with the help of analytic expressions for the jumps Ae and Ao on interfaces
and the effective stiffness and compliance tensors L and M, given in the matrix form
in [16] for arbitrary anisotropic linear elastic materials with eigenstrains. The task is
simplified for the transformation between a fixed pair of (+) and (-) phases without
elastic unloading or reverse transition since then the value of 5~ corresponding to the
current & can be found directly from the algebraic condition f = f;. In general, the
volume fractions of the parent and product phases are also dependent on the history
of &, which is associated with the appearance of hysteresis loops.

3. Examples

3.1. Untwinned martensite in CuZnAl

As the first example of application of the model outlined above, consider the
stress-induced cubic-to-monoclinic transformation in a CuZnAl alloy. In this transfor-
mation the cubic austenite of DOj3 structure transforms to the monoclinic martensite
of 18R structure (also called 6M structure). The martensite forms untwinned plates
in which compatibility at the austenite-martensite interface is provided by random
stacking faults (sequence faults) on the basal (101) planes [4, 15].

The material parameters, i.e. the crystallographic lattice parameters and the elastic
constants of single-crystalline austenite and martensite, are taken from the available
literature. Parameters of N = 24 symmetry-related martensitic plates, i.e. the habit
plane normal m, shape strain vector b and shear magnitude due to stacking faults k¢
are calcualted from (7) and (9). Numerical values of all these parameters along with
the relevant references are given in [15]. The actually preferred plate is selected by
using the transformation criterion (17).

Figure 3 shows the isothermal stress-strain diagrams corresponding to loading
and unloading under uniaxial tension and compression (with axial strain control) for
two loading directions specified by vector t relative to the cubic basis of austenite
as indicated in the figure. The calculations have been performed for the value of
chemical energy A*™¢, = 10[MJ/m3] and the critical thermodynamic driving force
fo = 0.5[MJ/m>]. The overall stress-strain diagrams correspond to the formation of a
single family of martensite plates in austenite under loading in two crystallographically
distinct directions, and to the reverse transformation upon unloading. A strong effect of
the crystal anisotropy is visible as the influence of the loading direction on the material
response. However, the area of different hysteresis loops is invariant, in accord with
the formula (18).
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Fig. 3. Overall stress-strain diagrams in uniaxial tension (a) and compression (b) of CuZnAl crystal for
two loading directions

3.2. Twinned martensite in CuAINi

Consider now the case of internally twinned martensite plates. As an example
we take isothermal stress-induced cubic (8;) to orthorhombic (y]) transformation in a
single crystal of a CuAINi shape memory alloy. There are 6 crystallographic variants
of martensite which, according to the theory outlined above, can form N = 96 distinct
martensitic plates.

Three parameters of the transformation strain, three elastic constants for austenite
and nine for martensite are taken from the literature. The temperature-dependent param-
eter A" ¢, and constant f; in (17) have been selected to fit the uniaxial stress-strain data
for tensile specimen A1T1 in [13]. The numerical values of all these experiment-based
parameters and the respective references are provided in [16]; no other material pa-
rameters are required to perform the calculations.

Sample results of small-strain calculations for an isothermal uniaxial tension test
(under axial strain control) are shown in Fig. 4. Similar graphs were recently obtained
in [3] by using another model. The overall stress-strain diagrams correspond to the
formation of a single family (selected by using the transformation criterion (17)) of
internally twinned martensitic plates in austenite under tension in three crystallograph-
ically distinct directions, and to the reverse transformation upon unloading. It must be
noted, however, that the assumption of 8; — ] transformation may not correspond to
reality since other transformation types are also possible in CuAlINi, cf. [5].

The diagrams presented in Figs. 4 and 3 are similar in character. Due to the differ-
ence in elastic properties of the phases, the internal stresses vary as the transformation
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Fig. 4. Overall stress-strain plots in uniaxial tension of CuAINi single crystal undergoing 8; — ¥,
transformation for three loading directions [16]
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Fig. 5. Constrained tension of CuAINi single crystal undergoing 8, — 7| transformation for
t = [0.925,0.380,0.] and s = [-0.380,0.925,0.]. A solid line corresponds to free detwinning and a
dashed line to a fixed twin fraction 4

proceeds with an increasing volume fraction of martensite, although the overall stress
is almost constant (actually slightly decreasing in absolute value).

The results are significantly different if detwinning, i.e. martensite variant rear-
rangement by propagation of twinning planes, is taken into account, which was ruled
out naturally in untwinned martensite and artificially when calculating the diagrams in
Fig. 4. As discussed in [11, 17], detwinning can induce a drop of the overall uniaxial
tensile stress even to zero as austenite diappears.

The detwinning effect can be not so strong, but still significant, in the presence
of kinematic constraints. In the examples discussed above, a crystal could deform
freely under uniaxial loading. This is a highly idealized situation for a grain in a
polycrystal, but also for a specimen whose deformation is constrained by grips. The
effect of such constraints can be illustrated by the example of a tensile specimen
with the superimposed kinematic constraint £12 = O (so that oj; # 0) as indicated in
Fig. §; the directions t and s are given relative to the cubic basis of austenite. The
resulting stress-strain curve in loading is shown in Fig. 5 by a broken line in the case of
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prohibited detwinning, and by a solid line in the case of fully mobile twinning planes
within martensite plates. Detwinning is not completed when austenite diappears at the
lowest stress point and is continued with increasing stress. The apparent stiffness of
martensite thus differs from the purely elastic behaviour of martensite indicated by a
dotted line; cf. [17] for a more detailed discussion.

It must be emphasized that the material response has been calculated under the
assumption of a uniformly laminated microstructure. However, due to the instability
related to the softening behaviour, the transformation pattern of a specimen may be
strongly non-uniform macroscopically. This can happen also in the absence of detwin-
ning and irrespective of external boundary constraints, which is examined in the next
subsection.

3.3. Instability of macroscopically uniform transformation

Consider the so-called acoustic tensor A = nL'n, defined by contracting the tan-
gent stiffness tensor L' from both sides with some unit vector n. A detailed study of
the form of L' specified by (21), (16) and (20) shows that the lowest eigenvalue of
A for some n is, as a rule, negative (or zero in particular cases). Consequently, the
macroscopically uniform transformation process, which at a micro-scale produces a fine
rank-one laminate, may be regarded as intrinsically unstable. Even if this conclusion
may be mitigated by realizing that an infinitely fine laminate is only an idealization, the
tendency to build up more complex patterns, e.g. higher-rank laminated microstruc-
tures, may be expected. The idea of relating the formation of complex martensitic
microstructures to an intrinsic instability of macroscopically uniform transformation is
presented here only in outline; a more detailed exposition will be given elsewhere.

i 2// A D
o VAI Y4 7N
%& pd
‘ | o | D,

Fig. 6. Bifurcation of the layered transformation pattern: the transformation can proceed quasi-uniformly
(upper pattern I) or be completed first within some volume fraction of the material (lower pattern II)

For example, in the tensile test simulation for loading A in Fig. 4 there exists
a bifurcation of the layered transformation pattern, sketched (not to scale) in Fig. 6.
The upper pattern (I) is that assumed earlier to be macroscopically uniform, i.e. to
cover the volume fraction 79 = 1 of the whole material. However, an alternative
solution (II) exists in which the primary (internally twinned) martensitic plates first
appear within a certain volume fraction 79 < 1 only, while the remaining part of
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Fig. 7. Overall stress-strain diagrams in uniaxial tension for two solutions corresponding to
transformation patterns 1 and II in Fig. 6, with 9 = 0.1 in case 1I

austenite undergoes unloading. These two regions are separated by parallel planes
(only one such plane appears in schematic Fig. 6), forming thus a rank-three laminated
microstructure. Across these separation planes, the kinematic and static compatibility
conditions analogous to (3) can be satisfied after lower-level averaging. This is found
to be the case if the separation planes are orthogonal to the vector b that appears in
.

The corresponding macroscopic stress-strain diagrams are shown in Fig. 7. Com-
pared to the macroscopically uniform pattern (I), the solution with o = 0.1 is ener-
getically preferable initially. When the transformation within the volume fraction ny is
completed, a short period of fully elastic straining follows, accompanied by a sharp
increase in stress. Next, after reaching the threshold value f; by the corresponding
thermodynamic driving force, the martensite region starts to grow through propagation
of the separation planes. In this case, the final microstructure reached on both routes
is the same, as indicated in Fig. 6, which need not be the rule.

Other examples as well as extensions to finite deformation and internal length
scale effects are currently being investigated.
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FERROMAGNETIC SHAPE MEMORY ALLOYS: AN OVERVIEW

FERROMAGNETYCZNE STOPY Z PAMIECIA KSZTAETU: PRZEGLAD

Ferromagnetic shape memory alloys (FSMA) have the unique capability to exhibit
the thermoelastic martensitic transformation and rearrangement of martensitic variants by
applying a magnetic filed, in addition to temperature and/or stress changes as in conventional
shape memory alloys. The different mechanisms which can produce a shape change under a
magnetic field and their relation with the magnetocrystalline anisotropy are discussed. The
transformation sequences and martensitic structures are reviewed, particularly in Ni-Mn-Ga
alloys as the best known system and representative of the martensites appearing in most
FSMA systems. Some transformation features of more recently developed FSMA, namely
Ni-Co-Al and Co-Ni-Ga, are also considered.

Keywords: martensitic transformation, shape memory alloys, ferromagnetism.

Ferrmomagnetyczne stopy z pamigcig ksztaltu (FSMA) wykazujg unikalng zdolno$é
do termosprezystej przemiany martenzytycznej i reorganizacji wariantéw martenzytu w polu
magnetycznym, w dodatku do przemian wywolanych zmianami temperatury i/lub napreze-
niem, podobnych jak w konwencjonalnych stopach z pamiecia ksztaltu. W pracy przedysku-
towano rézne mechanizmy, ktére moga wytwarza¢ zmiane ksztaltu w polu magnetycznym i
ich zwiazek z anizotropig magnetyczna. Przedstawino przeglad sekwencji przemian i struktur
martenzytu, w szczegdlnosci w stopach Ni-Mn-Ga, jako nalezacych do ukladu najlepiej zna-
nego i reprezentatywnego dla wiekszoSci ferrmomagnetycznych stopéw z pamigcia ksztattu.
Pewne cechy charakterystyczne przemiany w ostatnio rozwijanych ferromagnetycznych sto-
pach z pamigcig ksztaltu Ni-Co-Al i Co-Ni-Ga zostaly takze przedyskutowane.

1. Introduction

Shape-memory effects are related to a difusionless structural phase transforma-
tion (a thermoelastic martensitic transformation, MT) from a high-temperature high-
symmetry phase (austenite) to a low-temperature low-symmetry phase (martensite)

*
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[1]. In conventional shape memory alloys (SMA) the MT can be induced either by
temperature or stress changes or by a combination of both. In the temperature induced
MT, in absence on any stress ficld, the lower symmetry of the martensite results in
the formation of several variants, each one with its own associated shape change.
The different variants are twin-related, and some variants bring about nearly opposite
shape changes, forming the so-called self-accommodated groups of variants. As all the
variants have the same free energy, all of them are equally likely to form upon cooling.
Once a given martensite variant is formed in a certain region, the surrounding areas are
prone to transform to their self-accommodating variants, in order to reduce the total
strain energy, thus leading to a minor shape change when thermally transforming from
austenite to martensite at the temperature T),. However, under a biasing stress field,
certain variants will be favoured (those whose shape change accommodate or “relax”
the applied stress field) and will grow at the expenses of the other variants. This
reorientation of (twin) variants by an applied stress is the basis of the shape memory
effect [1]. Selected variants will also appear when stress-inducing the transformation
at T > Ty, involving rather large deformations (up to a few % in single crystals).
The reversibility of the stress-induced transformation upon unloading leads to the full
recovery of the deformation, which constitutes the so-called superelasticity effect, being
another interesting property of SMA.

SMA develop the largest strains of the actuator materials available to date. Howev-
er, a serious drawback of the shape memory actuators is their low working frequency
(of the order of Hz) mainly due to the relatively slow temperature changes that can be
achieved (specially on cooling). Conventional giant magnetostrictive materials (driven
by a magnetic field instead of temperature change) provide higher operating frequen-
cies (order of 10? Hz) compared to SMA, but the attainable strains are notably smaller
(~ 0.2%). Magnetic control of the shape memory effect would lead to much faster
response of the actuators than the thermal control. The discovery of large magnetically
induced strains (MIS) in Ni;,MnGa Heusler alloys [2] and the confirmation that giant
magnetostriction or MIS up to a few percent takes place in these alloys associated to
the magnetic-field-induced reorientation of martensitic variants [3] has triggered the
interest in the ferromagnetic shape memory alloys (FSMA).

The Ni-Mn-Ga alloys close to the stoichiometric Ni;MnGa are by far the most
studied within the FSMA systems, and some of their specific features, representative
of the FSMA behaviour, will be discussed below. Ni-Mn-Ga alloys have also been the
basis for understanding the conditions and mechanims for ferromagnetic shape memory
effect. However, due to the wide field of applications expected for FSMA and relatively
poor ductility of Ni-Mn-Ga, there is a large interest in developing new FSMA as for
example, Fe-Pd [4], FesPt [5], NioMnAl [6], Ni;FeGa {7] and Co-Ni- Ga [8] alloys. Pd
and Pt containing alloys are less studied due to, in some cases, low MT temperature
and their high cost.
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2. Magnetic-field-induced strains

FSMA have the unique possibility to exhibit the thermoelastic martensitic trans-
formation and rearrangement of martensitic variants by applying a magnetic field, in
addition to temperature and/or stress changes as in conventional SMA. In the alloys
showing large MIS, the transformation usually takes place in a ferromagnetically or-
dered parent phase, i.e. the Curie temperature T¢c > Ty. In some cases, both the
para-ferro and the martensitic transformations proceed simultaneously, thus a param-
agnetic parent phase transforms to a ferromagnetic martensite. However, the main issue
is that for materials undergoing a thermoelastic martensitic transformation and being
ferromagnetic, the variant structure may also be biased by a magnetic field. It has to
be mentioned that the rearrangement of martensite variants is not the only mechanism
that can produce a shape change under a magnetic field: applying a magnetic field
to the austenite can induce the martensitic transformation. Indeed, if the anisotropy
constants of austenite are low (low anisotropy energy) the field will first rotate the
magnetization into the direction of the field, which will be accompanied by ordinary
magnetostriction. Since the saturation magnetization of martensite is higher than that of
austenite, there is a driving force to induce the structural change, so it can be expected
that high enough fields will induce the MT. However, large fields are required and the
MT is only induced at temperatures very close to the nominal Ty, i.e., the shift in
the transformation temperature caused by the magnetic field is small (for instance, a
shift of about 6 K has been observed in a Ni-Mn-Ga alloy under an applied field of
12 T [9]). Several models have been proposed to account for the different contribu-
tions produced by a magnetic field on the MT. At high fields (much larger than the
saturation fields), the Zeeman (magnetostatic) energy term is predominant leading to
a Clausius-Clapeyron type relation: d7/dH = AM/As , where AM and As
are the magnetization and entropy changes, respectively, associated to the MT. Under
lower fields, the Zeeman energy is no longer predominant, and the magnetoelastic
contribution can be even larger [9, 10].

A second mechanism producing a shape change is related to the rotation of the
spontaneous magnetization with respect to the crystal lattice, under the action of a mag-
netic field. This is the mechanism acting in conventional (giant) magnetostrictive mate-
rials as Terfenol-D. This commercially available material (composition Fe;Dy;_,Tby,
x ~ 0.27) offers up to 0.17% magnetostrictive strains. In ordinary magnetostrictive
materials the magnetic-field- induced strain has a volume component (related to spon-
taneous magnetization, but not dependent of its orientation) and a shear component
(associated to the magnetic anisotropy), both in the range of 1073% in ferrous materials.
The shear magnetostrain is much larger in rare earth-Fe compounds (RFe;), but they
have too large magnetocrystalline energy. In order to obtain large strains at relatively
low magnetic fields, the strategy was to design ternary (solid-solution R;Fe, - R,Fe,)
compounds having opposite sign in magnetocrystalline anisotropy constants, as in the
case of Terfenol-D [11]. In this way there is little cost for rotating the magnetization
with respect to the crystal lattice.
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In the case of FSMA a large magnetic anisotropy is desirable to constrain the
spontaneous magnetization along the variant easy axis (in other words, to prevent, in
each variant, the rotation of the magnetization with respect to the lattice, and force
the lattice to rotate until aligning its easy axis with the field). This constrain is a
necesary condition to develop the driving forces (or magnetoelastic energies) needed
for the variant rearrangement [3]. Under this condition, the giant MIS will take place
provided there is a high mobility of the twin interfaces between variants. In the alloys
showing large MIS, the critical stress to reorientate the martensitic variants is usu-
ally < 5 MPa. Therefore, in both (giant) conventional magnetostrictive materials and
martensitic FSMA the values of strain and magnetization should be always associated
(changes in magnetization = changes in strain) which corresponds to the behaviour
governed by magnetoelastic energies. In both types of materials (FSMA and ordinary
magnetostrictive compounds) the conditions to be fulfilled by the magnetic anisotropy
are essential to obtain large magnetic-field-induced strains, although of opposite nature.

Magnetic anisotropy constants (MAC) have been widely studied in relation to
recording media, in particular the conditions that promote very high magnetic ani-
sotropy. To summarize, the main finding was that magnetic anisotropy is favored by
high crystalline anisotropy, which can be related to anisotropy of crystal structure,
anisotropic ordering and fine-scale multilayers. Variants of low-symmetry martensite
are also beneficial. Thus several characteristic features of FSMA promoting magnetic
anisotropy can be recognized. The magnetic anisotropy energy (MAE) and the easy axis
depend on the particular martensite. For the Ni-Mn-Ga alloys, in the so called 5-layered
martensite the [001] direction (the short c-axis) is the easy axis and the MAE is around
2.0-2.5 x 10° J/m> at room temperature; in the non-modulated tetragonal martensite,
[001] is the hard direction and there is an easy plane with MAE of 3.0 10° J/m3 [12-
13] (in the 7-layered martensite there are three non-equivalent directions; more details
on the martensitic structures are given below), which can be compared to 5x 10* J/m?
for Fe-bce and 4.5 x 10° J/m? for Co-hep.

The effect of magnetic field can be considered equivalent to an additional me-
chanical applied stress. This is a quite natural assumption, as both the mechanical
energy and the magneto- mechanical energy play equivalent roles, for example to the
free energy contributions in the L and au model. In the case of simple two-variant
twinning geometry, the magnetic-field- induced stress can be found from the twinning
transformation strain and specific magnetizations along easy and hard magnetization
directions [14]. From the balance between the mechanical and the magnetic stresses,
the magneto-strain effect can be calculated and compared to stress-strain behaviour in
twinning (de-twinning) between martensite variants. Maximal magnetic-field-induced
stresses of 3—5 MPa, in agreement with the experiment, are given by the model. Very
recent experimental and theoretical studies of the superelastic behaviour of Ni-Mn-Ga
martensite under constant magnetic field have shown that the magnetoelastic stress
is responsible for both ordinary magnetostriction and detwinning of the martensite
[15]. Moreover, a formerly proposed statistical model of the magnetostrain has been
applied to the quantitative description of the superelastic behaviour in a magnetic field:
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both experimental and model results show that the field-induced stress is proportional
to the square of the magnetization, thus supporting the idea that the magnetoelastic
interaction is the fundamental source of the large field-induced strains caused by twin
rearrangement. It is worth to notice that despite the equivalence between mechanical
and magnetic stresses, the level of magnetoelastic coupling limits the stress that can
be produced by a magnetic field.

3. Transformation sequences and martensitic structures

Ni-Mn-Ga alloys, derived from the Ni;MnGa compound, have the Heusler L2,
ordered crystal structure above T)s and present a large variety of martensitic structures
as well as pre- and inter-martensitic transformations, depending on the composition
(to which T is much more sensitive than T¢), and the relative position of T, and
T¢ [16-20]. These alloys were classified into three basic groups [16]: alloys with
Ty <300 K < T¢ (e/a < 7.7, group I) exhibit during cooling a weakly first order
premartensitic phase transition (basically a soft mode phonon condensation) from the
parent phase to a cubic intermediate phase, prior to the MT itself. The crystal structure
of martensite in this group is characterized by the existence of four extra diffraction
spots along one of the (110) directions, which involves a five atomic plane periodicity
along this direction. This feature gives rise to the generic name of 5-layered for this
martensite, although it is also denoted as 10M. Single crystalline alloys of group III
(Tu > T¢, ¢/a > 7.7) do not show the premartensitic transformation, but they undergo
on cooling a sequence of MT to layered structures with higher periods, like 7 (14M
martensite) or 10 (100 martensite) as well as to a non-layered tetragonal martensite
with ¢/a > 1 not showing any extra diffraction spot (denoted in the literature as 7', non-
modulated, NM, or 2M). In the alloys of group II (e/a ~ 7.5-7.7, Ty =~ 300 K < T¢)
the above mentioned soft mode condensation is inhibited by the MT taking place
before, thus no premartensitic transition is revealed. The 10M and 14M martensites
(or a mixture of both) are thermally induced in these alloys. To give an example of
the behaviour of the different groups, the characteristic trends of the elastic modulus
evolution for the different groups of Ni-Mn-Ga alloys are shown in Fig. 1. Ni-Mn-Ga
single crystals exhibit different sequences of stress-induced transformations as well, for
example, L.2; — 10M — 14M — 2M upon compression along (110)p or tension along
(100)p for the nearly stoichiometric compositions [21-22]. These martensites, after
unloading, can remain in their own temperature intervals of metastability, leading, on
heating, to the sequence of reverse intermartensitic transformations. The superelastic
effect has been studied in single crystalline alloys with transformation temperatures
around 300 K and above, showing fully recoverable strains of up to 6%, depending
on the stress axis orientation and temperature [23, 24]. In the alloys with high trans-
formation temperatures (T) > T¢) the experimental values of transformation strain
and temperature dependence of the critical stress to induce the martensitic trans-
formation can only be thermodynamically understood if it is assumed that different
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Fig. 1. Elastic modulus vs. temperature curves obtained on cooling Ni-Mn-Ga alloys belonging to
group I (curve a), group II (curve b) and group III (curve c). The arrows indicate the temperatures
corresponding to the different phase transitions: T holds for the martensitic transformation; 7; holds
for the premartensitic transformation into the intermediate phase I; T, indicates the intermartensitic
transformation occurring in the group II alloys, and T¢ the Curie temperature

martensitic structures are formed when compressing along different crystallographic
directions [24].

The five- and seven-layered structures were firstly studied by Martynov et
al. [22]. Using the crystallographic axes derived from (100) directions of the cubic
austenite, the unit cells of the 5- and 7-layered martensites deduced from the fun-
damental spots were reported as body centered tetragonal with c/a < 1 and body
centered orthorhombic, respectively. The extra diffraction spots present along one of
the (110) directions were interpreted as a periodical shuffling (modulation), in such a
way that every 5th or 7th (110) plane remains in its original (non-shifted) position, the
modulation being described by a function containing three harmonic terms [22]. More
recently [18], this model has been compared with that used for the description of the
long period martensites in Ni-Al-type alloys [25-27], i.e., periodic stacking of nearly
close packed basal planes derived from {1 10} planes of austenite, with sequences (5 2);
and (3 2); in Zhdanov notation, for the 7- and 5- layered martensites, respectively. Fol-
lowing the nomenclature introduced in [28], these structures are denoted as 14M and
10M. The 10-layered martensite was analysed according to this description, the (5 5)
sequence (100 structure) showing the best fitting with the experimental selected-area
electron diffraction patterns [18]. The structures built up by stacking of close packed
planes are nano-twinned in nature, the two twin lamellae having thicknesses of 5-2,
3-2 and 5-5 atomic planes, for 14M, 10M and 100 martensites, respectively. It has
been shown in [18] that the two structural models (modulation by shuffling or stacking
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of basal planes) result in similar atomic positions, being practically indistinguishable
due to the limited resolution of the diffraction techniques with photographic recording.
Recent results obtained by HRTEM have demonstrated the nano-twinned nature of the
7-layered martensite, although only in very limited areas the two lamellae have the
ideal thicknesses of 5-2 planes inherent to the 14M structure (Fig. 2a); in general the

Fig. 2. (a) HRTEM image of the 7-layered martensite showing the (5 2) stacking sequence. The two
lamellae of the nanotwins are marked as well as the twin planes. (b) Experimental HRTEM image of the
S-layered martensite with the superposition of the atomic positions deduced from the two structural

models discussed, showing a good agreement in both cases.

sequence of stacking planes is significantly distorted from the ideal (5 2). On the other
hand, for the 5-layered martensite, the two structural models lead to almost identical
atomic positions, which can not be distinguished from the HRTEM images (Fig. 2b).
Concerning the non-layered martensite, its unit cell can be described as a tetragonal
distortion of the cubic austenite, in such a way that the a and b axes shrink by an equal
amount, while the ¢ axis enlarges, leading to a tetragonal unit cell with c/fa > 1. It is
equivalent to the martensite observed in Ni-Al alloys having the L1q structure: ordered
face centered tetragonal with c/a < 1. The difference arises from the choice of the
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crystallographic axes and from the type of order exhibited by the austenite (B2 in Ni-
Al alloys). In Ni-Mn-Ga with L2 austenitic structure, the corresponding martensitic
lattice would be a “double” L1y (double ¢ axis).

Other FSMA as Ni-Mn-Al, which have been initially developed as high temper-
ature conventional SMA, to overcome the brittleness of Ni-Al-based alloys through
the introduction of the ductile y phase (fcc disordered Al structure), present the same
martensitic structures as in Ni-Mn-Ga: the tetragonal non modulated (denoted as L1y,
for analogy with the martensite of the binary Ni-Al and Ni-Mn systems) and also
the layered 14M and 10M phases for compositions not far from the stoichiometric
Heusler Ni;MnAl [27]. The five-layered (10M) and seven-layered (14M) martensitic
structures occur as well in Ni-Fe-Ga alloys, which in analogy to Ni-Mn-Al, show
improved ductility — as compared to brittle Ni-Mn-Ga alloys — due to the presence of
the v phase [7].

The Fe-Pd alloys containing close to 30 at% Pd undergo a sequence of transfor-
mations: a thermoelastic MT from fcc parent to fct structure at temperatures close to
room temperature, followed, on further cooling, by a transformation to a bct phase. The
fct — bet (or the fcc — bet , which occurs directly in alloys with lower Pd content) is
irreversible. Interesting features are found in the fcc — fct transformation, as the tweed
microstructure of the parent phase which is a precursor phenomenon in the MT, and
the gradual appearance of the tetragonality with decreasing temperature which allows
to consider the fcc — fct transformation as having nearly second order character [29].

Addition of Co to Ni-Al alloys preserves the MT from the 8 phase (B2 structure)
to the B’ (L1, equivalent to the non modulated tetragonal martensite of Ni-Mn-Ga
alloys), at decreasing temperatures as Co content increases. The MT occurs even for
alloys containing more than 40 at% Co. As for the Ni-Mn-Al and Ni-Fe-Ga alloys,
the presence of y phase (Al disordered or L1, ordered fcc structure) as a second
phase increases the ductility of the 8 phase. Therefore, Ni-Co-Al alloys constitute a
new system of FSMA with high ductility at room temperature [30-31]. It has been
found that T¢ increases with increasing Co content and decreasing Al, while Ty
temperatures decrease with an increase in both Co and Al content. As the extrapolated
Tc temperatures for the B8’ are about 85 K higher than those of the 8 phase for the
same composition, there is a composition range for which the paramagnetic 8 phase
transforms into ferromagnetic 8’ on cooling (for example in the range Ni-(35-37)Co-
29Al); at higher Co content T¢ > Ty, thus leading to a composition range of “classical”
FSMA.

In Co-Ni-Ga alloys, a direct transformation from fS-para to f’-ferro exists around
Co-(23-24)Ni-30Ga [32]. In these alloys, as in Ni-Co-Al, T¢ increases and T)s de-
creases with increasing Co content. It is worth to note that the just mentioned compo-
sitions are not far from the stoichiometric Co,NiGa, which has been claimed to be a
new family of Co-based FSMA [8]. Alloys in the composition range Co;Ni;_,Gay.,
(0.09 £ x < 0.15) show MT from a ferromagnetic parent phase at temperatures in
the domain 280—330 K, with a hysteresis of about 30 K [8]. Thermal and stress
induced transformations as well as the magnetization behaviour have been studied in a
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single crystalline Co-22.0Ni-29.0Ga alloy [33]. This alloy transforms at T ~ 320 K
to the non-modulated tetragonal martensite with c/a > 1 (or L1, fct structure in other
crystallographic axes). When compressed in martensite the alloy shows full shape
recovery upon heating, but at temperatures ~ 70 K above the nominal ones. This
effect is directly related to the mechanical stabilization of stress induced martensite
found in this alloy: The stress-strain curves show a large hysteresis (> 200 MPa) and
the stabilization degree is strain dependent. Such features had been observed in non-
magnetic SMA like Ni-Ti or Cu-Al-Ni but they are not typical for other martensites
formed in FSMA. For instance, mechanical stabilization has not been observed in Ni-
Mn-Ga alloys transforming to the modulated 10M (c/a < 1) structure, but it has been
found in Ni-Mn-Ga alloys transforming to the non-modulated tetragonal structure with
c/a > 1, although with a much lower stabilization degree than in the Co-Ni-Ga alloy.

Thus, apart from the Fe-Pd or Fe-Pt systems, equivalent austenitic and martensitic
phases are formed in all the other ferromagnetic shape memory alloys, the main differ-
ences arising from the type of atomic order exhibited by the parent phase (either nearest
neighbour ordering -B2 structure- or next-nearest neighbour ordering -Heusler or L2,
structure-, which depends on alloy composition and thermal treatment) and inherited
by the martensite. The largest MIS, close to 6% and 10%, have been observed in
alloys transforming to the 5-layered (10M) or 7-layered (14M) martensites respectively
[34-36], which fulfill the conditions of existence of an easy axis with high magnetic
anisotropy energy, together with a very low critical stress to induce the rearrange-
ments of martensitic plates. The non-modulated tetragonal martensite (c/a > 1) is not
favourable, as it presents an easy plane for the magnetization instead of an easy axis.
Moreover, the critical stress for variant reorientation is considerably higher, altogether
inhibiting the large MFIS effect.
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V.A. CHERNENKO*, S.P. ZAGORODNYUK**, R.C. O'HANDLEY***, Y. KONO****, V.A. L'VOV**

MAGNETIZATION CURVES FOR TETRAGONAL MARTENSITE: EXPERIMENT
AND MODELING

KRZYWE MAGNETYZACJI STOPOW O STRUKTURZE MARTENZYTU TETRAGONALNEGO:
EKSPERYMENT I MODELOWANIE

Magnetization curves of the ferromagnetic tetragonal martensite in Ni-Mn-Ga single
crystals are shown experimentally and theoretically to depend on the tetragonality ratio
as a source of the magnetocrystalline anisotropy field as well as on the shape anisotropy
field which is produced by the magnetic dipole interaction and dependent on the sample
geometry. A good agreement between experimental and computed magnetization curves is
achieved.

Keywords: magnetization curve, ferromagnetic martensite, tetragonality ratio, Ni-Mn-Ga
alloys

Eksperymentalnie i na podstawie teorii pokazano, ze krzywe magnetyzacji ferroma-
gnetycznych monokrysztaiéw Ni-Mn-Ge o strukturze martenzytu tetragonalnego zaleza od
wspéiczynnika tetragonalno$ci jako Zrédfa magneto krystalicznego pola anizotropii, jak
réwniez od ksztaltu pola anizotropii wytwarzanego w wyniku oddziaywania dipoli magne-
tycznych i ostaecznie od geometrii prébki. W pracy pokazano dobra zgodno$é pomiedzy
krzywymi magnetyzacji eksperymentalnymi i obliczonymi wg przyjetego modelu.

1. Introduction

Ferromagnetic thermoelastic martensites formed as a result of the martensitic trans-
formation in Ni-Mn-Ga alloys represent new multifunctional materials having great po-
tential to be implemented in new actuators and sensors [1-5]. A crystal structure which
is mainly composition dependent [6], controls main characteristics of these materials

*
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such as sign and value of a magnetic anisotropy parameter and the maximum value
of magnetostrain effect [7, 8]. Martensite with a tetragonal lattice is especially inter-
esting for applications since it is a subject to much less fatigue than an orthorhombic
martensite [9].

Magnetoelastic model of ferromagnetic martensite developed in Refs.[7, 10-12]
correlates with the experimental results [8, 13] when stating that the Ni-Mn-Ga tetrag-
onal martensites with tetragonality ratio of ¢/a > 1 exhibit an “easy-plane” magnetic
anisotropy, while martensites with c/a > 1 are the ferromagnets of the “easy-axis”
type.

The magnetization curves provide an important information about both the mag-
netic anisotropy parameters and the reorientation of martensite under the action of
applied magnetic field (see, e.g., [14-16]). A quantitative computation of the magneti-
zation curves is impossible without accounting two basic mechanisms of magnetization
processes such as the magnetic moments rotation and 180° domain walls motion [11,
12]. In addition, a magnetization process in Ni-Mn- Ga martensite, which exhibits
the giant magnetically induced deformation of the order of few percents, is accom-
panied by the field-induced twin rearrangements which complicate the computations
[15, 16]. Present work is an original experimental and theoretical study of the magne-
tization curves for the different Ni-Mn-Ga tetragonal martensites which do not show
the pronounced magnetically induced structural changes. As a systematic approach,
two contributions to magnetization process are varied controllably by proper choice
of specimens shape. Both the fundamental and engineering aspect can be deduced
from this study. For example, a computation of the magnetization curves can serve as
a monitoring tool for the estimations of the volume fractions of different martensite
variants (twin components) being function of any preliminary technological treatments.

2. Physical mechanisms of magnetization

The non-isotropic part of the magnetic free energy for j-variant of tetragonal
martensite can be expressed according to the magnetoelastic model [10-12] as

F = —Am’ + %MZ [D1 (m? + m2) + D2m§] - mHM, )

where m = M(T)/M(T) is a magnetisation vector, A = 66M?(c/a— 1) is a parameter of
crystallographic magnetic anisotropy and 6 = 81/M? is a dimensionless magnetoelastic
constant. The first term of Eq.(1) describes magnetic anisotropy energy of the crystal
lattice with j-axis aligned with [100], [010] or [001] crystallographic directions orient-
ed with Cartesian coordinate axes x, y and z, respectively. The second term presents
the magnetostatic energy of the ellipsoidal specimen with the revolution axis aligned
with y-direction, D; = D3 and D; are the diagonal elements of a demagnetizing matrix.
The third term is Zeeman energy. In the absence of a magnetic field, m vector is along
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easy-axis. An application of the magnetic field will cause its rotation to some angle
¥ so, the magnetization process will proceed through rotation mechanism as follows:

MHT) = M;j" =M (T)cosyn, )
where
H Hg‘,z} (T, H <H§‘)’J
1 H> Hg‘,’&

N numerates the saturation field values for the different martensitic variants, field
directions and correspondent field dependencies of the rotation angle.
The displacive mechanism (displacements of 180° domain walls) is represented as:

cosyny = { 3

H|HZ(T), H<H

M(H,T)= My’ = { i @)
1 H>H®

A modeling of a magnetization process of tetragonal martensite implies that one
has to identify the magnetization mechanisms in each variant and then perform sum-
mation over all variants. For the determination of the directions of the spontaneous
magnetization we take into account all possible configurations of three variants, two
types of the unit cells (c/a < 1 or ¢/a > 1), two specimens shapes (platelet or rod),
and two magnetic field directions so, totally 2 X2 x 3 X2 = 24 items in a sum are
expected. For the definiteness, we assume that the crystallographic axis y is oriented

along a normal to a platelet or with the long axis of rod so, the condition D; = Ds is
fulfilled.

3. Magnetization of the tetragonal martensite with c/a<1
3.1. The “easy direction” for the magnetic vector in zero magnetic field (c/a<1)

In the absence of the magnetic field, we assume that the martensitic state of
platelet or rod consists of x-, y-and z-variants with volume fractions of 8y, 8, and 3,,
respectively. It is obvious that , for instance, in the case of platelet, the direction of
magnetization of x- and z-variants is along their four-fold c-axes. In case of y-variant,
there exists a competition between demagnetizing field and anisotropy field so, the
magnetization vector is aligned with y-axis when the anisotropy field dominates, i.e.,
the condition of

24 > (D, - D) M? )

holds. The magnetization vector is equally probable to be aligned with x- or z-axis
when

0 < 24 < (D, - D;) M*. 6)

In the Table 1, we summarize all the magnetic phases which can obtained by the
similar analysis.
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TABLE 1
Possible magnetic phases, (i; j), formed in the tetragonal martensite with ¢/a < 1 in zero magnetic field
where i is c-axis direction, j is easy direction for magnetization

x-variant y-variant z-variant
Platelet (x; x) 05 ¥ z 2
(D) < Do) 2A > (D) - Dy)M?
; x), (0 2),
0 < 24 < (D; - D))M?
Rod (x; x), o » (z 2),
(D))< Dy) 24> (D - Do)M? 24 > (D - D))M?
(x5 ), @ »,
0 <24 < (D; - D)M? 0 <24 < (D, - D))M?

3.2. Magnetization of the platelet under magnetic field (c/a < 1)

Let us analyze the magnetic behavior of each martensitic variant formed in a
platelet under the magnetic field applied in-plane, for instance, along z-axis. A magnetic
field rotates the magnetization vector of the x-variant in the xz-plane from the initial
state with components of m, = 1,m, = 0,m, = 0 to the state characterized by some
angle ¢ having components of m, = siny,m, = 0,m, = cosy. The substitution of the
latter components into Eq.(1) results in

1
F = —Acos? v+ §M2D1 —MH,cosy. @)
The condition of the full magnetization of x-variant is ¥ = 0 and the value of saturation
magnetization field, Hy, can be found by minimizing of Eq.(7):
oF . .
% = —-2Asiny cosy + HMsiny =0 @®

as Hg = H, = 2A/M.

The similar procedure is used to obtain all possible values of the saturating field for

the different orientations of the magnetic field which are compiled in the Table 2.
The magnetization process of the whole platelet should be now considered as a

summation over all three variants. In the field applied with z direction:

M (H,T) = BM + B,M + B MY if2A > (D, — D)) M? )
M (H,T) = B.M + (By + B;) M{®,if0 < 24 < (D, = Dy) M*. (10)
Using the step-wise Heaviside function 6(H; the Egs. (9) and (10) can be unified as:

M(H,T) =B M + By M0 (HiT) + M6 (-H )| + .My (D)



Saturation fields for the platelet containing different martensitic variante with c/a<l

Mz Hy HZ*  Condition

x-variant 2A/M - -

y- variant 2A/M - (D, - D))M - 24> (D, - D)M?

4 - DM 0<2A<(Dy-D)M?

A 0 - 0 <24 < (D, - D))M?

z-variant - D\M -

Hlly HY! H#  Condition

X-, z- variant | 2A/M + (D2 - D\))M - -

y- variant - DsM  2A > (D, — D))M?
~2A/M + (D, - D\))M - 0 < 2A < (D, — D)M?

* and ** are for (yz) and (yx) initial state, respectively.

Similarly, in the field applied with y direction one can obtain:

M (H,T) = (B +B) M5* + B, [M3%0 (H2") - Mi0 (-HE)|

795

TABLE 2

(12)

In order to keep valid the Eqgs.(5) and (6) for each of two specimens shapes and c/a
values, it is of advantage to denote the following expressions:
H' = 2|A/M — |\D; — Do\ M
HZ = 2|A/M +|\Dy — Do\ M
Hg =|D| - D)|M

3.3. Magnetization of the rod under magnetic field (c/a<1)

HE =2|A/M
HY = D\M
HE = DM,

13)

Likewise for the platelet, the magnetization behavior of each variant present in
the rod and corresponding values of the saturating magnetic fields were analyzed. The
results are shown in Table 3.

The magnetization process of the rod can be now analytically expressed by the
following formulas: in the field applied with y direction:

M (H,T) = B,M§* + (B + B;) M6 (H") + M&0 (-H)|

in the field applied with z direction:

M (H,T) = B, + B [ M6 (Hg") + M50 (-H")| +
+8; Mo (Hy") - Mo (-HE)] .

(14)

(15)
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TABLE 3
Saturation fields for the rod containing different martensitic variants with c/a<1
Hly HY Hgs Conditions
x-, Z-variant 2A/M - (Dy — D))M - 2A > (D, — D))M?
- DM 0 < 24 < (D; ~ Dy)M?
y- variant - DM -
H| z HY Hs Conditions
x-variant 24/M B 2A > (Dy - D;)M?
(D) - EDM - 0 < 24 < (D, -~ D))M?
y- variant 2A/M + (D) — D))M - -
z- variant - D\M 24 > (D, - D))M?
- 2A/M + (D - D)M - 0 < 24 < (D, - D))M?

4. Magnetization of the tetragonal martensite with c/a>1

The formalism described for the case of c/a<1 is applied in this section for the
case of tetragonal unit cell with c/a>1. The essential difference between these two
types of the crystal lattices is taken into account. As it is shown below, the difference
in both the spatial distribution of magnetization directions and in the mechanisms of
magnetization process for these two types lattices gives rise to the different analytical
expressions for the magnetization vs magnetic field dependences.

4.1. The “easy direction” for the magnetic vector in zero magnetic field (c/a>1)

Table 4 summarizes all possible magnetic states formed in martesitic variants with
c/a>1 in zero magnetic field.

TABLE 4
Possible magnetic phases, (i; j), formed in the tetragonal martensite with c/a < 1 in zero magnetic field
where i is c-axis direction, j is easy direction for magnetization

x-variant  y-variant z-variant
Platelet (x; 2) o x), O 2)* (z x)
(D1 < D2)
Rod (x: ), o; x), 0> 2) @ ¥,
(D) < Dy) 24 < (D, — D))M?
o5 y)
(D, -D))M?* <24 <0

* For the uniaxial magnetic anisotropy (2-nd order terms), all
directions in xz plane of y-variant are equivalent while the
forth-order terms distinguish the x and z directions.
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4.2. Magnetization of the rod under magnetic field (c/a>1)

The results of the analysis of saturating fields for the different variants of martensite
with c/a>1 are shown in the Table 5.

TABLE 5
Saturation fields for the rod containing different martensitic variants with c/a<1

H|ly HY H%s  Condition
x-, z-variant - DM -
y- variant 1AM — (Dy — D:)M - 2A < (D, - D))M?**
- DM (D, -D)OM? <24 <0
Hlz HY H{*  Conditions
x-variant (D, - D))M - -
y-variant 0 DiM 24 < (D, - D\)M?
-2|A/M + (D, - D:))M - (D2 -D)M?* < A <0*
Z- variant 2|A/M + (D - D))M - -

*It means Hy > 0.

In the field parallel to the revolution axis y, the field dependence of the magneti-
zation value is

MH,T) = (Bx + ;) M5" + B, [ M0 (HE') + Mg6 (-Hgz')] (16)

where M4 and M7° are expressed by Egs.(13). Compare with the Table 5: when H: o>
0, a rotational mechanism takes place in the y-variant and a displacive mechanism is
inherent in two others variants; when Hg}* < 0, the displacive mechanism takes place
in all variants. In the field directed perpendicularly to the revolution axis:

M (H,T) = B.M}" + B, [ME0 (HE') - M0 (-H)| + B M5 (17)

The magnetic saturation of the specimen takes place when H = max {H;g‘,Hg‘{’},
because HyS' > HY > HY'.

4.3. Magnetization of the platelet under magnetic field (c/a>1)
In the field parallel to the revolution axis y, the magnetization value is
MH,T) = (B +B) MY + B,M*. (18)

In the field directed perpendicularly to the revolution axis (in parallel with z axis) we
have:

M(H,T) = (B, + By) M= + B, M. (19)
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TABLE 6
The saturating field values for the different martensitic variants with ¢/a > 1 formed in the platelet
Hlz HY' H{*  Condition
Xx- variant - DM -
y- variant 0 DM -
z- variant 2|A/M - -
Hlly HY' Hi"  Conditions
x-, Z- variant (D - DM - -
y- variant 2IA/M + (D2 — DM - -

5. Experimental magnetization curves and results of computations

Two earlier studied {6, 7, 17] Ni-Mn-Ga single crystalline alloys exhibiting tetrag-
onal martensites were chosen in this study. Their main characteristics are presented
in Table 7. Two crystallographic oriented samples in the form of platelet and rod (all
edges were parallel to < 100 > type directions) were sparkcut from each ingot. The
samples labels and dimensions are shown in Table 7.

TABLE 7
Alloy compositions, martensitic transformation temperatures, M;, Curie temperatures, T¢, tetragonality
ratios and sizes and shapes of the samples used for measurement

comAggi{ion M. K | T K Tetragonality ratio Sample Sample shape and size,
5 t.% i . ¢ of martensite, ¢/a legend mm
Nis; oMnyy9Gay,; | 314 370 0.94 Mi_plate Platelet, 0.5 x 5 x 3.85
MIi_rod Rod, 4.95%x1x0.5
Nis3 1 Mnys6Gags | 363 373 1.2 M2_plate Platelet, 0.66 x4 x 5
M2_rod Rod, 1.07 % 0.83 x4.35

The measurements of magnetization curves have been made at room temperature
by vibrating sample magnetometer (VSM). The magnetic field was always applied
along < 100 > axis. Each sample was measured along two directions. In the case of
rod, a magnetic field was applied either in parallel to long edge of a sample or in the
perpendicular direction. In the case of a platelet, the field was either with a normal to
its plane or in-plane along any of two edges.

The computations of magnetization curves have been performed using Egs.(11, 12,
15-19). The procedure accounting the dispersed character of the Curie temperature
of the martensitic state [12] was incorporated into computations. An equal volume
fraction of each of three variants was assumed. A satisfactory fit with the experimen-
tal results has been achieved with using the numerical values of -23 and -6 as the
magnitudes of the magnetoelastic parameters for c/a<l and c/a>1 martensitic phases,
respectively (e.g., [12]).
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Fig. 1 displays the results form martensite with c¢/a < 1 formed in a platelet.
With the given sample dimensions and in accordance to Eq. (9), one can conclude
that the magnetocrystalline anisotropy energy is about 1.8 factor larger than shape
anisotropy energy. The first kink on the theoretical curve at 1 kOe in Fig. 1 isdue to a

B0 e[l BT R L TH, R M
Platelet T
w]  dla<]
(O]
< 3004
S
N
S 200
o
=
1(X)-l
0.-" R R T
0 2000 4000 6000 8000 10000
Magnetic field, Oe

Fig. 1. Experimental (full line) and theoretical (dashed line) M(H) curves for the sample M1 _plate: H//z
(in-plane). Inset: H//y (out-of-plane)

completeness of the displacive mechanism of magnetization process in z-variants. The
second kink at 4 kOe is related to the end of the magnetization process of y-variants
by rotation. The third kink at 9 kOe is due to the finish of magnetization rotation of
the x-variants. Worse results are obtained when a field is perpendicular to the platelet
(Inset to Fig. 1). In this case, the calculated value of the saturation field of y-variants
(about 5.5 kOe) is twice larger than experimental one which can be explained by the
imperfections of both the sample and calculation algorithm. The M(H) dependences for
the rod-like sample with the same martensite (c¢/a < 1) depicted in Fig. 2 demonstrate
a good agreement of the experiment with modeling. The first kink on the curves A
is related with the displacive mechanism of the magnetization process for y-variant,
while second one is explained by the hard magnetization process of x and z-variants by
the rotation. In the case of the curves B, three kinks can be identified theoretically: at
2.5 kOe, magnetization is due to the displacive mechanism for z-variant; at 6 kOe and
9 kOe, there are limits for the rotation mechanisms in x- and y-variants, respectively.

Figs 3, 4 show the results for martensite with c/a > 1 for both two sample shapes.
In the case of platelet studied under perpendicular magnetic field (Fig. 3), there is
a good agreement of the measured and computed curves, while magnetization curve
in parallel field presented in the Inset to Fig. 3 does not contain any kinks so, the
computed curve is a rough approximation of real behavior, the last one being controlled
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Magnetization, G

c/a<1

100

0 U N 1 L M T T o

0 2000 4000 6000 8000 10000
Magnetic field, Oe

Fig. 2. Experimental (full line) and theoretical (dashed line) M(H) curves for the sample M1 _rod: A —
Hffy (y is with long edge of a sample); B — H//y (y is perpendicular to long edge)

500 -

400+ Platelet
c/a>1

g

Magnetization, G
8

0 2000 4000 6000 8000 10000
4000 6000 8000 10000
Magnetic field, Oe

Fig. 3. Experimental (full line) and theoretical (dashed line) M(H) curves for the sample M2_plate: H//y
(out-of-plane). Inset: H//z (in-plane)

by the contributions which are not taken into account in the theory. In the case of
rod-like sample a better agreement between experiment and theory is observed for both
orientations of the magnetic field (Fig. 4) although again experimental dependences
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are too smooth evidencing much complicate magnetization process than modeled one
in M2-type alloy.

500 -

Magnetization, G

0 - ) 1 T T
0 2000 4000 6000 8000 10000

Magnetic field, Oe

Fig. 4. Experimental (full line) and theoretical (dashed line) M(H) curves for the sample M2_plate:
A - HJ/y (with long edge of a sample); B — H//z (perpendicular to long edge)

6. Conclusions

1. The magnetization curves as a function of the sample shape and direction of the
external magnetic field were experimentally studied for two types of the martensites
with the tetragonal lattice (c/a<1 and c/a>1) exhibited by two Ni-Mn-Ga single crystals.

2. For the theoretical description of the results one should determine the directions
of the spontaneous magnetization for each martensitic variant. Those directions are
dependent on the spatial distribution and competitive character of the anisotropy fields
produced by both the magnetocrystalline anisotropy governed by the c/a ratio and
magnetic anisotropy controlled by the shape of a sample.

3. The magnetization process proceeds either through the rotation mechanism when
the “easy” direction of a variant is perpendicular to the magnetic field, or through the
displacive mechanism when the “easy” direction of a variant is along the magnetic
field.

4. A majority of the computed magnetization curves are in a good agreement
with the experimental ones. In some cases the divergence of the experimental and
theoretical curves is observed. The divergence may be caused, in particular, by the
forth-order anisotropy parameter, whose influence is well pronounced in the case of
the tetragonal lattice with the strongly elongated unit cell [14].
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PHENOMENA OF MAGNETOSTRICTION AND THEIR TECHNICAL
APPLICATION

ZJAWISKA MAGNETOSTRYKCJI I ICH TECHNICZNE ZASTOSOWANIA

A brief survey of basic principles and applications of magnetostriction is presented
in this work. Related phenomena are considered as well. The advantages and drawbacks of
different magnetostrictive materials are demonstrated. Main tendencies of the development
of new magnetostrictive materials are examined. materials.

Keywords: Magnetostriction; Magnetoelastic properties; Giant magnetostrictive films.

W pracy przedstawiono krétki przeglad podstawowych zasad i zastosowari magneto-
strykcji. Rospatrzono takze zjawiska pokrewne. Przedstawiono takze zalety i wady réznych
materialéw magnetostrykcyjnych i przedyskutowano gléwne tendencje wystgpujace w roz-
woju nowych materialéw o tej wiasnosci.

1. Phenomena and application of magnetostriction

The ordered arrangement of magnetic moments in ferromagnetic, antiferromagnet-
ic, ferrimagnetic solids appears below critical temperature T,. It was found that at the
temperatures below and above T not only the magnetic properties are different, but
other physical properties change as well. The phenomenon of magnetostriction involves
the variation of the size and the form of solids as an effect of presence of a longitudinal
magnetic field [1]. J.P. Joule discovered this phenomenon in 1842 in pure iron.
Later, it was found that the phenomenon of magnetostriction is inherent in all solids.
The value of magnetostriction in poorly magnetic materials (dia- and paramagnets) is
low As = 4lf/l ~ 1077 — 1073, except some rare earth paramagnets, where A; ~ 107, In
ferromagnetic metals Fe, Ni, Co, in a number of alloys and ferrites the typical value
of magnetostriction is about 1076 — 10~*. More recent advanced materials such as rare

*
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earths and the alloys on the basis of rare earths have magnetostriction as high as 1073
[2-4].

At present, along with ordinary magnetostriction other related phenomena are
under the studies, i.e.:

e Spontaneous magnetostriction, resulting in the deformation of crystalline lattice
upon heating due to variation of spontaneous magnetization. This phenomenon
is observed clearly near to the Curie point. ‘

e Mechanostriction, i.e. mechanical strains that cause additional elastic deforma-
tion which is inherently magnetostrictive. Two types of mechanostriction may
be recognized —~ the mechanostriction in the region of technical magnetization,
which is connected with redistribution of the domain structure and magneti-
zation under the effect of elastic strains (tension and pressing) and another in
the region of saturation or paraprocess, which causes the change of exchange
interaction due to elastic strains. Both these phenomena cause anomalies of
elastic modula in magnetics.

e Magneroelastic effects, resulting in the influence of mechanical straining on
the magnetization value (reverse magnetostriction), due to the affecting elastic
properties by magnetic ordering.

All these phenomena have attracted the attention of physicists and engineers: physi-
cists gain information about the dependence of the exchange and magnetocrystalline
interactions on crystalline lattice parameters from the analysis of magnetostriction ef-
fects and engineers use these phenomena to construct new generations of devices and
facilities.

Different mechanisms of magnetostriction are considered in the theory of mag-
netism [1, 3]:

1. Acting through the changes in dipole-dipole interaction;

2. Acting through spin-orbital interaction;

3. Or involving an interaction between electron cloud of magnetic ion and inter-
crystalline field (”single-ion” model).

In ferro- and ferrimagnetic solids, in the range of magnetic field, where the shift
of domain walls and rotation of the direction of spontaneous magnetization takes
place (area of technical magnetization) magnetostriction is anisotropic and manifests
itself by the change of the shape of crystal without any change of it’s volume (linear
magnetostriction):

A =4Il (H < Hg).

In the range of larger magnetic field (area of paraprocess) magnetostriction is
isotropic and reveals also in the change of the volume (volume magnetostriction):

w=4V[V (H < Hy).

Figure 1 shows linear magnetostriction in monocrystalline sample of pure iron
along different axis at room temperature. The magnetization of the sample leads to
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elongation along direction [100], to shortening along [111] and to elongation in low
field and shortening in high magnetic field along [110].

6
10
4 [100]
0}
0 T ; R
H, 10 A/m
- [110]
=10
[111)

Fig. 1. Linear magnetostriction in monocrystalline sample of pure iron along different axis at room
temperature

In most cases the magnetics have polycrystalline structure and the observed mag-
netostriction reveals some average value. Figure 2 shows the curves of magnetostriction
for different polycrystalline materials. In pure Co and Ni magnetostriction is negative
— it means that the samples shorten along the applied field. An iron sample shortens
in low field and elongates in high field. Most alloys such as Fe-Ni, Fe-Co, Fe-Pt and
some others, elongate in magnetic field.

549 Pt, 46%F¢

60% Co, 40%Fe

40
\—89_%3

120
o H: 103 A/m
NiFex05 Ni

Fig. 2. Magnetostriction curves for polycrystalline samples of pure metals (Co, Ni, Fe), alloys (Fe-Ni,
Fe-Co, Fe-Pt) and ferrite (NiFe,Q,) measured at room temperature
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Longitudinal and transverse magnetostrictions in invar alloy have opposite signs
in low field (figure 3). In high magnetic field (the region of paraprocess), the magne-
tostriction is positive in both directions, so this is the case of volume magnetostriction.

1 1 -
480 640 gy 10° A/m

320

Fig. 3. Longitudal and transverse magnetostriction in invar alloy (36%Fe- 64%Ni), room temperature
I-longitudal, II-transverse

Magnetostriction in antiferromagnetic materials has some specific features [5].
Magnetostriction loops of Dy, measured at different temperatures show the change of
the type of magnetic ordering in Dy (figure 4 a). At temperature lower than 85K, the
loop has usual form. At the temperature higher than 85K, which is the temperature
of magnetic transition from ferromagnetic to helical antiferromagnetic state, some
critical field, responsible for destroying antiferromagnetic state appears on the loops.
The increase of the temperature leads to decrease of magnetostriction value and some
increase of critical field destroying antiferromagnetic state. It was found that grain size
of crystallites effects on the magnetic state of Dy (figure 4b). The decrease of grain
size to submicron scale caused some destruction of antiferromagnetic state. Critical
field disappeared and the loops at high temperature had the same character as in
ferromagnetic state.

Magnetostriction is application related property. Zero linear magnetostriction is
useful for extremely soft magnetic materials with the highest possible permeability,
because strains induce no anisotropy in that case. For example, this is achieved in
crystalline Feg,;Nigg (permalloy) and amorphous (Feg;Cop9)755115B2o alloys, where
A; ~ 0. Regarding the spontaneous volume magnetostriction, the anomalous small
value of the coefficient of thermal expansion of invar alloys (Fe-Ni, Fe-Pt and some
other systems) is caused by the compensation of thermal expansion by spontaneous
magnetostriction.

The phenomenon of magnetostriction finds application in magnetostriction trans-
mitters and relay lines, generators and receivers of ultrasound, filters and stabilizers
of frequency, etc. Magnetostrictive elements made from nickel alloys were used in
SONAR devices sixty years ago to produce sound for the depth determining and
to locate objects by echo sounding. The nickel- based alloys used in these devices
have saturation value of magnetostriction only about 50*107¢ and later were gradually
superseded by the piezoelectric ceramics.
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Fig. 4. Hysteresis loops of magnetostriction of Dy in different structural states at different temperatures:
a — coarse grained polycrystalline sample, b — submicrocrystalline state. Measuring temperature: 1 —
78K;2-100K;3-120K;4-140K

Giant saturation magnetostriction of the range 1073, was found more than fifty
years ago in pure rare earths [2]. This value is much higher than in pure 3d- met-
als Fe, Co, Ni (table 2). However, giant value of magnetostriction was revealed at
temperature much lower than room temperature. Huge saturation magnetostriction at
room temperature has been found forty years ago in some compounds based on rare
earth-iron Laves phase RE-Fe, (RE = Tb, Sm, Dy, Ho, Er, Tm) [3]. However, as a
result of a high value of magnetocrystalline anisotropy, impossibility to achieve giant
magnetostrition in a weak magnetic field appeared to be the most serious problem. A
combination of elements Tb and Dy made possible the development of the weak-field
giant magnetostrictive material “Terfenol-D” (Tbg27Dyg73Fe;) in which the magnetic
anisotropy contributions of Tb and Dy are of opposite sign, resulting in the average
zero value [3). Fabrication of amorphous Terfenol films made possible further decrease
of magnetocrystalline anisotropy (table 1) [6]. The drawback of amorphous alloys is
the low value of Curie temperature, which is important for the stability of application
related properties. Further improvement in amorphous films was concentrated on par-
tial substitution of Fe by Co, leading to some increase of Curie point. Recent works
of Winzek et al [7] show another way to combine high Curie temperature of
crystalline films with high magnetostriction at low fields. According to the random
anisotropy model the coercivity decreases with the grain size if the exchange length
is larger than the grain size, so variation of the microstructure and preparation of
ultra-fine grain structure should decrease coercivity of magnetostrictive films. Two
methods were used to achieve nanocrystalline microstructure. The first one consists
in the additions of Mo or Zr to alloys, preventing grain growth. The second one was
to produce nanometer scaled multilayer structures. The additions, however, could not
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decrease grain size more than to 10 nm, and therefore coercivity bellow 100mT was
not achieved in a single layer. Multilayer structures containing 250 layers of TbDyFe of
5 nm thickness separated by layers of Nb with average thickness of 0.25 nm, enable the
control of the grain growth and preparation of magnetostrictive films with coercivity
less than 50 mT and high Curie temperature.

TABLE

Saturation magnetostriction of various materials
Material A4, 1076 Temperature, K Crystalline state
Fe -10 293 Polycrystalline
Ni -37 293 Polycrystalline
Ni -60 78 Monocrystalline, H || [111]
Co -71 293 Polycrystalline
Tb 1230 78 Polycrystalline
Dy 1400 78 Polycrystalline
Tb 5460 4.2 Monocrystalline, H || a
Tb 22000 42 Monocrystalline, H || ¢
TbFe, 4700 300 Monocrystalline, H || [111]
TbFe, 1753 300 Polycrystalline, H=2*10¢ A/m
SmFe, -1560 300 Polycrystalline, H=2* A/m
DyFe, 433 300 Polycrystalline, H=2*10° A/m
HoFe, 85 300 Polycrystalline, H=2*10° A/m
ErFe, -229 300 Polycrystalline, H=2*10° A/m
TmPFe;, -123 300 Polycrystalline, H=2%105 A/m
(Tbg3Dyq.7) Fe, 1000 293 Polycrystailine, H=0.24*105 A/m
(Tby.3Dyo7)Fe; 600 293 Amorphous, H=0.08*105 A/m

Recent development of micro-electro-mechanical systems requires driving materi-
als with a large output force. Sm-Fe and Tb-Fe or Terfenol amorphous films at room
temperature possess excellent magnetostriction and fast response time, what makes
them appropriate candidates for actuators in the microsystem technology. For exam-
ple, linear ultrasonic motor was fabricated using a micromachined Si substrate and
TbFe films [8]. It was also reported that combination of positively magnetostrictive
Tb and negatively magnetostrictive Sm films allows the fabrication of magnetostric-
tive bimorphs which enhance the total effect, eliminate temperature coefficients due
to bimetallic effect [8]. Another possible applications of magnetostrictive layers in
micromechanics are cantilever-type, membrane-type actuators and driving mechanism
for microvalves [9]. Partially crystallized amorphous films based on FeSiB alloy with
Cu and Nb additions have the softest magnetostrictive characteristics in the combina-
tion with high permeabillity. It was reported, that these films may be used in magnetic
devices for detecting parked vehicles, coding devices, current and voltage transformers,
stress sensors [10].
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For many potential applications response time at high frequencies (f > 10° Hz) is
important and Terfenol suffers from the eddy currents, which is common to all metallic
magnetic materials. Due to extreme brittleness Terfenol is difficult to laminate as is
used to be done for example with transformer cores. The development of composite
materials with a small particles of Terfenol, bonded with non-conducting polymer
binder allowed to increase considerably the high-frequency response and to fabricate
magnetostrictive elements with complicated shapes [11].

2. Summary

The improvement and completely new development of magnetostrictive materi-
als occurred in last years. In the most cases the greatest progress was achieved on
the smallest scale — in nanostructured multilayer materials. Giant magnetostriction in
combination with soft magnetic properties may be promising in the micromechanical
system application.
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FOURIER SPECTROSCOPY OF HREM IMAGES OF SHAPE MEMORY ALLOYS

SPEKTROSKOPIA FOURIERA WYSOKOROZDZIELCZYCH OBRAZOW
UZYSKANYCH DLA STOPOW Z PAMILCIA KSZTAETU

The martensitic transformation which gives remarquable mechanical properties to the
shape memory alloys is very sensitive to the chemistry of the alloys but also to its mi-
crostructure. Strains and chemical changes which take place at crystal defects and interfaces
will greatly influence transformation temperatures and mechanical properties of the alloy. An
analysis of the strain fields and of the structure of interfaces is very important to understand
mechanical and thermal properties of these alloys. High resolution electron microscopy is
a powerful technique to study the microstructure of the alloys. Fourier analysis of high
resolution electron microscope images is very usefull for the interpretation and determination
of structure and microstructure in materials science. We discuss here the potential of the
high resolution images analysis by the phase image technique.

Keywords: diffraction, Fourier transform, local phase, Shape Memory Alloys,
displacement field

Przemiana martenzytyczna, ktéra stanowi podstawe wlasno$ci stopéw z pamiecig ksztal-
tu jest silnie zalezna zaréwno od skiadu chemicznego stopu jak i jego mikrostruktury. Na-
prezenia oraz zmiany skiadu chemicznego zachodzace w defektach krysztatu i na granicach
migdzyfazowych wplywaja silnie na temperatury przemiany i mechaniczne wiasnoéci stopu.
Analiza p6] napre¢zeri oraz struktury granic migdzyfazowych jest bardzo wazna dla zrozu-
mienia mechanicznych i cieplnych wiasno$ci tych stopéw. Szczegélnie skuteczng technika
do badania mikrostruktury tych stopéw jest wysokorozdzielcza mikroskopia elektronowa.
Zastosowanie analizy Fouriera obrazéw wysokorozdzielczych jest bardzo uzyteczne w
interpretacji i okre§laniu struktury w skali makro i mikro. W pracy dyskutowana jest moz-
liwo$¢ interpretowania obrazéw wysokorozdzielczych przy wykorzystaniu techniki obrazu
fazowego.

METALLURGIE STRUCTURALE, ENSCP, 11 RUE P. ET M. CURIE, 75231 PARIS, FRANCE

CECM-CNRS, 15 RUE G. URBAIN, 94407 VITRY-SUR-SEINE, FRANCE



812

1. Introduction

The topological and elemental exploration of matter at the atomic scale has been
pursued by scientists since the first quarter of the 19" century. Experimental meth-
ods are based on the interaction between the specimen and an easily produced inci-
dent radiation, with the important requirements of a wavelength similar to, or smaller
than, the pertinent dimensions in matter, the interatomic distance, and of an adequate
signal-to-noise ratio. Three radiations are good candidates for these investigations:
X-rays, neutrons and electrons. Due to the pertinent length scales in the object, dis-
tance between the diffracting units, the atoms, the practical diffraction conditions are
the so-called Fraunhofer conditions which means that both the source and the point
of observation are at infinity. The information is averaged over the irradiated volume
of the specimen, and in the case of weak interactions (X-ray or neutrons), this has
the major implication that the investigated volume is necessarily large. On the other
hand, the strong interaction of electrons allows the transmission of local information
in diffraction, though measurement accuracy is limited by technological parameters
(divergence of the beam, probe size and aberrations of the microscope).

2. Formalism of the diffraction process

This formalism is based on the kinematical approximation: elastic diffraction of
a small diffracted intensity with respect to the transmitted beam intensity and only
single scattering events. For such cases, with an elementary slab of matter, first order
perturbation theory can be applied. This interaction between radiation and matter being
completely characterised by a transmission function f(r), assuming an incident plane
wave |ko), the complex diffracted amplitude in a selected diffracted direction &, is given
by the first order perturbation contribution:

(ko lf @)1 K). )

If the crystal is as large as for X-Ray or neutrons experiments, it can be assumed
to be infinite. For a periodic crystal, f(r) can be expanded as a Fourier series
on the nodes of the reciprocal lattice and that means that a diffracted amplitude is
associated only with k directions such that the diffraction vector k — kj is a reciprocal
lattice vector (B r a g g conditions). Considering the crystal built with these elementary
slabs, the previous result is still valid and the diffracting intensity is the square modulus
of expession (1) corrected by an absorption factor corresponding to the thickness of
the specimen in the incident direction (Fig. 1). For electron diffraction with a strong
interaction, we have to take into account two new aspects. Matter is transparent to
electrons only if the thickness is very small. For such thin crystals, the integration can
be performed at infinity only if we multiply the transmission function by a function
x(r), with the value 1 inside the investigated crystal and O outside:

(ko LfF (P (DN k) = ko lf KD * (ko Ly ()1 k). (09



813
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kinematical intensities + > dynamical intensities
absorption correction

Fig. 1. Kinematical (X-Rays and neutrons) and dynamical diffraction (electrons) conditions

The previous contribution is then convoluted (represented by =) by the Fourier
transform of the specimen shape and the consequence is a softening of the Bragg
conditions. Moreover, if each individual diffraction event can be formalized as before,
we are in the case of dynamical multiple diffraction with coupling between diffracted
beams and the calculation of the diffracted intensities is performed by the resolution of
the dynamical equation which are built with elements from the Fourier transform
of the transmission function and with the deviation from exact Bragg conditions
for the different diffracted directions.

In both cases, the Fourier transformation is the basic ingredient of the diffrac-
tion process for the geometrical location of the diffracted beams. Nevertheless, the
experimental diffraction experiment is performed by measurement of intensities and
for many years, scientists have tried to address the problem of the associated loss
of phase information, and many complicated schemes have been derived for «phase
retrieval».

3. Local phase image technique

In material science, high resolution electron microscopy is able to produce images
correlated with atoms or atom group distributions in the direction of the incident
beam. Starting from digitised images, it is easy to obtain from a simple Fourier
transform algorithm the distribution of complex amplitudes and after that to manipulate
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them, taking into account the respective phase differences. These methods based on
Fourier analysis are currently used in HREM for improving signal-to-noise ratios
(cosmetic treatment), for creating fringes patterns, for nanosize diffraction and for the
determination of hidden symmetry [1]. With the computer it is possible to image the
distribution of intensity but also the distribution of the local phase.

The geometrical local phase method [2, 3] is of great help for an accurate determi-
nation of the nature of an interface (coherent or semi-coherent), for a local strain field
determination around a defect, or for the determination of the distribution of domain
sizes in nanostructured materials [1]. It is based on the fact that to any displacement in
direct space corresponds a phase shiftin Four i e r space. From the phase distribution
image which is only accessible because the Fourier transform is obtained with
a computer from an image, it is then possible to extract the local displacement with
respect to a perfect crystal (This last decade, image analysis by peak finding has also
been used to give access to quantitative information [4, 5]).

The contrast of HREM images is obtained by the interference of the beams selected
in a large diffraction aperture, each giving a set of fringes. The image intensity of a
perfect crystal, I(r), can be expressed as a Fourier sum:

I(r) = Z I, exp{2mig - r}, (3)
g

where g are the lattice fringe periodicities and I, the corresponding Fourier com-
ponents. Local Fourier components have an amplitude and phase such that:

I, = Agexp{iP,). C)

In the Fourier transform of such an image, all the information is concentrated in
the Bragg spots. Crystal defects such as interfaces, displacement fields will give
information around these spots. It has been shown that the effects of these defects can
be described by allowing the Fourier components I, to acquire a “local” value
I,(r) depending on the position in the image [4]:

I(r) = Z I,(r) exp{2mig - ). (5)
8

As for the Fourier components in a perfect crystal, the local Fourier compo-
nents have an amplitude and phase such that:

I(r) = Ag(r) expliPy(r)). ©)

The amplitude A,4(r) represents the local degree of contrast of a particular set of lattice
fringes g, and P,(r) determines their position with respect to the perfect lattice chosen
as a reference. The local phase images, Pg(r), have particularly interesting properties.
Two cases can be distinguished. The displacement of the atomic positions can be
treated as a local g value or as a displacement field.
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Let us take the example of a g vector change across an interface, g — g + Ag(r)
corresponding to a change of lattice parameters, orientation (grain boundary), or both.
The intensity associated to a specific set of fringes can be expressed as follows:

I, exp{2nig - r + Pg} — I exp{2nig - r + 2niAg(r) - r + P}, @)
By comparison with eq. (6), the phase function of the position, can be written:
Py(r) = 2nAg(r)-r then VP,(r) = 2nAg(r). 8)

In the case of translation boundaries such as anti phase boundaries or for example
defects in interfaces associated to a stress field, the displacement of the atomic columns
in the image can be expressed by a displacement field. Then, as previously for the
g vector change case, it can be shown, that a displacement field, associated with a
particular set of lattice planes is directly related to the phase:

Py(r) = =2ng - u(r) ®

and by combining the information from two lattice planes, g1 and g2, the two dimen-
sional displacement field can be obtained:

1
u(r) = ~5= [Pa()ar + Pp(r)az). (10)

where a;, and a, represent the lattice in real-space corresponding to the reciprocal
lattice vectors g; and g,.

The phase image technique present several advantages. Its use is easy and does
not require long time calculations. The images are processed using routines specially
written within the software package Digital Micrograph [6]. It can be used to analyse
HREM images with complex image patterns, and not only images with single gaussian
profile dot pattern.

4. Shape memory alloys

Shape memory alloys have remarkable mechanical and thermal properties like
shape memory effect and superelasticity. Such properties are due to a thermoelastic
martensitic transformation where the interfaces play a key role. This transformation
between a high temperature phase, austenite, and a low temperature phase, martensite,
is displacive and governed by the shear of the austenite, keeping one plane invari-
ant called the habit plane. Due to the shape change associated with the shear, the
transformation parameters and the microstructure are controlled by the deformation
energy. The martensite plates nucleate in austenite, and grow with the gliding of the
austenite/martensite interfaces. At the reversion for a thermoelastic transformation,
the interfaces move back and the initial austenite is restored exactly. Starting from a
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cubic structure, there are 24 combinations of shear possibilities associated to invariant
planes, leading to 24 crystallographically equivalent variants of martensite. Without
any applied stress, all these variants have the same probability to nucleate and grow.
As a consequence, when the temperature decrease, the transformation occur without
any shape change of the sample. The martensite variants nucleate and grow forming
self accommodated groups. The intrinsic deformation of each martensite variant is
accommodated by all the surrounding variants, minimising the shape change. If an
external stress is applied, the free Gibbs energy, associated to the martensite variants
for which the intrinsic shear respond to the stress, will decrease. More stable, these
variants will grow by gliding of the intervariants interfaces.

As an illustration of the importance of deformation energy in martensite, we will
present an analysis of self-accommodated martensite plates in a CuZnAl Shape Memo-
ry Alloy and the effect of an internal displacement field due to a precipitate in NiTiCo
SMA. We will also briefly discuss the analysis of an interface.

5. Strain fields and self-accommodation in CuZnAl SMA

Tensile specimens (gauge length = 10 mm and diameter 6 mm) from Zn 15.34
at. %, Al 16.33 at. % Cu-rest (e/a = 1.48) B phase single crystal with a My = -10°C
are heated to 850°C for 20 min. and air quenched, then left at room temperature
for at least 4 days to anneal out excess vacancies and to allow the ordering of the
alloy. Under tensile stress, the samples were pseudoelastically cycled 3000 times with
a maximum strain that leads to a 100 % martensitic formation, in a closed loop at
0.8 Hz at 25.5 °C [7]. Several discs parallel to the family of planes {001} were cut
from the cycled specimens for Transmission Electron Microscopy analysis (TEM).
Thin foils were obtained by double jet electro-polishing at room temperature (30 %
orthophosphoric acid in distillated water, V = 2 V, I = 30 mA). HRTEM observations
were carried out on a Topcon 002B electron microscope operating at 200 kV with a
point to point resolution of 0.18 nm (Cs = 0.4 mm). Negatives were digitised with an
Agfa Duoscan scanner and the resulting images have a resolution of 0.038 nm/pixel.

The specimen is still a single crystal of the ordered S, phase (Ly;, a = 0.586 nm)
with large dislocation bands introduced by the pseudoelastic tensile cycling and in
addition to these bands, in thin parts of the specimen, small plates of martensite phase
are observed (high resolution image in [100] orientation, Fig. 2). Their formation is
eased by the M; temperature closed to room temperature. When the electron is focused
on such plates, they are observed to grow, with the austenite/martensite interface at
the tip of the plates gliding to the inner parts of the specimen and this phenomena can
be attributed to an accommodation of the local stress intruded by the bending of the
thin foil under the electron beam. The exact nature of the martensitic phase has not
been determined (with e/a = 1.48, a 18R martensite is expected to be formed) but no
confusion can be made with surface martensite which does not form on (100) surfaces.
In this paper, we focus our attention on the potential of the method to determine the
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Fig. 2. Fourier analysis of auto-accommodated martensitic variants in CuZnAl SMA

local strain of the lattice. To calculate the local phase image, a Fourier transform
(power spectrum) was taken of the region shown in Fig. 2. A mask was applied around
the periodicity corresponding to the 110 planes in the austenite and the phase image
calculated from the inverse Fourier transform. Where the phase image has a
gradient of zero, the local lattice vector g corresponds exactly to that of the reference
lattice (region in austenite). By measuring the gradient of the phase, the deviation from
the austenite lattice, Ag, can be determined. It was found from this analysis that the
plates were of two different martensitic variants M; and M;, as marked on Fig. 2.
The results are summarised in Table and the position of the periodicities in re-
ciprocal space indicated on the power spectrum. The 110 phase image clearly shows
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a constant phase in the austenite, a constant phase gradient in the martensite phase
variant M, (Ag constant between austenite and M, martensite) and a strained region
between austenite and the top of the single variant M,.
TABLE 1
Differences between lattice vectors in the austenite and martensite measured from the gradient
of the local phase images. Reciprocal lattice lengths, Ag, are expressed as a fraction of gy,
and the orientation with respect to the horizontal.

110 Ag/0.134g,4 angle (°)
8m, —8um, 1 593+02
8m, —8a 0.65+0.01 65.9+0.3
84~ 8wm, 0.36 +0.02 472+0.5
-110 Ag/0.104 g4 angle (°)
&m, —8um, 1 58.0+0.3
&, ~8a 0.66 £0.01 53.8 £0.4
84— 8m, 0.34 £0.02 66.0 £ 0.7

The microstructure shows that the martensite is composed by the alternance of
two variants of different widths. So the analysis of such a groups of two variants
must be carried out. Before we have to introduce the case of a coherent interface with
the crystallographic continuity between to sets of lattice planes in two crystal, g; in
crystal 1 and g, in crystal 2 and a mask around the two spots, the phase in crystal 1
is 2mg, - r and 2mg, - r in crystal 2 (without a constant term). The local phase image
with respect to crystal 1 is therefore zero in crystal 1 and:

Py(r) =2n(g, —gy)-r=2nAg-r. (1

The relative phase is then constant along the interface plane because the lattice match
is perfect and that means that the phase evolution is continuous. Writing 2ixAg-r = con-
stant, we found the equation of a plane with normal Ag. This result is characteristic of
the coherency of an interface between two crystals.

In our practical case, the angle of the interface line between the two variants was
measured from Fig. 2 and found to be — 30 + 0.5°. The difference in lattice vectors
Ag = gy, — &, for both the {110} lattice planes are almost perpendicular to this line
at 59.3 + 0.2°and 58.0 + 0.3°(see Table 1). This means from eq. (11) that the {110}
lattice planes in the two martensitic variants are almost perfectly coherent and form a
near invariant line. Through the conditions for both lattice planes cannot be satisfied
exactly, a deviation of 1°from the ideal coherent interface line would only mean a
dislocation every 110 nm!

Now we have to consider the behaviour of these two variants with respect to the
austenite matrix. In the direction of these two plates of martensite, it is interesting to
calculate if any extra planes, and hence dislocations, are necessary for matching with
the austenitic phase. For no extra planes, the phase difference across two martensitic
plates must equal that for the austenite along the same L; + L, distance. Therefore:

2mg, - Ly +2ng, - Ly = 2ngA - (L1 + Ly) = (gl — g )Ly = (82 - gA)L, (12)
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and since these difference vectors are almost parallel to the interface between anstenite
and martensite variants, we can write:

él + 8m, — 84

. (13)
Ly gum —8a4

From Fig. 2, the ratio of the widths of the two plates, L; to L,, was measured to
be approximately 1 : 2. Comparing with the values given in Table 1, this means
that the relative widths of the two martensitic variants were such that the plates were
auto-accommodated with the austenic phase.

Using two independent g-vectors, we can obtain the two-dim. displacement filed
(eq. 10) and from that data, it is possible to calculate the element of the two-dim.
deformation tensor with:

- 4(2et)

&ij = 2 \0x; Ox;
5= L (240
i 2 6x,- 6xj ’

The deformation &4, with x along the martensite plates, shows that the transition
region between anstenite and martensite extends over about 30 nm and the deformation
appears to be inhomogeneous in the direction y-axis parallel to the anstenite/martensite
interface (Fig. 3).

(14)

Mg e

ekt

80 100 120 140 160 180
nm

Fig. 3. Deformation component &,
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6. Displacement field associated to precipitates (Ni 47 at.% Ti 50% Co 3 at.%)

Multiple martensitic transformations can occur in Shape Memory Alloys for several
reasons (two different kinds of martensite, dislocations walls, presence of coherent
precipitation associated with a displacement field, bimodal grain size distribution after
crystallization of a partly amorphous ribbons).

A Nig7TisoCos alloys have been cast using the planar flow technique giving direct-
ly 30-50 wm thick ribbons. The high cooling rates (10°-10¢ K-s~!) of this technique
can lead to fine-scale microstructures, and in some cases, to amorphous and other
metastable phases. In the present case, thermal analysis of these ribbons shows that
the martensitic transformation is shifted down to low temperatures and proceed in
several steps as visible on the differential scanning calorimetry cooling curves shown
Fig. 4. The first exothermal peak is associated to the transformation of the austenite

12;
10}

§
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g

£

e 2}
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h quenched

o] - | ; l4|20°C,2I00hPa
“120-100 -80 -60 -40 -20 0 20

T (°C)

Fig. 4. Differential scanning calorimetry cooling curves of NiTiCo melt spun ribbons in as quenched
state and after several heat treatments. The multiple martensitic transformation disappears after higher
temperature treatments leaving a single transformation peak

in an intermediate phase called R-phase before to transform in martensite. This last
transformation proceeds in several steps depending of the state of the sample. In as
quenched state, bottom curve in Fig. 4, the martensite peak is broad, but after a
450°C-10 hours heat treatment under vacuum, this peak is well separated into two
peaks. When the heat treatment is done at higher temperatures, the high temperature
martensite peak disappears whereas the low temperature one is maintained and increas-
es in intensity [9]. The analysis of the microstructure of the ribbons by transmission
electron microscopy at room temperature showed that all the austenite grains contains
fine plate-like precipitates (Fig. 5).

HREM image of a plate-like precipitate in an as quenched sample is presented in
Fig. 6 with the power spectrum. The first phase image is obtained with g; = 100 and
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some phase profiles across and around the precipitate revealing the displacement field
around the precipitate associated to the (100) lattice plans (reference is the austenite
phase). On both sides of the precipitate, horizontal profiles ¢ and d shows a quasi-linear
phase change and the sign of this phase change clearly shows that the displacement of
(100) planes are symmetrical with respect to the precipitates, in the [100] direction for
the upper region and in the opposite direction for the lower region. Another quasi-linear
phase change is observed along the vertical line b at the left of the precipitate but,
across it, a step evolution of the phase indicates a rigid body displacement across the
precipitate (2/6 of the interplanar distance on each side). For the phase image obtained
with g, = 010, there is no phase change across the precipitate. For such a precipitate
observed along a direction perpendicular to the plate, no phase change is observed.
According to these results, a schematic representation of the strain field around the
precipitate clearly shows that the maximum of deformations are located at the four
corners of the precipitate.

Fig. 5. Low magnification of a HREM image of an austenite grain in the as quenched sample showing
fine plate-like precipitates and SADP of the same grain taken along the [001]ausenite direction. Extra
spots due to the precipitates are clearly visible and give information on the orientation
relationship with the matrix

As a consequence, the displacements of the (100) lattice planes clearly revealed,
will promote the martensite transformation on the corner of the precipitate plates and
thus they will explain the M1 peak on the DSC curves (Fig. 4). Far from the precipitates,
in a nearly perfect austenite, the martensite will appear for a lower temperature giving
the M2 peak. TEM observations on the heat treated samples at higher temperatures
than 550°C have shown that these plates become incoherent rounded precipitates. The
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displacement field associated to these precipitates is relaxed and thus the M1 peak on
the DSC curves disappears. The M2 peak does not move but increase in intensity.

AP(g)

b ')

2r gu 1.6

APR)~(1.5)- 0 >0

g

d 42,
= ¢
2
w 0
mean phase = - 2,05 +2,05
Ap=4,1 rds > u‘%d £

Phase image from 100 with the analysis of the phase change
along different lines with respect to the precipitate. The rigid
body displacement is represented on e€).

High resolution image of the precipitate ans
POower spectrum’s;

i 010 phase image

Schematic representation of the effect of the precipitate on
the austenitic matrix. The regions with the maximum of
deformation are oulined by the ellipses. The formation of
martensite is

] 100 200 200

Phase image from 010. The phase is identical
in both side of the precipitate

Fig. 6. Analysis by the technic of phase images of the displacement field in the austenite around
a precipitate in Cu-Zn-Al
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7. Interfaces in SMA

Interface properties controls the mechanical behaviour of SMA. For instance,
martensitic intervariant interface mobility is responsible for the variant reorienta-
tion process when the specimen is deformed at low temperature in the marten-
sitic state, property related to the shape memory effect. So, the study of inter-
faces with the phase image technique is very fruitfull [10]. Here, we shall on-
ly consider the case of a martensite intervariant interface in CuAlNi-type alloy
(Fig. 7). The interface is definitely coherent, the phase image obtained with gl

R e
LA |

Fig. 7. Coherent interface between two martensitic variants in a CuAlNi-based alloys, with phase image
and two phase profiles. The height of the ledge correspons to lattice vectors in the two variants

reflexion shows a progressive phase evolution at the level of the interface. Fur-
thermore, a ledge is clearly visible, with an extra fringe parallel to the interface.
The thickness of the ledge, evaluated from two profiles marked 1 and 2, approx-
imately corresponds to lattice periodicities in the two variants, so no extra defect
is associated with the ledge which must be involved in the reorientationnal pro-
cess.

8. Concluding remarks

Fourier analysis and, specially, phase images are very efficient tools for extracting
quantitative data from high resolution images or for the analysis of an interface with
respect to coherency, semi-coherency or incoherency. The displacement field is also
accessible from this method. Nevertheless, the interpretation of then results must be
considered with care because we are working with 2-dim images from 3-dim specimen,
we have very thin specimen and the effect of the free surfaces can be important for the
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relaxation of strains. For better results, it is also important to correct the image from
the projectors lens distortions (11).
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SELECTION RULES FOR THE PRODUCTION OF BULK METALLIC GLASS
PRECURSORS FOR SHAPE MEMORY MATERIALS

ZASADY WYBORU MASYWNYCH SZKIEEL. METALICZNYCH JAKO PREKURSOROW
DO PRODUKCJI MATERIALOW Z PAMIECIA KSZTAETU

The paper is focused on the development of the following technological paths: (metallic
melt) — (bulk metallic glass precursor of shape memory material) — (superplastic defor-
mation on heating through the supercooled liquid region) — (crystallization and final micro-
crystalline material with martensitic transformation in a predetermined temperature range).
Main attention is paid to design of multicomponent (Ti,Zr,Hf)A(Co,Ni,Cu,Pd)g alloys with
compositions varied around an effective intermetallic compound AB (A:B = 45:55; 50:50;
55:45). One of the challenging problems here is to find a chemical composition window
of our multicomponent systems fitting the known empirical rules for a high amorphization
ability and keeping the martensitic transformation and good shape memory properties after
crystallization,

Keywords: bulk metallic glasses, rapid solidification, shape memory alloys, martensitic
transformation.

Artykul przedstawia rozwdj nastgpujacej §ciezki technologicznej: (ciecz metaliczna) —
(masywne szkto metaliczne jako prekursor materialu z pamigcia ksztattu) — (nadplastyczne
odksztalcenie w zakresie cieczy przechtodzonej) — (krystalizacja w okre§lonym zakresie
temperatur i uzykanie koricowego mikrokrystalicznego materialu z przemiang martenzytycz-
na). Giéwna uwage zwrdcono na zaplanowanie wielosktadnikowych stopéw (Ti, Zr, Hf)a(Co,
Ni, Cu, Pd)g o skiadzie zmieniajacym si¢ w poblizu sktadu zwigzku migdzymetalicznego
AB (A:B = 45:55, 50:50, 55:45). Jednym z podstawowych probleméw jest znalezienie za-
kresu skladéw chemicznych dla ukladéw wieloskladnikowych, pasujacych do znanych regét
empirycznych tworzenia stopéw o duzej zdolnoSci do amorfizacji, i réwnocze$nie zacho-
wania przemiany martenzytycznej oraz dobrego efektu pamigci ksztaltu po krystalizacji.
Stowa kluczowe: masywne szkla metaliczne, szybkie krzepniecie, stopy z pamigcig ksztattu,
przemiana martenzytyczna.
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1. Introduction

The bulk amorphous alloys (bulk metallic glasses, BMG), a novel strategically
important class of materials attracted attention as precursors to produce (by crystal-
lization) the nanostructured materials. The development of amorphous and nanocrys-
talline alloys has increased interest for the past several years due to their specific
mechanical properties: at room temperature some materials have the tensile fracture
strength of 2000 MPa with 2% elastic strain prior to fracture [1-3]. The amorphous
alloys were found to have features of new alloy compositions and new atomic config-
urations which are different from those for the crystalline alloys. These features lead
to various specific characteristics such as good mechanical properties, useful physical
properties and unique chemical properties {1]. The nanostructured materials produced
from BMG precursors show good mechanical properties, soft and hard magnetism,
high magnetostriction in low applied field, high catalytic properties. Moreover, some
BMG show an extremely large elongation (several hundreds, even thousands percent)
obtained by tensile deformation in the supercooled liquid region. Recently, Zr- and
Ti-based bulk amorphous alloys were produced by arc-melting with drop casting and
induction melting with injection casting [1, 3, 16].

Shape memory alloys (SMA) have been of increasing interest both from the aca-
demic and industrial communities due to their unique functional properties: the one-
and two-way shape memory (up to several percent of recoverable deformation) and su-
perelasticity effects caused by reversible martensitic transformation. The shape memory
effect consists in the following: a specimen deformed (by tension, compression, bend-
ing, etc.) in the martensite (low-temperature phase) state recovers its original shape
upon heating due to the reverse martensitic transformation. Among others, a very
important condition of obtaining the shape memory effect is a thermoelastic equilibri-
um between the coexisting parent and martensite phases (so-called Kurdyumov’s
effect) and formation of self-accommodated groups of martensite crystals (having the
same crystal structure but different orientations) with highly mobile interfaces.

Despite a long-term history of the shape memory materials, the NiTi- and CuAl-ba-
sed alloys remain two major groups of commercially used materials for which indus-
trial, in particular, medical applications have been developed [4]. The shape recovery
and service temperatures in such applications are below ~100°C, and requirements
of thermoelastic martensitic transformation and fine martensite morphology are easily
fulfilled. About 15 years ago, C.M. Wayman and T.W. Duerig reported
more than 15 different SMA systems [4]. Recently, a number of other alloys and
ceramics have been developed, in particular, for enhanced temperature applications.
The sensor and actuator applications in the automotive, electrical and power industries
require higher service and shape recovery temperatures up to 200°C and above [5].

Strictly speaking, a design of chemical compositions themselves exhibiting marten-
sitic transformation is not a difficult problem. Up to now, researchers have proposed
a large group of conventional paramagnetic SMA for high-temperature applications
(the shape recovery temperature Ar up to 1000°C) starting with binary TiPd [6, 7],
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TiPt [8], NiAl [9], etc. In many cases, however, the shape memory applications are
limited by poor ductility of currently available SMA that leads to difficulties in their
processing and providing stability of the microstructure and shape memory effect. To
overcome the brittleness of binary SMA, two approaches can be effective:

1. Modification of the alloy chemical composition with the third and forth elements
in order to improve mechanical properties and make the alloy ductile, adjusting simul-
taneously the martensitic transformation temperatures to fit the required temperature
interval.

2. Development of alternative production technologies which enable to obtain
materials in forms close to requirements of end-users, such as the physical vapour
deposition, magnetron sputtering, laser oblation, powder metallurgy, rapid solidification
techniques. It should be admitted that very often in these methods the materials are
received in amorphous state.

Here, we are going to present some considerations regarding the SMA selection
for rapid solidification techniques keeping in mind the main idea to develop the follow-
ing innovative technological paths: [metallic melt] — [bulk metallic glass precursor
of shape memory material (BMG/SMA-precursor)] — [superplastic deformation on
heating from the glassy state through the supercooled liquid region] — [crystallization
and final microcrystalline material with martensitic transformation in a predetermined
temperature range].

The development of amorphous precursors for shape memory alloys has long-term
history, nevertheless, the nature of amorphous microstructure was not fully understood
until a principally new approach — bulk metallic glass precursors for shape memory
alloys — appeared several years ago [10]. Such “glassy” approach to amorphous phase
has been successfully applied to further development of the muticomponent SMA
systems [36-40]. Importance of BMG/SMA-precursors for practical applications is
evident since the formability during the glassy-to-crystalline transition enables to obtain
SMA semi-products in forms close to the end-user requirements. It has been found
that, for obtaining alloys with high functional properties, it is not sufficient to optimise
only the technological parameters of their production by “non-traditional” (for SMA)
technologies. The reverse task is becoming an important factor, namely, the search and
development of shape memory alloys with certain chemical compositions fulfilling
maximally the requirements of a specific technology. One of the challenging problems
here is to find a chemical composition window of our multicomponent systems fitting
the known empirical rules for a high amorphization ability and keeping the martensitic
transformation and good shape memory properties after crystallization. It is important
to admit that the main alloy constituent elements are often the same for good BMG
formers and good SMA.

In this paper our attention is concentrated on development of the multicomponent
pseudobinary AB-type intermetallic compound with effective Ti + Zr + Hf mixture as
an element A and effective Co + Ni + Cu + Pd mixture as an element B.
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2. General view on bulk metallic glasses

It is widely stated that most of the metallic melts can keep the amorphous structure
of liquid during rapid solidification with sufficiently high cooling rate. In the temper-
ature regime of the glass formation, on cooling from the metallic melt state, any
physical property (enthalpy, density, viscosity) changes gradually with temperature in
the supercooled liquid area so that there is no abrupt variation or drop and only change
in slope is detected (see Fig. 1 for a thermodynamic potential variation [11]). The on-
set temperature T, called the glass transition temperature, separates two qualitatively
different material states: a supercooled liquid state at higher temperatures and a glassy
(solid) state at lower temperatures which is energetically highly excited (metastable).
The exact position of T is strongly dependent on the metallic melt cooling rate:
the slower is the metallic melt temperature variation on cooling (but enough to avoid
crystallization) the lower is the position of glass transition temperature and more stable
glassy state is reached (see relative position of T in Figure 1 : T¢ > Tg for cooling
rate “a” > cooling rate “b”). On heating (curve “c” in Figure 1), the reverse sequence
of phase transitions takes place from metallic glass state to supercooled liquid one
(small temperature hysteresis is possible) and position of glass transition temperature
T¢. depends on heating rate “c” (usually it coincides with T position for equal cooling
rate, i.e. T g = T¢ for cooling rate “b”=heating rate “c”).

a. b: cooling curves
cooling rate (a) » cooling rate (b)
¢: heating curve aftercurve b
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Fig. 1. A thermodynamic potential in the temperature regime of the glass transition: (a) and (b) —
different cooling rates, (c) - the temperature dependence during heating [11}

To differentiate different alloy systems with respect to stability of their supercooled
liquid against nucleation and growth of crystalline phases and thus different tendency to
the glass formation, several parameters have been used for characterisation of the glass
forming ability. Glass forming ability (GFA), as related to the ease of devitrification,
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is very crucial for understanding the origins of glass formation and simultaneously
very difficult for interpretation. Many different criteria have been proposed based on
the characteristic temperatures measurements by differential scanning calorimetry or
differential thermal analysis [1, 3, 12, 13, 34]. In such experiments, mostly only heating
stage from glassy state through supercooled up to stable metallic melt state is detected
with the crystallisation and melting events (i.e., see DSC curves in Figure 2a showing
glass transition temperature T and crystallisation temperatures T;, and DTA curves
(Figure 2b) showing melting temperature 7 and liquidus temperature 77).
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Fig. 2. a. Typical DSC curves for some bulk metallic glasses, the insert shows the determination of glass
transition [34] b. Typical DTA melting curves, the insert indicates the definition of T; melting point [34]

Some researchers used for long time the definition of the GFA by means of the
reduced glass transition temperature Trg = Tg/Tm (glass transition temperature over
the melting point) and value of the supercooled liquid window 4T = (Tx - Tg) [1, 12].
Intuitively, the higher Trg the narrower is the temperature interval between the metallic
melt and metallic glass states. Consequently, it is easier to prevent crystallisation and
to keep amorphous state to lower temperatures. The best bulk metallic glass formers
have the reduced glass transition temperature value Trg > 0.6 and AT > 60K.

In addition to supercooled liquid range 4T = (Tx — T), the most extensively used
now is a new indicator of the GFA defined as v = Tx/(Tg + TL), where Tk is the onset
crystallization temperature, T and 7 are the glass transition temperature and liquidus
temperature, respectively [13]. For the best metallic glass formers its value has found
to be ¥ = 0.35. The relationship between parameter y and other traditional parameters
such as the critical cooling rate R¢ and critical section thickness Z is formulated and
discussed by Lu and Liu [13].

The GFA of a metallic melt is evaluated in terms of a critical cooling rates (R¢) for
glass transition, which is a minimum cooling rate necessary to keep the melt amorphous
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without precipitation of any crystals during solidification. The smaller critical cooling
rate the higher GFA should be and consequently larger the maximum sample thickness
for glass formation (#,,x) or critical amorphous section thickness (Z¢). However, critical
cooling rate is a parameter that is difficult to measure precisely. Nevertheless, general
tendency “the smaller cooling rate — the higher GFA — the thicker amorphous layer”
is still valid for a large group of metallic alloy systems according to a relationship
between the critical cooling rate (R¢) for glass transition, maximum sample thickness
(tmax or Z¢) and reduced glass transition temperature (T¢/Ty) [1, 12].

Thus, the bulk metallic glasses are metallic alloy systems in which the amorphous
structure of metallic melt is preserved in the solid state on cooling with relatively low
rates (less than 1000 K/s) and, consequently, rather thick amorphous samples can be
obtained. These materials undergo a glass transition between the glassy state and the
supercooled liquid state.

Besides other specific advantages, the BMG materials demonstrate a very attractive
and valuable for technical application feature common for the whole BMG class. On
heating from glassy state at room temperature, practically any bulk metallic glass
formers show the sharp viscosity drop in the supercood liquid window just above T
(viscosity changes from ~ 10'2 Pa-s (typical for solids) to ~ 10% Pa-s) which leads to
a huge formability of the material (up to thousands percent of deformation for specific
compositions). Mechanical behaviour of the amorphous alloys near glass transition
temperature is well described in [14, 15].

3. Selection of the bulk metallic glass compositions

As already mentioned, most of the metallic melts may kept the liquid amorphous
structure during rapid solidification with sufficiently high cooling rates, i.e. critical
cooling rate for monoatomic melts is well above 108K/s, while for binary metallic melts
it may be much lower, up to 105K/s. Recently developed bulk metallic glasses have
relatively low critical cooling rates (below 10° K/s, even several degree per second),
so, appropriate for variety of conventional solidification/casting techniques. Selection
of chemical compositions for such bulk metallic glasses is based on empirical rules
summarised in [1, 12] in following manner: 1. multicomponent systems consisting of
more than three elements; 2. significant difference in atomic size rations above about
12% among three main constituent elements; 3. negative heats of mixing among the
three main constituent elements. Those rules suit well also for formation of the Laves
A-phases (A2B-type), Hume-Rothery electronic driven phases, Frank-Kasper phases,
however, Inoue {1, 12] was the first who formulated them in such way for BMG and
proposed schema “how do they work”. Based on these principles, a large group of
bulk metallic glasses has been developed such as: “rear-earth metal - late transition
metal - simple metals”, “early transition metal - late transition metal - simple metal”
[12, 16-19].
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Despite multicomponent criteria for BMG, in actual cases very often a model
binary A-B (Lennard-Jones type) alloy systems are considered. It seems worth to
emphasise several consequences from empirical rules mentioned above:

1. requirement of different atomic radii R4 and Rp defines the concentration range
of easy amorphization through the minimum critical concentration according to [20,
21}: Cin = 0.1/I(Rp/Ra)* - 1];

2. the vast majority of metallic glasses produced to date in easy glass-forming
systems with negative heat of mixing: negative heats of mixing and asymmetry in the
enthalpy versus composition variation in real metallic systems define position of “deep
eutectic” for a given alloy system [22-25];

3. analysis of available literature data showed that for given alloy system, the
largest critical section thickness and lowest critical cooling rates occur for chemical
compositions at or near their eutectic points [13]. In model binary alloys “deep” eutectic
is located mostly around A65B35 or A35B65; in model ternary alloys “deep” eutectic
is located around A65B25C10 composition and/or vice versa [25].

4. density variation on melting for BMG alloys is much lower (~ 0.5%) than for
ordinary amorphous alloys (up to 5-6%), so the bulk metallic glasses have more dense
metallic melt structure [26, 27]. From topological point of view, the increase in the
degree of the dense random packed structure for BMG is reflected in the difference
of the atomic size distribution plots (ASDP) for ordinary amorphous alloys and bulk
metallic glasses [26, 27].

Thus, for multicomponent pseudobinary AB alloys with appropriate ASDP, the
highest GFA range may be fitted to the requirements for shape memory alloys, namely,
“deep” eutectic near AsoBso for TiNi-based alloys or “deep” eutectic near A;5Bos for
CuAl- and NiAl-based alloys.

4. Phase Selection for shape memory alloys and specific features of pseudobinary
phase diagrams

The martensitic transformation is a structural phase transition occurring by coor-
dinated movement of atoms that does not need diffusion (diffusionless transformation)
and accompanying with a macroscopic shape change of the transformed region. In
paramagnetic SMA, the martensitic transformation underlying the shape memory ef-
fect is induced by change in either temperature or mechanical stress. In ferromagnetic
SMA, the magnetic field plays a role of additional driving force. As already mentioned,
the shape memory effect consists in the following: a specimen deformed (by tension,
compression, bending, etc.) in the martensite (low-temperature phase) state recovers
its original shape upon heating due to the reverse martensitic transformation.

General requirements for SMA composition and microstructure to demonstrate
high functional property may be summarised as follows for model (Ti,Zr,Hf)A(Co,Ni,
Cu,Pd)B alloys:
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1. Precise alloy composition both for intermetallic compound line and inside B2
homogeneity range (maximum deviation < (0.5 — 1.0) at. % will be invited).

2. Ordered parent phase (B2, D03 or L2;), optimal mean grain size and >90%
volume fraction of parent phase.

3. Reversible and thermoelastic martensitic transformation: coherent and mobile
parent phase — martensite phase boundaries; the orientation relationship between the
parent and martensite crystal lattices facilitates formation of an appropriate habit plane
and, consequently, self-accommodation groups of martensite crystals (having the same
crystal structure but different orientations) with highly mobile interfaces.

4. Relatively narrow martensitic transformation hysteresis.

Keeping in mind development of SMA through devitrification, the BMG SMA
precursor should satisfy also general requirements to BMG:

1. Precisicn composition around «deep» eutectic + (0.5 — 1.0) at.%.

2. Empirical rules mentioned above [1, 12]: 1) N > 3; 2) AR > 12%; 3) AH < 0.

3. Minimum critical solute concentration [20, 21]: Cmin = 0.1/[(Rg/Ra)® - 1];

4. Atomic size distribution plot (ASDP) [26, 27] — difference for ordinary amor-
phous and bulk metallic glasses.

5. Crystallization path: Better polymorphous crystallization Am — 8* — a +
B(or B+7), nevertheless, primary crystallization is also appropriate Am — Am*+a** —
a + B [28].

6. Glass forming ability indicators (GFA):

T _ 2
y gl
RG =T 2 3 [35]
Tx
y=XiT, > 04 [13,34]
Tg
AT =Tx —-Tg>60K [1,3,12,13,16,34].

Conventional strategy for multicomponent pseudobinary BMG_ SMA development
starts with binary through ternary, quaternary, quinary till higher-order model (Ti,Zr,Hf
A(Co,Ni,Cu,Pd)g alloy systems. Nevertheless, when selecting chemical composition,
some restriction can arise due to specific features of a binary alloy diagrams, see
summary in Table 1. Indeed, B2 phase is not available for binary TiCu (B11), ZrNi
(CrB) and HfNi (CrB), moreover, Hf did not form AB-type intermetallic compound
with Cu, situation with HfPd is not clear due to lack of data. The situation with limit-
ed number of B2-type intermetallic compounds is well-known phenomena for ternary
Ti-Zr-Ni, Ti-Hf-Ni and Ti-Ni-Cu alloys. So, based on experimental data, the pseu-
dobinary TiNi-ZrNi and TiNi-HfNi cross-sections were reviewed, and the limitation
in B2-phase composition range up to 25 at.% of Zr and Hf, respectively, were found
[29-31] (both ZrNi and HfNi have CrB-type orthorhombic structure). For TiNi-TiCu
quasibinary cross-section, the B2-phase homogeneity range reaches up to 32 at.%Cu,
TiCu has B11 tetragonal structure [32].
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TABLE 1
Specific features of the binary AB microstructure in (Ti,Zr,Hf)(Co,Ni,Cu,Pd) systems
Co Ni Cu Pd
Ti B2(CsCl) & B19’ B2(CsCl) « B1Y’ B11 B2(CsCl) & B19’
Zr B2(CsCl) & B19’ CrB B2(CsCl) & B19’ B2(CsCl) & B19’
Hf | B2(CsCl) CrB No AB. IMC B2(CsCl) & B19’

Effective elemental combinations in quasibinary AB;-AB; and A;B-A,;B cross-
-sections are summarised in Table 2 for (Ti+Zr=Hf)s (Co+Ni+Cu+Pd)p system. Thir-
teen appropriate ternary elemental combinations in pseudobinary system reduce to
three quaternary and one quinary alloy combinations.

TABLE 2A
Effective elemental combinations in quasibinary AB;_AB, cross-sections
System (X); ?tergz};rtzs B2-range /I:xd]gx—-wligﬁo(;f. Remarks | Ar, K
range, at.%
Al | TiCo-TiNi | B2 B2 L 50 | ~7e~7 37 — 400
R1 | TiCo - TiCu | B2 BIll 0..~ 30 ~7o~7
A2 | TiCo-TiPd | B2 B2 0..eenvee 50 | ~7e~6 37 - 820
R2 | TiNi-TiCu | B2 BI1l 0..~30 ~7 e~T
A3 | TiNi-TiPd | B2 B2 0.-x0u, 50 | ~7e~6 400 — 820
R3 | TiCu - TiPd | BI1 B2 ~ 25..50 ~Te~6
R4 | ZrCo-7ZiNi | B2 CiB 0..~25 ~1e~1 Line
A4 | ZrCo-ZrCu | B2 B2 0.8t 50 {~1le~1 Line 300 — 600
AS [ZrCo-ZrPd | B2 B2 (S 50 | ~1e~1 Line 300 — 400
RS | ZiINi-ZrCu | CiB B2 ~25...50 ~1le~l Line
R6 |ZNi-ZPd | CrB B2 ~25..50 ~1e~1 Line
A6 | ZCu-ZrPd | B2 B2 045k e 50 | ~1e~1 Line 600 — 820
R7 | HfCo-HfNi | B2 CiB 0..~ 25 ~2e~]
R8 | HfCo - HfCu | B2 no IMC 0...~ 257 ~2 e No ?
A7 | HfCo - HfPd | B2 B2 0xmale: 50 | ~2e~1 7 ?
F1 HiNi - HfCu | CrB  no IMC | No ~1 e No ?
R9 | HfNi - Hfpd | CrB  B2? 7~25.50] ~1e~1 Line
R10 | HfCu - HfPd | No IMC B2? 7~25.50 | Noe ~1 ?

To “‘precise composition for SMA”’: The homogeneity range of B2-type structure
in Ti-based alloys is relatively large (up to 6_ 7 at.% around AB-composition). In
Zr- and Hf- based alloys, the stronger interatomic interaction results in narrowing of
the AB-type compound composition window (homogeneity range becomes narrower
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TABLE 2B
Effective elemental combinations in quasibinary A;B-A,B cross-sections
w
System (;01u Er;ter‘z;rft;s B2-range XI];IX— l:gﬁo%f. Remarks { Ar, K
range, at.%

A8 | TiCo-ZrCo | B2 B2 L O 50| ~7 o~1 37 — 400
RI1 | TiNi-ZNi { B2 CrB 0.~25 | ~T7eo~1
R12 | TiCu - ZrCu | B11 B2 ~25.50 | ~7 o~ 1
A9 | TiPd-ZrPd | B2 B2 0%;....] 50 ~6 e~1 37 - 400
Al0 | TiCo- HfCo | B2 B2 0. 501 ~7o~2 37 -7
R13 | TiNi - HfNi | B2 CrB 0.~25 [ ~T7e~1
F2 | TiCu - HfCu | BI1 NoIMC | No ~7 & No
All | TiPd - HfPd | B2 B2? L R 50| ~6e~1 820 - 77
Al12 | ZriCo - HfCo | B2 B2 LU 50| ~1e~2 Near Line | 300 — 7?
F3 ZrNi - HfNi | CrB  CiB No ~1 & No Line
R14 | ZrCu - HfCu | B2 No IMC 0..~50 [ ~1e No Line
Al3 | ZrPd - HfPd | B2 B2? 0o 50| ~1es~1 Line 820 - 77

and closer to lines approximately 1 at.% width near AB- composition). Deviation
in chemical composition from ratio A:B=50:50 up to ~1 at.% in binary Ti-Ni and
ternary Ti-Ni-Hf alloys (up to 6 vol.% of A2B-type precipitate) [33] even up to 3 at.%
in ternary Ti-Ni- Zr and Ti-Hf-Ni alloys [5] did not change considerably the martensite
transformation temperatures, while suppress strongly the shape memory property.

So, taking into account the features mentioned above many multicomponent SMA
have been developed [36-42]. The reference binary Ti-Ni SMAs are typical represen-
tatives of the transition metal AB-type compounds. In bulk material condition, they
undergo the B2-B19’ or B2-R-B19’ martensite transformations. The main factors influ-
encing the characteristics of the martensite tranformation temperatures and functional
properties are the chemical composition and microstructure, i.e. grain sizes, presence
and distribution of precipitates, etc.

The introduction of a small quantity of the third and fourth transition metal ele-
ments acts additionally on the martensite transformation temperatures, usually shifting
them to the lower temperature interval with the rate depending on the type/nature of
an individual element. Introduction of a bigger quantity (mostly, above 2-5 at.%) of
alloying elements generally results in formation of “a new matter” corresponding to
the multicomponent solid solution. In this case, introduction of the beta-phase stabi-
lizers (like Cr, Mn, Fe, Co, Mo, Tc, Ru, Rh, W, Re, Os, Ir) usually results in further
decrease of the martensite transformation temperatures or even to full suppression
of the martensite transformation. On the contrary, introduction of the elements from
the very beginning (V, Zr, Y, Nb, Hf, Ta) or from the end (Cu, Pd, Pt, Au) of each
transition metal series often results in the increase of the martensite transformation



835

temperatures. The degree of the increase to be more higher for elements from the end
of each transition metal series than from the beginning.

The reference multicomponent alloys of the A:B type (Ti50Ni50) are formed with
“A”=(Ti, Zr, Hf) and “B”=(Co, Ni, Cu, Pd). Substitution of Zr and Hf instead of Ti
increases the martensite transformation temperatures. Introduction of Co, Cu and Pd
instead of Ni has been chosen according to the golden rules. Some representative
compositions with the ratio “A/B” = 45:55, 50:50 and 55:45 are presented in Ta-
ble 3. Experimental results on XRD, DSC and mechanical testing for representative
melt-spun ribbons are shown in Figures 3 and 4. Most rapidly solidified ribbons are
fully amorphous (Figure 3 a). For all ribbons a classical behaviour characteristic of
amorphous material is observed: a broad region of exothermic relaxation, an endother-
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Fig. 3. a. Typical X-ray diffraction spectra of rapidly solidified ribbons (amorphous) b. Typical
calorimetry of rapidly solidified ribbons: crystallization of amorphous phase (heating rate 0.17 K/s)

mic glass transition (T') and one or several exothermic peaks (T, Ty,) corresponding
to successive transformations from a metastable supercooled liquid state to the equi-
librium crystalline intermetallic phases at different temperatures (Figure 3 b). Those
temperatures are given in Table 3 together with the supercooled liquid window AT. The
superplasticity effect near the glass transition temperature is well known phenomena for
bulk amorphous alloys [14]. To study the superplasticity effect in TiNi-based ribbons,
the“dynamic constant load experiment” was used, namely, deformation behaviour under
constant load on heating from room temperature up to crystallisation temperature T
and above was studied. In Figure 4, typical representatives of the stress-strain (a) and
strain-temperature (b) curves obtained in the dynamic constant load experiment are
presented. After crystallisation at appropriate temperatures, the superelastic deforma-
tion property (Figure 4 c) caused by martensitic transformation is detected up to 2-3%
of recoverable deformation.
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TABLE 3A
Temperatures of glass transition, crystallization and supercooled liquid window (0.17 K/s)
Alloy T,(K) TaK) ThK) To@E ThK AT (K)
Ti32Hf18Ni45Cus 738 778 780 - - 40
Ti32Hf18Ni35Cul5 722 766 769 - - 45
Ti32Hf18Ni25Cu25 705 752 763 782 795 47
Ti32Hf18Ni15Cu35 684 73 74 790 806 47
Ti32Hf18Ni5Cu45 673 718 727 780 803 44
Ti25Zr25Ni25Hf25 669 718 730 767 788 50
Ti27Hf18Ni50Cu5 791 795 - -
Ti27Hf18Ni40Cul5 747 779 782 815 827 33
Ti27Zr18Ni50Cus 789 816 820 - - 27
Ti27Zr18Ni40Cul 759 799 802 - - 40
Ti40Hf15Ni18Cu27 648 712 728 779 801 64
Tid0Hf15Ni13Cu32 656 70 721 771 793 53
Ti40Hf15Ni8Cu37 641 695 707 759 780 55
Ti40Hf15Ni3Cud2 642 691 702 756 773 49
Ti40Hf15Cu45 640 687 699 753 768 47
Ti45Zr10Ni20Cu25 629 690 706 754 777 62
Ti40Zr15Ni20Cu25 615 685 705 759 781 69
TABLE 3B
Temperatures of glass transition, crystallization and supercooled liquid window (0.17 K/s)
Alloy A:B T, (K T, (K) T, (K) AT (K)
Tid48Zr2Ni23Cu23Pd2Al12 50:50 702 726 736 24
Ti47Zr3Ni23Cu20Pd2Al5 50:50 710 756 763 46
Ti45Zr5Ni23Cu20Pd2Agl Al4 50:50 708 753 760 45
Ti47Hf3Ni23Cu24.5Pd2Ag0.5 50:50 706 747 752 41
Ti47Nb3Ni23Cu22Pd2Al3 50:50 704 742 751 38
Ti48Zr2Ni20Cu25Co5 50:50 697 730 735 33
Ti40Zr10Ni20Cu25Co5 50:50 709 748 753 39
Ti47Hf8Ni18Cu24.5Pd2Ag0.5 55:45 661 707 720 46
Ti48Zr7Ni18Cu23Pd2Ag2 55:45 660 706 718 46
Tid48Zr7Ni18Cu25Co02 55:45 690 723 731 33
Tid48Zr7Nil18Cu22Co5 55:45 684 719 730 35
Ti40Zr1S5Ni18Cu25.7Pd1Ag0.3 55:45 684 723 733 39
Ti40Hf15Ni18Cu25.7Pd1Ag0.3 55:45 671 714 730 43
Ti40Hf15Ni11Cu32Co2 55:45 658 701 715 43
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Fig. 4. Typical stress-strain (a) and strain-temperature (b) curves in the dynamic constantmload

experiment; (c) superelastic deformation property caused by martensitic transformation in
Ti32Hf18Ni35Cul5 ribbon after crystallisation
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5. Conclusions

1. The technological path for the production of multicomponent shape memory
alloys initially in the bulk metallic glass state has been developed. A general series
of the AB-type multicomponent alloys has been systematically produced by means of
induction melting prior to casting and rapid solidification (planar flow casting tech-
nique). The alloys with effective constituents “A”=(Ti, Zr, Hf) and “B”=(Ni, Cu, Co,
Pd, Ag, Al) have been examined.

2. The chemical compositions of the developed alloys were optimised according
to sets of selection rules including the empirical rules for bulk amorphous materi-
al and requirements to shape memory materials. The effective elemental combina-
tions in quasibinary AB;_AB; and A;B-A,B cross- sections have been defined for
(Ti+Zr+Hf)A(Co+Ni+Cu+Pd)g system.

3. Most of developed amorphous alloys can be easily crystallised into b.c.c. phase
in a simple crystallisation step or during subsequent heat treatments at temperatures
varied from 400°C to 900°C. Depending on the alloy composition and microstructure
condition, they may undergo a reversible martensitic transformation in the temperature
range from —150°C to +300°C. Several heat treatment routes have been performed in
order to find the optimised structural state appropriate both for the reversible marten-
sitic transformation and good mechanical/functional properties. Smooth increase of the
martensitic transformation temperature with the ageing temperature has been found,
which demonstrate the important role of mean grain size in the martensitic transfor-
mation onset position.
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IN-SITU OBSERVATIONS OF REVERSIBLE MARTENSITIC TRANSFORMATIONS
IN SHAPE MEMORY ALLOYS

OBSERWACJE IN-SITU ODWRACALNYCH PRZEMIAN MARTENZYTYCZNYCH
W STOPACH WYKAZUJACYCH EFEKT PAMIECI KSZTALTU

The conditions of performing in-situ TEM and OM straining and in-situ TEM heating
experiments with CuAIMn and TiNiCu shape memory alloys were discussed. It was shown
that correlating the bulk straining tests with in-situ straining experiments allow to determine
the strain temperature phase diagrams for CuAlMn martensitic phases. The in-situ heating
experiments helped to explain the influence of different elements of microstructure, like grain
size, precipitates or dislocations in TiNiCu alloy on nucleation and grow of martensite.

Keywords: in-situ TEM, in-situ optical microscopy, pseudo-elasticity, shape memory

W pracy przedyskutowano warunki prowadzenia eksperyment6éw in-situ odksztalcania
oraz in-situ grzania stopéw wykazujacych efekt pamieci ksztaitu z wykorzystaniem transmi-
syjnego mikroskopu elektronowego oraz mikroskopu optycznego. Wykazano, ze poréwnanie
serii pomiaréw odksztalcenia prébek masywnych z obserwacjami zmian mikrostruktury w
czasie odksztatcenia cienkich folii z wykorzystaniem mikroskopu transmisyjnego umozliwia
tworzenie diagraméw stabilnosci faz pseudo-sprezystego stopu CuAlMn w funkcji tempe-
ratura — naprezenie. Eksperymenty in-situ grzania cienkich folii z ta§m TiCuNi pozwolity
nakre§lenie wplywu poszczegélnych elementéw mikrostruktury jak wielkosci ziarna, ggsto-
§ci wydzielen, czy dyslokacji na zarodkowanie i wzrost przemiany martenzytycznej.

1. Introduction

The shape memory (SM) effect observed in some alloys results from the possibility
of reverting of the coordinated movement of atoms undergoing martensitic transfor-
mation called in the past also “military transformation” [1, 2]. Therefore, the changes
of shape are totally dependent on martensitic transformation temperature range being
sensitive to stress level, alloy composition and microstructure [3]. Additionally, in some
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alloys not only the cooling of parent phase might results in formation of a sequence of
martensite phases [4], but sometime martensite to martensite either on cooling [5, 6]
or straining [7] are also possible modifying the final shape memory of the investigated
material.

As most applications of SME require good knowledge of the start, finish and extent
of reproducible shape change, therefore understanding of the influence of different
microstructure features on martensitic transformation is of primary importance. The
heating, cooling or straining experiments performed in the optical microscope (OM)
or even more in transmission electron microscope (TEM) i.e. in-situ OM or TEM [8]
seem to be an obvious choice for tasks like that. However, the events taking place in
microstructure during in-situ TEM experiments may differ from that taking place in
bulk material due to the so called thin foil effects [9] including either stress relaxation
or accumulation caused by extreme thinness of the thin foil. Therefore, they routinely
should be checked with the ex-situ experiments like with the furnace treated bulk
samples. Because, in case of reversible martensitic transformation no such ex-situ
proof is possible, so support from other experiments basing on detail either “macro”
straining or differential scanning callorymetry (DSC) has to be produced. Coupling
of the in-situ TEM with in-situ OM might also help better explain analyzed relations.
Another problem during in-situ TEM experiments is a lack of precision of temperature
or strain level determination. Special calibration procedures using samples with well
know transformation temperature help only to some extent, as every thin foil is slightly
different and even on the same thin foil different places of interest are located closer
or farther from holder furnace and in effect will remain at different temperature. The
calibration of strain holder is even more problematic and usually only the elongation
is used. However, the uncertainties of exact temperature or strain can be accepted as
long as one rely rather on the sequence of events than on their correlation with exact
temperature or strain level.

Taking into account the mentioned above limitations the present paper reviews the
possibilities of application of in-situ straining and heating OM, SEM and TEM exper-
iments for analysis of reversible martensitic transformation in CuAlMn and TiNiCu
shape memory materials.

2. In-situ straining experiments with CuMnAl SM alloys

The Cu-23 at% Al-7 at% Mn and Cu-20 at% Al-10 at% Mn alloys undergo
martensitic transformation on cooling from S, parent to ;" (2H type) phases. This
phase transformation results in change of electrical resistance (Fig. 1), which helped to
determined martensitic transformation characteristic temperatures (Table). The defining
characteristic temperatures through tangent lines, allows to use them as characteristic
temperatures for shape memory effect, but “cutting of” the tails of sigmoid curves left
place for small amount of martensite even above of the M, temperature, what might
show later in in-situ experiments.
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Fig. 1. Change of electrical resistivity vs. temperature of Cu-23Al-7Mn (2) and Cu-20Al- 10Mn (b)
alloys allowing to determine the characteristic martensitic temperatures [10, 11]

TABLE
Martensitic transformation characteristic temperatures of CuAlMn alloys

Alloy M[°C] | M;[°C] | A[°C] | Af[°C]
Cu-23Al-7Mn 287 268 305 313
Cu-20Al-10Mn | 256 241 254 268

The stress-strain curves for CuMnAl alloys obtained below M/ temperature show
characteristic for SM alloys deformation on unloading, recovered after heating above
Ay temperature (Fig. 2a, 3a). However, above Ay the stress-strain curves for these alloys
show strong stress relief jumps (Fig. 2b,c, 3b,c), while similar curves for most widely
investigated CuAINi alloys show relatively smooth response to stress in that range [10].
Relying on R.T. X-ray diffractometry one may assume formation of different martensite
phases at different strain levels in a way marked for curves in Fig. 2. However, assigning
one part of curve to 8; — 81" and another to 8; — ¥;’ transformations remain at that
stage only a hypothesis.

The in-situ OM straining experiments add some support to above consideration,
i.e. possibilities of formation of two different martensite phases in lower temperatures
(ust below A; temperature) and only one at higher temperatures (above Ay) as in
former case different variants form, while in the latter only one set of plates develop
(Fig. 4). Additionally, in case of straining at lower temperature a presence of large
plates were noted, while during the other experiment the transformation progressed
only by formation of fine parallel plates. The dark arrow present on micrographs is
aimed at reference point chosen for each experiment to help to locate of movement of
glissile boundaries of martensite plates. The strain-stress characteristics showed slightly
stronger serration in “plateau” area, than the one taken for bulk samples (Fig. 2, 3).
The nucleation of larger plate (Fig. 4-1) or simultaneous nucleation of bunch of thinner
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parallel plates (Fig. 4-A) resulted in characteristic stress relief notch on strain-stress
curves. The thin foils stressed at the lower temperature just behind the yield strain show,
however much stronger stress jump marked by oy (upper) and gy (lower), than in other
cases. It was again assumed that this situation might be due to the fact that significantly
lower stress is required to form 2H martensite, than 18R, as observed in cases of other
SM alloys like CuAINi or CuAlFe [11, 12]. Continuing these experiments at different
temperatures allowed to plot boundaries of stability of different martensitic phases in
stress-temperature field (Fig. 5) for monocrystal stressed along the direction as marked
in the same figure.

The in-situ straining in TEM might reproduce the standard stress-strain test only to
some extent as the observations must be performed using thin foil, which are not only
extremely thin but usually contain multiple cracks acting as notches on bulk samples.
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L5 mn

Fig. 4. In-situ OM stress-strain curves of Cu-20Al-10Mn single crystal with series of corresponding
micrographs taken at increasing strain for experiments performed at 262 K and 299 K marked by
numbers and letters respectively [11]

The application of High Voltage TEM like JEOL 1MV instrument giving access to
slightly thicker areas is improving this situation only slightly. Even in such adverse
situation, the straining of thin foil cut from Cu-20Al-10Mn monocrystal in [001]8;
orientation allowed follow event from strain induced martensite transformation (Fig. 6).

The first micrograph reproduced from video recording taken just before the yield
stress show already both presence of parent phase (lighter contrast area with curved ex-
tinction contours) as well as presence of large martensite plate (dark with characteristic
parallel stacking faults). Presence of martensite in this alloy at that temperature might
be only explain by local stress accumulation in thin foil. However, continuation of
straining of this thin foil showed nucleation of a series of fine parallel needles arrange
parallel to tensile axis. The presence of permanent deformation after stress relief in
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this pseudo-elastic at R.T. alloy is most probably due to inhomogeneous deformation
in thin areas where plastic deformation of martensite might occur.

The electron diffractions, helped to prove that in the investigated alloy at first the
parent 3; transforms nearly exclusively into of y;’ (2H) martensite forming both thick
and fine plates (Fig. 7). At larger strains the transformation of parent 8, to 8,’ (18R)
martensite proceeds most often through formation of parallel plates (Fig. 8).

Fig. 7. Transmission electron micrographs presenting formation of martensite plates in Cu- 20Al-10Mn
alloy at R.T. at initial stage of loading (a) and corresponding diffraction pattern (b) [12]

Fig. 8. Transmission electron micrographs presenting formation of martensite plates in Cu- 20A1-10Mn
alloy at R.T. at final stage of loading (a) and corresponding diffraction pattern (b) [12]

The following crystallographic relationship between the parent and martensitic
phases were observed [00118, || [010]y;’, 81" and [110}8; || [001]y,’, B,’. At places
of high stress concentration like those near cracks, a very high random stacking fault
density was observed making identification of stacking structure of martensite impos-
sible.
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3. In-situ heating experiments with TiNiCu SM alloy

The simplest in-situ temperature controlled martensite transformation observations
using transmission electron microscopy can be performed relying just on the small
heating effect of the electron beam necessary to retransform martensitic plates to
“austenitic” phase. Such experiments require an alloy for which the end of marten-
ite transformation M is at or very close to R.T. Even than, some thin foils might
either lack martensite at all or contain martensite plates, which due to specific stress
concentration will not revert to parent phase within the accessible with this method
temperature range. However, observations like the one published by Saburi and Neno
[8], who using this technique were able to pinpoint martensite nucleation sites as well
as crossing of the martensite plates through grain boundaries, proved it a quite capable
technique.

The other approach relies on heating of thin foil using special holders having built
in resistance “furnace”, which allows to observe phase transformation up to 1000°C. As
the thermocouple registering the nominal temperature is welded to the top of the fur-
nace at the side of the holder the temperature at the place of interest will differ the more
the higher the sample will be heated. The developed gradient of temperature depend
not only on distance between thermocouple and place of interest (usually ~1,5 mm),
but also on heat conductivity of investigated alloy, thin foil “geometry” and thin foil
contact area with furnace sides. It is impossible to estimate effect of all mentioned
above parameters, but rough calibration of “real” temperature with material of well
now structure changes at sharply define temperature is still useful. One possibility
present amorphous melt spun ribbons like the one obtain from Ti25Zr20Ni27.5Cu27.5
alloy, which crystallizes at very narrow temperature range (Fig. 9).

I T,=510°C
| 200
|
i

) J

| 400 425 450 475 500 s25  [°C} 550

heat flow {a.u.]

T, = 508°C

Fig. 9. Thermal effects registered during heating in DSC at 20°C/min of an amorphous ribbon obtained
from Ti25Zr20Ni27.5Cu27.5 alloy [13]

Similar, i.e. at approximately the same heating rate treatment of the thin foil
prepared from the amorphous ribbon also started to show changes in microstructure
at above 500°C. However, fine homogenously nucleated crystallites — which formed as
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first — turned out to be connected with some surface effect, like formation of surface
oxides, as their density was similar in thinner and thicker areas (Fig. 10a). Next, at

1 um

Fig. 10. Transmission micrographs of thin foils obtained from different thin foils from
Ti25Zr20Ni27.5Cu27.5 alloy heated in-situ up to: a) 500°C, b) 550°C and c) 570°C (the last thin foil
was significantly thicker than the two other foils)

around 550°C, coarser crystallites started to grow but only at the thin foil edges, which
helped to classify them as artifacts as well (Fig. 10b). Only at around 600°C, the
homogenous nucleation of fine crystallites started in the thicker parts of the same
foil. One may also notice that in the amorphous zone between two crystalline areas
the small surface crystallites like the ones in Fig. 10a are also present. The repeating
above experiments with much thicker thin foil and heating it five time faster resulted
in crystallization at even slightly higher temperature of 650°C of the whole foil except
the edge. The longer times necessary to start crystallization of the edge indicates that
it might be controlled by oxide from the microscope chamber.

The above experiments indicate that performing experiments at around 500°C one
may expect an ~ 100°C lower temperature of the place of interest at thin foil in respect
to nominal temperature. Additionally, to avoid surface effects connected with either
stress accumulation or surface oxidation one should choose foils as thick as possible,
i.e. at the transparency limit. In that case the diffraction contrast will be sacrificed to
large extent but the observed events have a good chance to be close to those having
place in bulk material.

Alloying of NiTi with copper allows obtaining material with larger shape memory
recoverable strains in narrower temperature range at a penalty of increasing brittleness.
This situation in natural way stimulated interest in non-conventional alloy preparation
techniques like mechanical synthesis or melt spinning. The strong decrease of melting
temperature with copper addition favored melt spinning, but easily obtained ribbons
turned out amorphous. The proper heat treatment helped to transformed them into
B phase but subsequent thermal cycling within the martensitic transformation tem-
perature range showed wider than expected two stage transformation. The question
was weather this negative effect resulted from martensite to martensitic transforma-
tion or other factors. The heat treatment in DSC showed that the final splitting of
transformation peaks starts at the early stages of crystallization (Fig. 11). However, the
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question remains weather in some places the martensitic transformation is retarded or
just occupied by other martensitic phase which grow at lower temperature.
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Fig. 11. DSC curves of martensitic (a) and reverse (b) transformation in Ti25Ni25Cu ribbon aged at
450°C for times up to 1 hour [14]
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The TEM observations showed that the microstructure of the as cast ribbon is
mostly amorphous with large — spherical in plan view — crystallites of B2 phase
(Fig. 12a). These crystallites are either single or grouped in small colonies (Fig. 12b).
The external boundaries of such colonies are smooth and always bowing out.

Fig. 12. Microstructure of as spun Ti25Ni25Cu ribbon: a} large single grains surrounded by amorphous
matrix, b) group of grains surrounding pocket of amorphous material (weak plate like contrast is an
imprint on surface oxide of martensite plates formed during electropolishing at low temperatures)

Heat treatment of ribbon either ex-situ in furnace or in-situ in TEM at 400°C first
restart slow growth of big grains and simultaneous nucleation of plate like precipitates
inside them (Fig. 13a). Both grain centers and especially narrow strips adjacent to
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Fig. 13. Microstructure of Ti2SNi25Cu ribbon in-situ TEM heat treated at: a) 400°C/20 min,
b) 450°C/3 min

original big grain boundaries remain free of these plates forming classical precipitate
free zone. The strip of newly added crystalline material has the same orientation but
is much more faulted than big grains. The defects are mostly dislocations running
parallel to growth direction. Heat treatment at still higher temperature results in fast
homogenous crystallization of the remaining amorphous matrix producing large areas
filled with fine equiaxed B phase grains (13b).

Cooling of fully crystallized thin foils to room temperature (R.T.) usually resulted
in their full transformation to martensite (Fig. 14 — R.T.), in the following sequence:
first martensite plates form in the centers of large grains, next in newly formed small
equiaxed grains and finally transforms the most heavily faulted strip re-grown at the
surface of primary circular grains. The analysis of the diffraction patterns proved that in
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Fig. 14. In-situ heating of the ribbon from the alloy NiTi25Cu. After melt spinning the ribbon was heat
treated at 450°C/20 min to crystallize the amorphous part [14]

all areas only B19 martensite forms. The in-situ heating causes a reverse of described
above sequence of transformation of martensite to B2 phase as shown in series of
images presented in Fig. 5. In detail one may see that heating up from R.T. first to
30°C causes ‘“shrinking” of all the plates from large grains centers but only a few of
martensite platelets from small grains. At that stage of heating the martensite formed
in most heavily faulted strips at the rims of large grains remains nearly unchanged.
Rising the foil temperature up to 40°C removes the martensite plates from the small
grains but still leaving the bordering strip untouched, i.e. filled with martensite plates.
Only further in-situ heating caused gradual removal of martensite plates from that strip
changing it again to the S8 phase.

The performed in situ TEM experiments showed that only one type of marten-
site forms in the ribbons obtained from Ti25Ni25Cu as amorphous and crystallized
afterwards. The delayed nucleation and growth of the same martensitic phase in dif-
ferent parts of the same thin foil was explained by differences in grain size as well
as dislocation and precipitations density. The DSC measurements indicated that the
reversible martensitic transformation for the thin foil having been kept at 450°C for
20 min. should have been finished at 40°C and indeed at that temperature martensite is
gone from both large and small grains. The formation and disappearance of martensitic
plates in the heavily dislocated rim around big grains was probably below sensitivity
of this DSC, as the signal from the so named big grains itself was, judging from their
transformation energy in respect to the transformation energy of the fully crystalline
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ribbon, at the level of 10%. The rim might make up to 0,5%, but presence of grain
colonies will push this estimation toward even lower values. At so low temperatures, i.e.
below 100°C accordingly to the calibration performed at the opening to this paragraph,
one may expect only few degrees difference between nominal and real temperature at
the place of interest. Accordingly it cannot be accounted for the prolonged presence
of martensite in the rim around big grains.

4. Summary

The in-situ straining and in-situ heating experiments require detailed support from
other experiments like straining of bulk samples or DSC respectively, but are able to
give us unique possibility to follow phase changes like reversible martensitic transfor-
mation. The side effects caused by extremely small thickness of thin foils should always
be anticipated, but support from other experiments and proper calibration whenever
possible should help to filter artifacts from events taking place in bulk materials. As
during in-situ TEM experiments one has no possibility to measure neither real strain
nor temperature at the place of interest, though the sequence of events is still very
valuable information.

Properly executed in-situ straining eXperiments with shape memory alloys help to
determine the sequence of phase transformation in pseudoelastic range and in con-
sequence develop strain-temperature phase diagrams for them. The in-situ heating
experiments may explain the influence of different elements of microstructure, like
grain size, precipitates or dislocations on nucleation and grow of plates of martensite.
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THE POSSIBILITY OF APPLICATION OF NEWLY DEVELOPED ALLOYS AS
STRESS AND FORCE SENSOR WITH EXTENDED OPERATION TEMPERATURE RANGE

NOWE MOZLIWOSCI ZASTOSOWANIA STOPOW Fe35_,Co,Nb;Cu,Si;3 5By
JAKO SENSOROW NAPREZENIA I SILY DZIALAJACYCH W SZEROKIM
ZAKRESIE TEMPERATUR

The paper presents a new possibility for the utilizing of Fe-Co-Si-Cu-Nb-B al-
loys as the cores of stress and force sensors. Increasing of cobalt content in the
Feq; 5-,Co,Nb3Cu; Sij3 5By alloys cause increase their Curie temperature. As a result sensors
with cores made of such material can operate in higher temperature range than sensors based
on the well known amorphous alloys or FINEMET-type (Fe,3 sNb3Cu; Sij35Bg ) alioys. In the
paper both novel construction method of magnetoelastic sensors as well as magnetoelastic
characteristics of Fesss5.,Co,Nb3Cu,;Sij3sBg alloys in the as-quenched and nanocrystalline
states are presented. Some guidelines for magnetoelastic sensors constructors are indicated.

Keywords: magnetoelastic properties, nanocrystalline alloys, force sensors

W referacie przedstawiono nowe mozliwosci wykorzystania nanokrystalicznyh stopéw

Fe-Co- Si-Cu-Nb-B jako rdzeni magnetosprezystych sensoréw naprezefi i sil. Stwierdzono,

ze wzrost zawarto$ci kobaltu w tych stopach powoduje wzrost ich temperatury Curie. W

rezultacie sensory wykonane z tych materialéw moga pracowaé w szerszym zakresie tem-

peratur niz sensory z rdzeniami z innych stopéw nanokrystalicznych (np. z FINEMETu o

skiadzie Feq;sNb3Cu,Sij35Bg). W referacie przedstawiono zaréwno nowe rozwigzania w

zakresie konstrukcji sensoréw magnetosprezystych jak i charakterystyki magnetosprezyste

stopéw o skladzie Fesss.,Co,NbsCu,;Sij3 5By zar6wno w stanie wyjSciowym jak i po re-

laksacji strukturalnej. W rezultacie sformulowano wytyczne dla konstruktoréw sensoréw
magnetosprezystych na bazie stopéw Fe-Co-Si-Cu-Nb- B.

POLA;DINDUSTRIAL RESEARCH INSTITUTE FOR AUTOMATION AND MEASUREMENTS “PIAP”, AL. JEROZOLIMSKIE 202, 02-486 WARSAW,

** INSTITUTE OF NON-FERROUS METALS, SOWINSKIEGO 5, 44-100 GLIWICE

FACULTY OF MATERIAL SCIENCE AND ENGINEERING, WARSAW UNIVERSITY OF TECHNOLOGY, WOLOSKA 141, 02-507 WAR-
SAW, POLAND

**** INSTITUTE OF METROLOGY AND MEASURING SYSTEMS. WARSAW UNIVERSITY OF TECHNOLOGY, SW. A, BOBOLI 8, 02-525
WARSAW, POLAND

.



856

1. Introduction

The mechanical stress changes the magnetization process of the soft magnetic
material. This effect, known as magnetoelastic Villari effect, is especially important in
the case of alloys, where the magnetocrystalline anisotropy is low and the proportion of
magnetoelastic energy in the total free energy is especially significant. As a result such
materials are highly stress-sensitive [1]. This high stress sensitivity creates possibility
of construction of stress and force sensors with significant advantages. In a case of
such sensors ferromagnetic material can be both sensing and construction element.
Contrary to strain gauge sensors, in magnetolastic sensors, sensing element should not
be mounted at elastic bar with adhesive layer. Moreover, due to significant changes of
magnetic parameters of the material (e.g. magnetic permeability ? can change up to
70%) measuring signal form magnetoelastic stress and force sensors is convenient for
both analog and digital processing.

Magnetoelastic sensors based on the classical crystalline materials (such as Fe-Ni-
-Co alloys) were successfully used in heavy industrial applications [2], but the possibil-
ities of a new applications of these, classical materials were significantly depleted. The
main barrier of application of such sensors in heavy industry is limited operation tem-
perature range of sensors. On the other hand process of development of new magnetic
materials for cores of inductive components operating at higher temperatures, such as
FINEMET-type alloys with cobalt addition, can give fresh impetus for the construction
of magnetoelastic sensors. '

Finemet-type nanocrystalline alloys with cobalt addition create new possibilities
of obtaining soft magnetic materials working at high temperatures and high frequency.
The Fe-Co-Cu-Nb-Si- B nanocrystalline alloys, consisting of nanosized crystals sur-
rounded by residual ferromagnetic amorphous matrix, have slightly worse magnetic
properties at room temperature than the FeCuNbSiB alloys, but are more stable at
elevated temperatures [3]. As a result these group of materials creates very interesting
possibilities of industrial application in the area of stress and force sensors operating
at higher temperatures.

2. Investigated material

In spite of the fact that the Fey3 5_,Co,Nb3Cu;Sij3 5Bg have slightly worse magnetic
properties at room temperature than the Fes3 sNb3CuySiq35Bg alloys, their properties
are more stable at elevated temperatures. For this reason such material seems to be
much more suitable for industrial applications. Increase of Co content in the alloy
results in the increase of T,, which is the highest for the alloy containing 40 at. %,
and is then by 80°C higher than in the case of the alloy without Co. From the estima-
tion of the Curie temperature T, the thermomagnetic analysis was performed using
a Faraday magnetic balance. The measurements of saturation magnetization for alloys
in the as-quenched state and after annealing in optimal temperatures were performed
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starting from room temperature up to 800°C, at the heating rate of 3°C/min in the
magnetic field of 0.5 T. The optimal annealing temperature was the temperature for
which the best magnetic properties are obtained in case of the specific Co content [4].
Figure 1 shows evolution of the Curie temperature 7, for the amorphous matrix of the
Fe73 5-yCo,Cu;Nb3Sij3 sBg (x = 0 — 50) alloys after annealing at optimal temperatures
and comparison with T, value in the precursor amorphous phase.

480 Fez,Co,CuND,Si; By

340 —o—T_ in the as-quenched state
—u— T amorphous matrix, after annealing at T,
3204
3(!] ¥ T T T T T
0 10 20 30 40 50
Co content [% at]

Fig. 1. The influence of the Co content, in the as-queched alloys and after nanocrystalization at the
optimal temperatures, on its Curie temperatures

The influence of cobalt addition on the saturation magnetostriction of Fes3s-,Coy
Nb;Cu;Si;35B9 alloy, in both as-quenched and nanocrystalline state, is presented in
Figure 2. All the investigated alloys are surprisingly soft despite of the relatively large
value of A,. In the case of as-quenched alloys increasing of cobalt content results in
a decrease of saturation magnetostriction A, of the alloy. This effect can be explained
by the fact that magnetostriction of iron is positive and magnetostriction of cobalt —
negative. It should be indicated, that in the case of nanocrystalline samples the value of
saturation magnetostriction of the Fes;5.,Co,Nb3Cu;Si 3 5By alloy first increase and
than decrease with increasing cobalt content in the sample. This effect is connect-
ed with the fact, that addition of cobalt has significant influence on the process of
nanocrystallization of Fes3 5-,Co,Nb;Cu,;Si;3 5By alloy. The Co content dependence of
A for the nanocrystalline samples resembles the Co content dependence of A, for the
Fe-Co binary alloy, where we have a minimum for K (magnetic anisotropy constant)
and maximum for A; at Fe 50 : Co 50. Cobalt is distributed both in the crystalline grains
and residual amorphous matrix, so the overall concentration of Co is not necessarily
equal to the concentration in Fe-Co crystallites [5]. Investigation was carried out on
six ring-shaped cores made of Fes3 5_,Co,Nb;Cu,; Si;3 5B (and after nanocrystallization
due to the heat treatment. The heat treatment was carried out at 550°C (x = 0), 500°C
(x = 20) and 490°C (x = 40). The outer diameter of the samples was 32 mm, the inner
diameter was 25 mm and the height was 10 mm.
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25 7 as-quenched

saturation magnetostriction

0 10 20 30 40 50
Co content x (%)

Fig. 2. The influence of the on Co-content x in the Fes;s_,Co,Nb3Cu,Sij5sBy alloy on its saturation
magnetostriction A; (in as-quenched and nanocrystalline state)

3. Method of magnetoelastic investigation

In the case of magnetoelastic stress sensors based on the ring cores made of
amorphous or nanocrystalline alloys, the method of applying stresses to the sensing
element is the most essential. Such magnetic alloys are produced as the ribbon ring
cores. For this reason the frame- shape core [6], which is effective for bulk magnetic
materials (i.e. ferrites), can not be applied. In previous applications compressive force
was applied to the ring-shaped sensing element in direction of the diameter of the core
[7]. In such a case distribution of stresses in the core was non-uniform. Moreover both
compressive and tensile stresses were present in the sample. As a result both sensitivity
and measuring range of such sensor was limited.

F

G

H

Fig. 3. The idea of the novel method of applying the uniform compressive stress to the ring-shaped
sensing element

To overcome these problems the idea of novel method of the applying the compres-
sive stress to the ring-shaped sensing element was developed. The idea of developed
method is presented in Figure 3. In this method the compressive force F is applied
to the ring-shaped cores perpendicularly to the magnetizing field H [8]. In such case
uniform, compressive stress o can be reached within the whole length of the magnetic
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circuit of the sensing element. Moreover commercially available, ring shaped cores can
be used as the magnetoelastic stress and force sensors [9].

For practical realization of this idea of application of compressive stress to the
ring-shaped sensing element the special device was developed. Due to the special,
nonmagnetic cylindrical backings the magnetic core can be subjected of the compres-
sive force F. Measuring and magnetizing windings can be placed in radial grooves at
the cylindrical backings. Additional, base backings allow a ring core to be subjected
of the compressive force F.

Presented methodology crates possibility of obtaining of the uniform distribution
of compressive stress at the all length of closed magnetic circuit of sensing core.
As a result measuring range and sensitivity of magnetoelastic sensors utilizing this
method may be significantly extended. Moreover new kind of basic research on the
process of magnetization of amorphous magnetic materials subjected to stresses may
be carried-out.

4. Results of magnetoelastic tests

The influence of the external compressive stresses on the shape of hysteresis loop
of Fes3 5Coy0Nb3Cu,; Sij3.5Bg alloy in as-quenched state and after nanocrystallization is
presented in Figure 4. In the case of as-quenched sample (Fig. 4a) under the influence
of stresses up to 10 MPa the value of flux density B increases monotonously. In the
case of the sample in nanocrystalline state (Fig. 4b) the value of flux density B initially
increase and than decreases.

c
FogysCoNbiCu Sisy By 2507 £ o = -20 MPa

in as-quenched state o -10 MPa
0 MPa
a) ﬂ

FesasCoxNDyCuSina By 600
in nanocrystalline state

Fig. 4. The influence of compressive stresses ¢ on the magnetic hysteresis loop B(H), of
Fes3 5Co20Nb3Cu; Sij35Bg alloy in a) as-quenched state, b) nanocrystalline state
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The influence of compressive stress o on the flux density B in Fes3 5-,Co,Nb3Cu;
Si135B9 (x = 0, 20, 40) cores in the as-quenched and nanocrystalline state is presented
in Figure 5. In the case of samples in as-quenched state (Fig Sa, c, e) under the
compressive stresses up to 10 MPa, the linear increasing value of flux density B was
observed. On the other hand, in the case of nanocrystalline sample the course of
B(o)y characteristics depends on the alloy composition. The highest stress sensitivity
was observed in the case of Fe3 sNb3Cu;Sij35Bg type alloys. In this case flux density
B increases even by 300% for stresses up to 2 MPa. But for the highest cobalt addition
(x = 40) stress sensitivity of Fes;s-,CoNbsCu;Sij3sBgy alloy decreases significantly.
For stresses up to 10 MPa flux density B changes only about 10%. It should be
indicated, that also such changes of flux density can be utilized in construction of
magnetoelastic sensors. Such sensors can be also more sensitive than known, the most
sensitive semiconductor strain-gauge sensors, where resistance changes up to 0.5%.

Hm =125 Am 500 o 1200 ~
’M £ Hm = 20 Aim E
m = 10 At 1000 o
M— 400 © s
4Nm 800
WM 300 2 A/m fets —
1.6 Am 600
e o] Fey3 sNb;Cu; Sl ¢By 400
20 A/m Feya sNbsCusSirasBo 100 b) in nanocrystalline state 200
a) in as-quenched state 0
. . 0 r t T v T i
20 -15 -10 -5 0 -10 -8 -6 -4 -2 [’}
compressive stress ¢ (MPa) compressive stress o (MPa)
[=
4 500 & - E
Hm = 200 A/m T E Hn=30Am 800 &
w0 @ [
600
M 300
0 AVl 500 400
) Fegs sCozoNbyCus it 5By f 100 Fe33,5C0o20Nb3Cu1Sita By 200
in as-quenched state d) in anneaied state
0 1o
20 -15 -10 -5 0 ¢ -8 L) -4 -2 0
compressive stress o (MPa) compressive stress o (MPa)
Hm = 250 A/m c l %‘
30
H_.-_H_’-h—o—o—._', 400 E Alm - 800 ‘é’
Fey3 5C0,Nb;CuiSisa 5By @ 12 Alm 600 e
S0A/m in as-quenched state 300 S
6 Alm
b 200 ¥ 400
16 Alm 3 Alm
—’_“—0—0—._._“_._' 100 Fex sC0,oNb;Cu;Siis 5By 200
e) q f) in anneaied state
r ~r v Y 1] 0
-20 -15 -10 5 0 -0 8 s 4 B °
compressive stress ¢ (MPa) compressive stress o (MPa)

Fig. 5. The influence of compressive ? on the flux density B (for constant magnetizing field Hm) in the
Fes3.5.,Co,Nb3;Cu, Sij3 5By alloys: @) x = 0, as- quenched state, b) x = 0 nanocrystalline state, c) x = 20,
as-quenched state, d) x = 20 nanocrystalline state, e) x = 40, as-quenched state, f) x = 40,
nanocrystalline state
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In the case of magnetoelastic B(o-)y characteristics of all nanocrystalline samples
it was found that the relative increase of flux density B under stresses was higher
for smaller values of magnetizing field H,,. This phenomenon is connected with the
fact, that for smaller values of magnetizing field H,, participation of the magnetic
energy in a total free energy of the core is lower [10]. As a result participation of
the magnetoelastic anisotropy energy in total free energy of the sample is significantly
higher for lower values of magnetizing field H,,. For this reason the stress sensitivity
is higher for lower values of magnetizing field H,,,.

5. Conclusions

In the paper the new possibility of application of Fe3 s_,Co,Nb3Cu;Sij3 5Bo alloys
in construction of high-temperature stress and force sensors was indicated. Moreover
the novel methodology of applying the uniform compressive stress to the ring-shaped
sensing element is presented. Sensors utilizing this methodology have a wider mea-
suring range and a higher sensitivity than sensors with ring- shaped sensing elements
presented previously.

The presented experimental results confirmed that both alloy composition as well
as nanocrystalline or as-quenched state of the cores have significant influence on the
shape of B(o)y characteristics. The highest stress sensitivity was observed in the case
of Fe73sNb3Cu;Sij3sBy type alloys. But for the temperature-resistant alloy compo-
sitions (with higher cobalt addition, x=40), under the influence of stresses up to 10
MPa, the value of flux density B in the core decreases about 10% (Fig. 5). This
information should be taken into consideration by constructors of the high-temperature
magnetoelastic sensors..
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FORMATION OF TWINNED TETRAGONAL FERROMAGNETIC L1, - MnAl-C

POWSTAWANIE ZBLIZNIAKOWANEGO TETRAGONALNEGO FERROMAGNETYKU
L1¢-MnAl-C

The plate-like modification of the 7-MnAI-C (L1g-structure) is a promising material
for magnetoplastic applications. The formation of the metastable plate-like T from the su-
percooled high- temperature e-phase (A3-structure) is a discontinuous displacive process.
It thus becomes possible to control the appearance of particular variants of the twin-retated
structural domains of 7 at the intermediate stages of the £ — T transformation. The displacive
mechanism of the plate- like T-formation was studied by transmission electron microscopy.
The intermediate &’-phase (B19-structure) forms from the &-phase and transmits the crys-
tallographic correspondence from the matrix £ to the plate-like 7. The structural domain
boundaries of the intermediate &’-phase are the nucleation sites of the plate-like 7. The cru-
cial role of these structural domain boundaries for the formation of the plate-like 7-phase
is demonstrated.

Keywords: displacive transformation, MnAl-C alloys, structural domains, nucleation
sites.

Plytkowa modyfikacja 7-MnAl-C (o strukturze L1,) jest obiecujacym materialem do
zastosowari magnotoplastycznych. Tworzenie si¢ metastabilnych ptytek T z przechiodzonej
wysokotemperaturowej fazy € (o strukturze A3) wynika z nieciaglego procesu przemiany
bezdyfuzyjnej. Istnieje mozliwo$¢ kontroli pojawiania si¢ okre§lonych wariantéw domen
strukturalnych majacych relacje blizniacze fazy T w stanach przejéciowych przemiany € — 7.
Mechanizm przemieszczen podczas tworzenia si¢ plytek 7 byl badany przy uzyciu transmi-
syjnej mikroskopii elektronowej. PrzejSciowa faza &’ (o strukturze B19) tworzy sie z fazy
€ i przenosi zalezno§¢ krystalograficzng z matrycy & do plytek 7. Granice strukturalnych
domen przejéciowe] fazy &' sa miejscami zarodkowania plytek 7. W pracy przedstawiono
decydujaca rolg granic domen strukturalnych w tworzeniu si¢ plytek fazy .

1. Introduction

Large magnetocrystalline anisotropy and mobile twin boundaries are required for a
magnetoplastic response of a material. A few binary and quasi-binary alloys with L1,

.
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structure exhibit high uniaxial magnetic anisotropy and form twins upon loading. The
low cost of raw materials of the 7-MnAl and 7-MnAI-C alloys favors them among other
twinned Llo-type ferromagnets. The metastable ferromagnetic T-phase (L1g structure)
of MnAl forms from the high-temperature supercooled g-phase (A3 structure) ob-
tained after quenching to room temperature, upon annealing at temperatures between
350-750°C. It appears in the concentration range of 52-60 at.% Mn. Addition of
carbon (within the solubility limit) delays the decomposition of both & and 7 to the
equilibrium phases S8 and y [1].

Two different modes of the &€ — r transformation result in two different mod-
ifications of 7 [2, 3], distinguished by their different microstructures (see Fig. 1).
The “flower-like” modification is highly segmented and contains many defects. This
phase is formed by a thermally activated, compositionally invariant process akin to a

Fig. 1. (a) Metallographic image of a Mn-41.57 at.% Al-3.61 at.% C crystal, annealed at 500°C for
2.5 h. The darker, highly segmented areas in the image correspond to the “flower-like” T regions;
(b) Metallographic image of a Mn-39.2 at.% Al-0.8 at.%C crystal, annealed at 400°C for 5 h. The dark
striated region in the middle of the image corresponds to the “plate-like” 7. The lighter background in
both images corresponds to the g-phase.

massive transformation [3]. The “flower-like” T-phase nucleates mainly at impurities
and grain boundaries and grows without any specific crystallographic relationship to
the matrix e-phase (see Fig. 1a). The “plate-like” 7 nucleates within £-grains and has a
specific crystallographic correspondence to the matrix. It is formed by a discontinuous
displacive process.

The shear process of “plate-like” 7-formation involves participation of the inter-
mediate metastable &’-phase (B19 structure) [4, 5] that appears at temperatures below
about 600°C [6]. The intermediate &’-phase transmits the crystallographic correspon-
dence from the matrix-phase ¢ to the product-phase 7 [4, 5]. In the present work, a
detailed description is given of the displacive transformation mode of the formation of
the twinned 7-phase in a Mn-39.2 at.% Al-0.8 at.%C single crystal.
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2. Results and disscusion

The transformation was studied by transmission electron microscopy (TEM) with
the goal to describe details of the microscopic mechanisms of nucleation and growth of
the 7-phase. The transformation starts with an ordering process. The hexagonal g-phase
(A3) transforms to the orthorhombic &’-phase (B19). Mn and Al atoms form chains
along close-packed directions on close-packed planes. Symmetry reduction results in
three crystallographically equivalent orientation variants of £’. These orientation vari-
ants nucleate and grow simultaneously within the matrix . They are fully coherent
and space-filling (see Fig. 2a). Electron diffraction reveals that &£’-domains are already

Fig. 2. (a) High-resolution TEM image of a Mn-39.2 at.% Al-0.8 at.% C single crystal, annealed at
300°C for 21 h, taken along the 100s’ zone axis. Structural domains of &] orientation variants are seen
as differently hatched regions; (b) Electron diffraction pattern of the 100¢; zone axis taken from the
much larger area. Reflections of all three &] variants are present

long-range ordered at the early stages of the transformation (see Fig. 2b). The coherent
growth of &’-domains within the matrix & causes misfit strains at domain interfaces.
When a critical domain size is reached, stacking faults (SFs) on the basal planes of
the e-phase are formed to reduce these stresses. SFs appear within single &’-domains,
locally altering the AB stacking sequence of the &’-phase. Upon progressing transfor-
mation, the SFs become more numerous and accumulate between domain boundaries
(see Fig. 3a), causing streaks in electron diffraction patterns parallel to the c*-axis of
the e-phase (see Fig. 3a, inset). Partial dislocations limiting the SFs, carry the transfor-
mation stresses that build up at the domain interfaces. The stresses are reduced when
partial dislocations of opposite signs form ordered arrays (polytypes). Periodic arrange-
ments of SFs cause additional reflections in electron diffraction patterns. Polytypes of
large periodicity are formed along [100]¢’ (see Fig. 3b, inset). The polytype plates are
confined to single &’-domains. The domain boundaries are obstacles to the propagation



Fig. 3. (a) Near high-resolution TEM image taken in the [1 120]¢ zone axis orientation. The striations
are traces of stacking faults seen edge-on. They are parallel to (0001)e and terminate at a domain
boundary (contrast bands lying perpendicular to the striations). (b) High-resolution TEM. Periodically
arranged stacking faults (polytypes) cause additional reflections (P) in the diffraction pattern (inset)

of transformation dislocations. The dislocations overcome the boundaries by forming
ordered arrays over larger distances. By the motion of an array of partial dislocations,
the ABC stacking sequence of the tetragonal 7-phase (L1p), a short-period polytype,
is formed. Arrays of the transformation dislocations at the tip of a r-lamella carry
stresses that are reduced by twinning. Thereby, the long-range stresses of dislocations
of opposite signs are mutually cancelled [5]. Thick twinned t-lamellae appear and
grow.

Cooperative motion of partial dislocations on basal planes of the £-phase transmits
the coherency from & — 7, via intermediate steps: £ — &', &’ — SF, and SF — poly-
types. Thus, the transformation is a discontinuous sequence of clearly distinguishable
transformation steps, namely, £ — & — SF — polytypes — twinned 7. The stepwise
nature of the process is caused by the occurrence of structural domains of the inter-
mediate phase, their mutually coherent growth, accompanied by stress accumulation
at the interfaces. The &’-domain boundaries are sites of nucleation for each successive
step, and they also limit the spatial extension of the transformation until the very last
step, which is the formation of the twinned 7-phase.
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EFECT OF Cu ADDITIONS IN Nigg 3 Tiso2Hf ;0 SHAPE MEMORY ALLOYS

EFEKT DODATKU Cu W STOPIE Nig gTiso,Hf ;g WYKAZUJACYM PAMIEC KSZTALTU

The effect of the combination of two different additions on NiTi shape memory alloy
is not straight forward. In order to investigate the effect of Hf and Cu additions on the
martensitic transformation, a set of 5 alloys has been prepared with the following composi-
tions: Niggg-,Cu,Tisg2Hf o with x = 0, 6, 10, 15, 20. The transformation temperatures and
the microstructures obtained have been analysed by differential scanning calorimetry and
transmission electron microscopy.

Whereas the hysterese are smaller with the addition of Cu like in the ternary TisoNiso_xCu,
alloys, the Ms martensitic transformation temperatures decrease rapidly. The structure of the
B19’ martensite has been also modified with a decrease of the unit cell monoclinicity. The
twining modes are not modified but the martensite plates are longer and contain fewer
defects with comparison to the ternary NiTiHf alloy.

Internal friction analysis has been carried out in order to compare the damping prop-
erties of the NiTiHf10, Cul0 and Cul$5 alloys. It appears that the Hf addition decreases the
damping properties in comparison to the NisoTiso, while the addition of Cu to NiTiHf10
improves these properties. The evolution of the shear modulus with temperature in the
Hf containing alloys is different from that of NiTi ones, with a shear modulus higher in
martensite than in austenite.

Keywords: shape memory alloy; NiCuTiHf; martensitic transformation; TEM; DSC;
internal friction.

Efekt wprowadzenia dwéch réznych dodatkéw do stopu NiTi wykazujacego pamied
ksztaltu nie jest dotychczas dokladnie poznany. W celu zbadania wplywu dodatkéw Hf oraz
Cu na przemiane martenzytyczng przygotowano zestaw 5 stopéw o nastepujacych skiadach:
Niggg—x Cu, Tigg2Hf1o, gdzie x = 0, 6, 10, 15, 20. Temperatury przemiany i mikrostruktura
stopéw byly analizowane przy uzyciu réznicowej kalorymetrii skaningowej oraz transmisyj-
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nej mikroskopii elektronowej. Podczas gdy histerezy zmniejszaja sie wraz z dodatkiem Cu
podobnie jak w potréjnych stopach TisoNiso_, Cu,, temperatury Ms przemiany martenzy-
tycznej gwaltownie spadaja. Struktura matrenzytu B19’ réwniez ulega modyfikacji poprzez
zmniejszenie sig jednosko$nosci komérki elementarnej. Sposéb blizniakowania nie ulega
modyfikacji, lecz plytki martenzytu sa dluzsze i zawieraja mniej defektéw w poréwnaniu
do potréjnego stopu NiTiHf. Analizg tarcia wewnetrznego prowadzono w celu poréwnania
wiasno$ei tumigcych stopéw NiTiHf10 oraz zawierajacych 10 i 15% Cu. Okazuje sie, ze
dodatek Hf obniza wiasnosci tiumiace w por6wnaniu do stopu NisyTisy, podczas gdy dodatek
Cu do stopu NiTiHf10 poprawia te wiasno$ci. Zmiany modulu sprezystosci poprzecznej z
temperaturg w stopach zawierajgcych Hf réznig si¢ od stopu NiTi i modut ten jest wyzszy
w martenzycie niz w austenicie

1. Introduction

NiTi alloys are the most popular shape memory alloys due to their excellent prop-
erties, good corrosion resistance, biocompatibility, good workability and good shape
memory and pseudoelasticity [1, 2]. These alloys enter in many applications in the
medical domain through the fabrication of medical tools and prostheses [3]. Many
ternary NiTiX alloys have been studied with X = Cu, Co, Fe, Pd, Hf, Zr, Nb. So
far, the area of applications of NiTi based alloys is restricted to specific fields, which
require martensitic transformation temperatures around or below the room temperature.
An increase of the transformation temperatures could bring challenging opportunities
in automotive and electro-technique industries [4]. High temperature shape memory
properties have been obtained by addition of precious metals. Unfortunately, the use
of such elements greatly increases the cost of the alloy, which becomes too high
for any industrial application. A good candidate is Hf in substitution of Ti, com-
bining high temperature shape memory properties with a reasonable price. However,
the poor ductility of such alloy makes the production of wires and strips still diffi-
cult.

An other addition commonly used and widely studied is Cu. Added in substitution
of Ni, it does not affect too much the martensitic transformation temperatures which
although remain above the room temperature. Moreover, it improves several properties
such as good thermal stability, lower hysteresis, lower sensitivity to the stoichiometry
and good damping properties [5]. When the Cu content is lower than 8 at.%, it also
improves the workability of the alloy. Above this limit, the ductility decreases con-
siderably. The martensitic transformation is also modified. The austenite transforms at
first in an intermediate orthorhombic B19 martensite followed by the monoclinic B19’
one [6, 7].

Independently of the shape memory properties, it has been recently shown in
several studies that the addition of such elements improves the glass forming ability
of the alloy [8]. Rapid solidification by planar flow casting lead to fully or partially
amorphous ribbons. The present study is carried out in the frame of a project on
production of bulk amorphous alloys, which undergo, after crystallisation, a marten-
sitic transformation and displaying high temperature shape memory properties. The
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amorphous state is then used as an intermediate state which helps to overcome the
poor ductility of the alloy. In the temperature range between the glass transition and
crystallisation, the amorphous alloy present superplasticity properties which allow the
production of very small and complex shape pieces. The composition of such amor-
phous precursors of shape memory alloys involves 5-9 elements in substitution of
Ni and Ti in the NiTi compound. Many compositions are based on combined sub-
stitutions with Cu and Hf. While the ternary alloys have been widely studied, on-
ly few studies focus on the quaternary alloys [9-11]. The aim of this work is to
compare the properties of the quaternary alloys with 10 at.% Hf and a Cu con-
tent up to 20 at.%, to those of the ternary NiTiHf10 alloy, in terms of ductility,
transformation temperatures, microstructure of the martensite, and damping proper-
ties.

2. Experimental details

A set of 4 alloys has been elaborated from elements of commercial purity.
The compositions are Niggg-_,Cu,TigHf g with x = 6, 10, 15, 20. In the follow-
ing, the alloys will be referred as NiTiHf10, Cu6, CulQ, Cul5, Cu20 respective-
ly. The ternary alloy NiTiHf10 used as a reference for the comparison was pro-
vided by @MT company. The alloys were melted several times by HF furnace in
a copper cooled crucible to improve the homogeneity. The produced ingots were
50 mm long with a 10 mm diameter. An attempt to hot roll the quaternary al-
loys showed that the ductility of the NiTiHf alloy is altered by addition of Cu
even for a content as low as 6 at.%. The production of 0.5 mm thick hot rolled
strips was possible only for the ternary NiTiHf10 alloy. For the NiCuTiHf alloys,
after homogenisation heat treatment for 5 h at 850°C, 1 mm thick slices have
been cut and hot rolled (thickness reduced by ~ 30%). The samples were then
recrystallised 1h at 800°C and water quenched. In parallel, the rest of the ingot
is used to produce 0.4 mm thick strips by the twin roll casting (TRC) technique
[12].

Martensitic transformation temperatures have been analysed by differential scan-
ning calorimetry (DSC) on a Mettler Toledo DSC 822° apparatus in the range of
[-100°C ; 300°C]. Thin foils for transmission electron microscopy (TEM) have been
produced by the twin jet technique on a Struers Tenupol 4 using a 20% nitric acid
in methanol solution at ~20°C. TEM observations were carried out on a Jeol electron
microscopes 120 CX II and 2010 F.

Internal friction experiments have been carried out on a homemade inverted torsion
pendulum working at a frequency of 1Hz. Samples dimensions were 8 x 50 x 0.5 or
0.4 mm. The cooling and heating rate for all experiments is 60°C/hour and deforma-
tion amplitude was y = 2.107%. Q! was deduced from the decay of free oscillation
amplitudes and the shear modulus from the square value of free oscillation frequen-
cy.
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3. Results and discussion

1) Thermal analysis

Two set of experiments have been carried out in order to compare the martensitic
transformation in the bulk samples after hot rolling and 800°C-1h annealing and twin
roll casting (TRC) samples after the same thermal treatment. The curves are presented
in figure la and b. The results are similar for samples obtained in both elaboration
technique. TRC is a rapid solidification technique but the cooling rate is not as high
as in the planar flow technique and does not lead to very small grain material. Then,
the martensitic transformation temperatures are not affected. This result is consistent
with those reported on Cu-based shape memory alloys obtained by conventional, twin
roll and planar flow casting techniques [12]. The curves in figure 1 show clearly that
the Cu additions to NiTiHf10 alloy lead to a rapid decrease of the transformation
temperatures. A plot of these temperatures as a function of the Cu content (figure 2a)

1,2 +—
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T i Culo
o
508
]
B3 W NiTiHf10
]
4
;T? o Cué
% 0,2 Cu20 Cul$
| 01
5 ._W
J21 \
0.4 - - - . :
-100 -50 0 50 100 150 200 250
Temperatuce [°C]
a
08
T Twin Roll Casted samples
. 06
3
U
B 0,4
Z Cul0 NiTiHf10
z
) 02 Cu20 Culs
g
=
04
o _ <\
H
l 02
04 r : : x . .
-100 -50 i 50 100 150 200 250
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Fig. 1. DSC curves obtained for a) hot rolled samples b) samples obtained by the Twin Roll Casting
technique. The results are similar independently of the production method
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shows that the transformation temperatures decrease in average by 10°C per 1 at.%
Cu.

The similar plot of the hysteresis (Ap-Mp) (figure 2b) shows that it decreases for
the small amounts of Cu and it stabilises around 30°C at higher Cu contents. These
results are mostly consistent with those reported in the literature but refer to lower Cu
content [11] or 15 at.% Hf alloys [10] or those obtained by planar flow casting [9]. In
the case of the CulS and Cu20 alloys, the DSC peaks are small and broad. This can

be attributed to the presence of obstacles, which prevent the transformation at a large
volume fraction of the parent phase.

200
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Fig. 2. Comparison of a) the transformation temperatures and b) hysterese (Ap-Mp) evolution with the
Cu content for samples obtained by hot rolling and the twin roll casting technique

2) Microstructure

The TEM observations carried out on the NiTiHf10 alloy (figure 3) confirm the results

reported in many studies on the microstructure of the martensite of these ternary alloys
[13, 14].
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Fig. 3. Bright field image of the martensite microstructure in the NiTiHf10 alloy. The martensite plates
are small and contain a high density of defects like internal twins

The martensite is constituted of many small plates with a high density of defects
and highly twinned. The intervariant twinning mode (011) type I and internal twinning
(001) compound reported in the literature have been also observed. In contrast, the
microstructure of the Cu6 alloy (figure 4) shows very long martensite plates across
the whole grain. The martensite is identified as B19’ and variants are twin related

Fig. 4. Bright field image of the martensite microstructure in the Cu6 alloy. The martensite plates are
thin and long, crossing the whole grain. Intervariant twining is identified as (011) type I mode

with a (011) type I mode. Only few internal twins are observed. A selected area
diffraction pattern (SADP) has been recorded along the [010]519’ direction which
allows to measure the 8 angle of the monoclinic unit cell (figure 5a) The result is 99°,
which is smaller than the value reported by Gao et al [15] for a NiTiHf10 alloy. These
results are confirmed by the observations made in the CulQ alloy. The martensite is
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Fig. 5. Selected Area Diffraction Patterns recorded along the [010],o direction allowing the
measurement of the 5 angle (180° — 8*) of the monoclinic unit cell a) 8 = 99° in Cu6, b) 8 = 97° in
Cul0

O Do | =

350 nm

Fig. 6. Bright field image of the martensite microstructure in the Cul0 alloy, similar the that of Cu6.
Intervariant twining is identified as (011) type I mode and some internal (001) compound twins are also
observed. Traces of the (011)g0r and (001)z,e planes for both variants are indicated in the figure

very similar to that of the Cu6 with the same twining modes (figure 6) The SADP
recorded along the [010] direction (figure 5b) gives 8 = 97°. One can conclude that
the monoclinicity of the B19” martensite unit cell decreases with the addition of Cu.
In the case of the Cul5 and Cu20 alloys, since the TEM observations are carried
out at room temperature, the samples are in the austenitic state. When observed along
the [001]p, direction, the austenite in the Cul5 alloy present (figure 7) a high density
of a few nanometer thick plate-like precipitates lying in the {001}, type planes. A
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Fig. 7. Bright field image of the austenite microstructure in the Cul5 alloy. Arrows indicate position of
thin plate-like precipitation lying in the {001}, planes

nanobeam electron diffraction pattern of a single precipitate recorded along the [011],
direction is presented in figure 8. In addition to the larger spots due to the austenite
phase, extra spots due to this coherent precipitate are visible. The indexation of these
spots is consistent with the tetragonal structure (MoSi,-type structure) of the Hf;Cu
and Ti,Cu compounds with the following lattice parameters : a, = 0.298 nm and
¢, = 10.78 nm, and the following orientation relationship : (002), // {001}, and (110),

. L
Sk 110,
116, L & 110,
o ® 111
. >
ole, 7% .
4@
002P'. ..._‘001 "
‘e 4 =
®
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e
.

Fig. 8. NanoBeam Diffraction Pattern recorded along the [011]s; direction of a thin precipitate in the
Cul5 alloy. Extra spots are indexed and identify the precipitates as (Ti,Hf);Cu phase
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/1 {110} g2. Since Ti and Hf can substitute one another in such a crystal structure, these
precipitates are supposed to be (Ti,Hf)),Cu. Their presence can explain the weakness
of the peak on the DSC curve, such precipitation forming obstacles for the growth of
the martensite plates.

3) Internal friction
Internal friction experiments have been carried out on alloys for which it was
possible to prepare a sample with suitable dimensions: hot rolled NiTiHf10, TRC
Cul0 and TRC Cul5. The Q! versus temperature curves are shown in figure
9. Such curves in the case of shape memory alloys present a low internal fric-
tion level at high temperature, when the alloy is in austenite state. At low tem-
perature, the internal friction is higher due to the high density of interfaces and
defects in the martensite. At the transformation temperatures, the curves present
a transitory peak connected to the transformation Kkinetic ie the transformed vol-
ume fraction per time unit [16]. Thus, it is strongly dependent on the cooling
or heating rate. When one compare the curves of two samples with the same
rates, the amplitude of the peak depends on the mobility of the austenite/martensite
transformation. In a previous work, it has been shown that the interface mobili-
ty of the B2->B19’ transformation in the NiTiHf alloy is lower than in the Ni-
Ti ones [17], because of a distortion of the habit plane due to the lattice invari-
ant shear (001) compound twining mode. A comparison of the curves recorded
in the present study for NiTiHf10 and CulQO shows that addition of Cu to NiTi-
Hf improves the mobility of austenite/ martensite interfaces. This could be con-
nected to the decrease of the monoclinicity of the B19’ martensite unit cell with
the Cu addition, and then a decrease of the twins shear amplitude. The damp-
ing coefficient Q7' of the Cul5 alloy is much lower than in the other alloys,
but in this case it can be attributed to the small volume fraction which trans-
forms.

The evolution of the apparent shear modulus with temperature calculated from
the square frequency of the free oscillations of the sample during the internal friction
experiments is shown in figure 10. A curve recorded for a binary equiatomic and
annealed NiTi alloy is included in the figure as a reference for the general behaviour
of shape memory alloys. One can observe that the shear modulus of the NiTi alloy in
the austenitic state decreases slowly during cooling, and rapidly when the martensitic
transformation starts. At the end of the transformation, the slope of the curve changes.
The shear modulus of the martensite increases but remains lower than in austenite in a
large range of temperature. On heating, the curve of shear modulus is similar but shifted
towards higher temperatures because of the martensitic transformation hysteresis. In
the case of the ternary NiTiHf10, the shear modulus behaves similarly to NiTi, when it
is fully austenitic or martensitic, but differently during the transformation. On cooling,
as soon as the transformation starts, the shear modulus increases rapidly. The slope
becomes less steep at the end of the transformation. The curve for the Cul0 alloy
shows that this surprising evolution of the modulus is ever more pronounced. The
results recorded for the Cul5 alloy confirmed that result. Even if, from DSC curves,
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Fig. 9. Comparison of the evolution of the damping coefficient Q! recorded for the NiTiHf10, Cul0
and Cul5 alloys under cooling and heating. Arrows allow to follow the curve on cooling and heating.
The Cul0 alloy shows very good damping properties in comparison to NiTiHf10. The small peak of the
Culs alloy is attributed to the small volume fraction that transforms. Temperature rate is 60°C/hrs

it was noticed that the martensitic transformation involves a small volume fraction of
austenite in this alloy, an abrupt jump of the shear modulus is observed on cooling
during the transformation. In contrast, the transition peak of the Q7! curve is very

small.
50
Cul0 \ = —
45 4 i
b)Y
N v X

NiTi

Shear Modulus [Hz2/mm*]

-100 -50 0 200 250 300

Temperature [°C]"™

Fig. 10. Evolution of the shear modulus obtained from the square value of the free oscillations
frequency, for the NiTiHf10 and Cul0 alloys. The curve for a NisoTiso alloy is included as a reference,
to show the usual evolution of the modulus during martensitic transformation in shape memory alloys.

Addition of Cu in NiTiHf alloys emphasises this unusual behaviour

4. Conclusion

The addition of Cu to the NiTiHf10 alloy does not improve the ductility. The Cu
modifies the martensitic transformation by a rapid decrease of the transformation tem-
peratures, a small reduction of the hysteresis. No evidence of a two step transformation
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B2->B19->B19’ have been found. The martensites observed at room temperature in
the NiTiHfI0Cu6 and NiTiHf10CulO alloys have the monoclinic B19’ structure. The
B angle of the unit cell decreases when Cu is added. A plate-like precipitation of
(Ti,Hf)2Cu has been identified in the NiTiHf10Cul$5 alloy which act as obstacles for
the martensite growth.

Internal friction experiments have pointed out good damping properties of the

Cul0 alloy. The Cu additions proved the non conventional behaviour of the shear
modulus of the NiTiHf alloys.
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R. SANTAMARTA® , A. PASKO** , J. PONS*, E. CESARI", P. OCHIN***

THERMAL AND MICROSTRUCTURAL EVOLUTION DURING THE CRYSTALLIZATION
OF A NisoTis2Hf 3 MELT SPUN RIBBON

EWOLUCJA STRUKTURY I EFEKTY CIEPLNE PODCZAS KRYSTALIZACJI
SZYBKO CHLODZONYCH TASM STOPU Nis;Tiz;Hf 5

A partially amorphous NisoTiz Hf 1 melt spun ribbon has been characterized by means
of calorimetry (DSC) and transmission electron microscopy (TEM). Special emphasis has
been given to the crystallization process of the amorphous regions, studying the evolution
of the microstructure and the martensitic transformation. Although several crystallization
procedures have been carried out by thermal treatments, either slightly under or over the
crystallization temperature, T¢, measured by DSC, the final microstructure and calorimetric
behavior of the fully crystalline samples does not depend on the applied temperature. The
fully crystalline samples contain regions with small crystallites produced during the thermal
treatment together with the large crystals originated during the melt-spinning. At room
temperature (RT), both types of crystals are in martensitic state. However, the new crys-
tallized regions with small grain size show notably lower transformation temperatures and
wider hysteresis as compared to the big crystals already existing before the crystallization
treatments. In addition to that, a supplementary mechanism, apart from the crystal size,
affects the transformation temperatures, likely related to the higher energy surface of the
crystalline-amorphous interfaces.

Keywords: crystallization, melt-spinning, nickel titanium based alloys, martensitic trans-
formation.

Czgsciowo amorficzne ta§my stopu NisgTisHfjg odlewane na walcu miedzianym ba-
dano metodami mikrokalorymetryczng (DSC) i transmisyjnej mikroskopii elektronowej
(TEM). Szczeg6lng uwagg zwr6cono na proces krystalizacji regionéw amorficznych pod
katem przemiany martenzytycznej. Jakkolwiek procesy krystalizacji prowadzono wielokrot-
nie ponizej lub powyzej temperatury krystalizacji T, (zmierzong przy pomocy DSC), to
stwierdzono, Ze finalne mikrostruktury krystaliczne nie zaleza od temperatury krystalizacji.
Catkowicie skrystalizowane prébki posiadajg mikrostrukture skiadajaca sig z duzych krysz-
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taléw powstaltych przy odlewaniu i malych utworzonych podczas krystalizacji. W tempera-
turze pokojowej obydwa rodzaje krystalitéw posiadajg strukture martenzytyczng, jakkolwiek
drobne krystality wykazuja nizszg temperaturg transformacji i szersza histereze w poréwna-
niu do duzych krysztaléw. Dodatkowy wplyw na mechanizm przemiany posiadaja czynniki
zwigzane z energia granic jak granic faz amorficznych i krystalicznych.

1. Introduction

Almost-ready-to-use metallic ribbons may be produced by melt spinning, avoid-
ing complex thermomechanical treatments needed after conventional casting, and thus
leading to cheaper shape memory alloys (SMA) for certain applications. However, this
rapid solidification technique also introduces particular microstructures, e.g. a reduction
of the grain size when increasing the wheel velocity (i.e. cooling rate) [1, 2], and a
decrease in the transformation temperatures [1, 3]. In certain alloys, a high cooling rate
can even produce amorphous as cast melt-spun ribbons, which has been used in other
fields for casting amorphous metals [4, 5]. Among Ni-Ti based SMA, TisoNiso_,Cu,
and Ni,oTiso-Me, alloys (with Me = Hf, Zr, Nb) have been reported to be partially
or completely amorphous after melt-spinning when using a significant amount of the
third element as well as a high cooling rate [6, 7].

Although production of amorphous material may seem useless in the field of
SMA, the exceptional ductility of metallic amorphous alloys can be used for shaping
the materials, which will exhibit shape memory properties after crystallization. Then,
by modifying the crystallization parameters during the subsequent crystallization pro-
cess, it might be possible to control the final crystalline structure and, therefore, some
characteristics of the martensitic transformation. Several works on this new attractive
idea have been carried out in TisgNiysCups [8, 9] together with further investigations
on initially (partially) amorphous [10-13] or crystallized [14] TisoNizsCuys ribbons.
On the other hand, most investigations on the crystallization of Zr-Ti-Ni based al-
loys have been performed away from compositions giving martensitic transformation.
Amorphous Ni-Ti-Hf-(Re) alloys can also be obtained by melt-spinning and some first
characterizations have already been reported [15, 16].

Conventionally cast Ni-Ti-Hf alloys are well known for their high martensitic
transformation temperatures when Hf exceeds 10 at.% [17, 18]. Despite the reduction
of the transformation temperatures with respect to the bulk alloy, melt spun Ni-Ti-Hf
ribbons still may show high transformation temperatures [19, 20].

In the present contribution, an extensive characterization of a partially amorphous
NisTis;Hf g melt spun ribbon has been performed by means of differential scanning
calorimetry (DSC) and transmission electron microscopy (TEM). Special emphasis has
been given to study the crystallization process of the amorphous regions by different
thermal treatments above and below the crystallization temperature, T, measured by
DSC, as well as the evolution of its microstructure during these processes. In addition,
some comparisons with previous results on TisoNipsCups, which is the most studied
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SMA among the ones capable to be cast in amorphous state by melt- spinning, are
presented.

2. Experimental procedure

A NisoTiz,Hf g ribbon was prepared under helium atmosphere by planar flow
casting from conventionally produced ingots of the same composition. The ingots
were molten under He atmosphere and ejected at 200 hPa onto a rotating wheel with
a surface speed of 19 m/s, producing a metallic ribbon 30 pm thick and 9.5 mm wide.

Calorimetric measurements were performed in a Perkin Elmer DSC-7 working
between 235 and 875 K. A rate of 0.33 K/s was used in most of the runs. Faster
runs at ~ 3.3 K/s up to 755 or 775 K with subsequent plateaus at those temperatures
were also used for the crystallization experiments below the crystallization temperature,
Tc, measured by DSC, which is 793 K for this alloy. Other samples were completely
crystallized over Tc, either by fast runs in the DSC up to 875 K followed by rapid
cooling to room temperature (RT) or by upquenching in a salt bath at 835 K during
1 minute.

Observations by transmission electron microscopy (TEM) were carried out in a
Hitachi H-600 operating at 100 kV equipped with double-tilt holder and energy dis-
persive X-ray (EDX) spectrometer; heating and cooling single tilt holders were also
used for in-situ experiments. Samples for TEM were obtained from 3 mm discs by
double-jet electropolishing at ~ 15 V and 240 K using a solution of 30% nitric acid
in methanol.

3. Results
3.1. Differential Scanning Calorimetry

DSC measurements performed to as cast samples in order to check the presence of
martensitic transformation exhibit one single peak during cooling and heating around
440 and 500 K, for the forward and reverse transformation respectively, with an enthalpy
change of 7 J/g (Fig. 1). The latter value is rather low in comparison to a completely
crystalline melt-spun ribbon with the same nominal composition, which showed an
enthalpy change slightly higher than 20 J/g [20]. The presence of amorphous regions
in the ribbon, as it can be confirmed by means of direct methods like XRD [16] and
TEM (next section), leads to this low enthalpy change.

In order to characterize the evolution of the transformation after a gradual crys-
tallization at temperatures slightly under T, thermal treatments at 755 and 775 K in
series of increasing times have been carried out. After each step of the progressive
crystallization, the martensitic transformation has been controlled by DSC runs between
235 and 575 K (temperatures far below from 7T¢). The evolution of the martensitic
transformation is quite similar for both temperatures of thermal treatment, apart from an
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Fig. 1. Evolution of the direct (a) and reverse (b) transformation of the NisTiz;Hf;s after heat
treatments at 775 K for different times

evident shift to lower times for the 775 K series with respect to the 755 K one. Fig. 1
shows that the thermograms from the direct and reverse transformations performed
after the shortest times of the series at 775 K produce a second and broad calorimetric
peak at lower temperatures. An additional peak arises at lower temperatures when
increasing the holding time at 775 K, approaching to the peaks at higher temperatures
at the end of the crystallization series. This third peak exhibits a high value of the
enthalpy change, which increases the total energy of the transformation close to the
values reported on a fully crystalline sample with the same composition [20]. The
qualitative and quantitative calorimetric results obtained at the last step are similar to
the ones obtained after any of the crystallization treatments that have been described
in the previous section, i.e. the martensitic transformation is split in two important
calorimetric peaks (Fig. 1).

3.2. Transmission Electron Microscopy

The observations carried out by TEM on as cast specimens reveal the presence
of large completely amorphous areas. In addition to these amorphous regions, large
crystalline zones with big grains (several um in size) are also present. Although the
observation of one or the other of these microstructures depends mainly on the sample
that is observed in the microscope, both have been frequently found to coexist together
in adjacent zones of the same region as well, revealing a spherical shape of the big
crystalline regions, which form smooth interfaces with the surrounding amorphous
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material (Fig. 2a). All selected-area electron diffraction patterns (SAEDP) from these
big platelets have been successfully indexed as monoclinic martensite (B19’).

Fig. 2. TEM micrographs of the NisyTisHfg ribbon in the as cast state showing (a) the interface
between an amorphous zone and a crystalline region consisting of two big crystals and (b) a region with
smaller spherical crystals of austenite. (c) Area of fine grain filled with martensite plates and the
corresponding SADP in a NisyTis;Hf g melt spun ribbon crystallized in the DSC with a fast run up to
875 K. (d) Bright field micrograph of the NisqTis,Hf}g ribbon annealed at 775 K for 1 minute

Occasionally, small crystals embedded in the amorphous matrix have also been
observed in as cast samples. The regions with small crystals exhibit different distribu-
tions, ranging from densely concentrated with relative larger sizes to areas with lower
concentration and size. The shape of the small crystals is spherical in regions with
lower density and size (Fig. 2b), whereas this sphericity is lost in zones with almost
no amorphous phase and crystals contacting each other. The diameters of the small
crystals are normally below 0.4 um (or even 0.1 pm in some regions) and their SAEDP
show that they are mainly austenitic. However, some of these regions with crystal sizes
slightly larger than 0.4 um exhibit martensitic structures in SAEDP as well as the
typical contrast of self-accommodated plates within the small crystals in bright field
images.
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TEM observations performed after any of the crystallization treatments over T¢
described in the previous section, or in samples after 10 min at 775 K, confirm the
complete crystallization of the previously existing amorphous areas. The microstructure
of the fully crystallized specimens shows big crystalline areas similar to the ones
in the as cast state. In addition, new crystallites with sizes usually below 0.2 pm
and mainly filled by even tinier martensite plates (Fig. 2c) are observed in the fully
crystallized samples; SAEDP from such areas confirm the monoclinic structure of the
martensite (inset in Fig. 2c). These dense polycrystalline regions containing such a high
amount of small grains may be only obtained if a high density of crystal nucleation
points exists, with almost no place for growing. This means that the energetic cost
for the nucleation of new crystals from the amorphous phase in this alloy is rather
similar to the growth energy, which promotes a massive crystal nucleation almost
independently of the temperature of the thermal treatment, contrary to the case of
TisoNizsCups [12]. The microstructure of the fully crystallized samples is irrespective
of the crystallization process, as the absence of important differences between their
DSC runs already suggested. Thus, attending to the present TEM and DSC results, it
can be concluded that aging slightly under T¢ during enough time produces similar
results to the crystallization over T¢. The lack of correlation between the microstructure
and the annealing temperature, under isothermal treatments above T¢, was also reported
by Shi et al. for a TisoNizsCuys alloy [8].

No changes on the chemical composition between regions with different mi-
crostructures have been observed by EDX measurements, neither in the as cast samples
nor in the fully crystallized ones. Therefore, the crystallization into various microstruc-
tures is not promoted by any composition partitioning.

Samples after 1 minute at 775 K still exhibit large amorphous areas, since the
ribbon has not been completely crystallized. After this short treatment, the small crys-
tallites embedded in the amorphous regions do not show sharp and perfect spherical
shapes any more (Fig. 2d), as in the as cast samples, which is an indication of a not
completely isotropic growth like the one in TisoNissCuss [12].

Increasing the aging time at 775 K up to 100 minutes causes the growth of pre-
cipitates in the big crystals (and possibly in the small ones as well), which was not
detected in previous stages. Therefore, the calorimetric changes observed here in the
last stage of the treatment at 775 K are likely dominated by the rapid nucleation and
growth of precipitates, as it has been already reported in the case of as cast fully
crystalline NisoTis;Hf;s ribbons annealed at 775 K [20].

Finally, in-situ heating experiments in the microscope produce the fully reverse
martensitic transformation in the sample. However, the small crystallites undergo the
reverse transformation relatively close to RT, whereas the large crystals require consid-
erably higher temperatures. In a similar way, small crystals transform under cooling at
much lower temperatures than the larger crystals. These experiments verify the previous
thermal results from the fully crystallized ribbons and illustrate that the calorimetric
peak at lower temperatures corresponds to the martensitic transformation of the small
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crystals, whereas the peak at higher temperatures is associated with the transformation
of the as cast larger crystals.

4. Discussion

In the present contribution it has been shown that the crystallization experiments
promote the splitting of the martensitic transformation in two important separated
stages, independently of using crystallization temperatures either above or below T¢.
The additional calorimetric peak at lower temperatures in respect to the as cast state is
related to the transformation of the new crystalline regions formed during the crystal-
lization. The much lower grain size of these regions as compared to the crystals that
already existed in the as cast alloy promotes a significant decrease in the transformation
temperatures. In addition to this difference, the small crystals in this alloy also show
a wider hysteresis than the big crystalline regions. Thermodynamically speaking, the
decrease of the transformation temperatures for the new small crystals implies some
rising of the elastic term (e.g. due to increased difficulties in the accommodation of the
martensitic variants), whereas a larger hysteresis is related to higher frictional terms,
indicating that the same martensite exhibits more difficulties to retransform.

In as cast NisoTis;Hf,g samples, the big crystalline regions surrounded by amor-
phous areas forming smooth interfaces are similar to the ones reported in TisoNizsCuys,
where some controversy has been generated around this topic. In [12, 20] the spher-
ical shape and smooth interfaces of the crystals have been related to an isotropic
nucleation/growth of the crystals by thermal treatments performed after casting the
ribbon. However, spherical crystals with diameters up to 10 um [11] or 22 pm [10]
are also observed in the initial state in the TisoNiysCu,s alloy. The spherical shape
and the smoothness of the interfaces in these works were attributed to the fact that the
spherical grains were produced somehow during the fast solidification [10]. Also, in the
present work, spherical crystals with smooth interfaces have been already observed in
as cast state, thus being evident that they were produced during the fast solidification.
Furthermore, the formation of new grains by thermal treatments (or the growth of the
existing ones) in NisoTi3pHf;g samples do not lead to crystals with so perfect spherical
shape and sharp interfaces with the amorphous regions but with local wavy interfaces
(Fig. 2d), contrary to what was observed in TisoNizsCuss ribbons [12].

Concerning the presence of crystals either in the martensitic or austenitic phase at
RT in the as-spun state, the variation in the structure is mainly a consequence of the
difference in the grain size (i.e. difference in the transformation temperatures). Thus,
crystals with grain diameters higher than about 0.4 um are observed at RT in martensite,
whereas the smaller ones are in austenite. On the other hand, the presence at RT of
martensitic crystals with diameters below 0.2 pm in fully crystallized samples shows
that another factor should play an important role in the transformation temperatures of
the small crystals. This additional factor could be, most probably, the higher surface
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energy of the crystalline-amorphous interfaces, which has been proved to decrease the
transformation temperatures in a TisgNi,sCu,s ribbon [22].

5. Conclusions

In the present contribution it has been shown that the as-cast NisgTiz,Hf |3 exhibits
a mixture of amorphous and crystalline phases with a rich variety of microstructures.
The first steps during the growth of crystals from the amorphous areas by subsequent
crystallization treatments below T¢ lead to crystals with wavy crystalline-amorphous
interfaces and, therefore, with non-perfect spherical shapes.

However, the microstructure and the calorimetric behavior of the fully crystalline
sample is independent of the thermal treatment and whether the latter is performed
over or below T¢. The microstructure at RT of the fully crystallized samples consists
of regions with small crystallites (~ 0.2 wm), mainly in martensite, produced during
the thermal treatment, together with the large crystals originated during casting. The
new crystallized regions with small grain size show lower transformation tempera-
tures and higher hysteresis in comparison to the big crystalline zones already existing
before crystallization, leading to a two-step transformation in DSC runs. This shows
a clear example of the dependence of the transformation temperatures on the grain
size, although additional mechanisms have to be considered when dealing with small
grains, as the presence of crystalline-amorphous interfaces that could further lower the
transformation temperatures.
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T. GORYCZKA®, P. OCHIN**, H. MORAWIEC*

TEXTURE AND THE SHAPE MEMORY EFFECT IN Ni-Ti-Cu STRIPS CASTED BY
TWIN ROLL TECHNIQUE

TEKSTURA 1 EFEKT PAMIECI KSZTAETU W STOPACH Ni-Ti-Co ODLEWANYCH
TECHNIKA SZYBKIEGO SCHEADZANIA Z FAZY CIEKLE] W UKLADZIE
PODWOJNEGO BEBNA CHELODZACEGO

Strips of NipsTisoCusps shape memory alloys produced by the twin roll casting technique
were solidified from two melt temperature: 1400°C and 1450°C. It resuits in completely
different orientation of grains across the strip forming fibre and sheet texture components.
Especially presence of (001)[110] texture orientation improves shape recovery with maximal
elongation up to 5%.

Ta$my stopu NipsTisoCu,s z pamiecig ksztaltu zostaly wytworzone metoda szybkiego
schiadzania z fazy cieklej w ukladzie podwdjnego bgbna chiodzacego. Krzepnigcie tasm pro-
wadzono dia dwéch réznych temperatur cieklego metalu: 1400°C i 1450°C, co przyczynilo
sie do powstania réznej tekstury ziarn na przekroju ta§my. Zwlaszcza obecno$¢ skladowej
tekstury (001)[110] wplyneta korzystnie na odzysk pamieci ksztaltu dzigki czemu uzyskano
ponad 5% wydluzenia wzglednego ta§my.

1. Introduction

It is well known that the shape memory effect which is correlated with a reversible
martensitic transformation strictly depends on crystallographic orientation. Therefore,
the orientation of grains in polycrystalline materials is one of the most important factors
for controlling shape memory behaviour. Monashevich [1] studied the texture
influence on shape memory effect and has found that the presence of a {112}< 110 >
component in hot- rolled TiNi sheet increases the possibility of deformation by torsion.
Such textural components as {110}< 110 > and {111}< 110 > were also observed in
hot-rolled and cold-rolled TiNi sheets and affected the shape memory effect [2, 3].

*
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Apart from mechanical deformation, preferred orientation of the grains can be
induced by technologies, which provide rapid solidification from molten state, such as
melt-spinning or twin-roll casting technique. Dependently on a cooling rate, columnar
grains are formed under “frozen” small grains zone. Directional heat outflow causes
the texture forming, also at the first stage of solidification in the “frozen” zone.

In the present work NipsTisoCuas alloy was manufactured by twin roll casting
technique. The main purpose was to study the distribution of grains orientation across
the strip in respect of the shape memory recovery.

2. Experimental procedure

Thin strips were prepared in vertical twin roll caster. The bulk alloys with a nominal
composition of Ni 25 at.%, Ti 50 at.% and Cu 25 at.% were inductionally melted under
helium gas atmosphere. Ingot was placed to the quartz crucible fixed directly over a
gap between two wheels (400 mm in diameter each). After induction melting, the melt
was vertically ejected with argon pressure between two wheels rotated in opposite
directions. Thin metal layers solidified on the surface of the wheels simultaneously,
when the remaining liquid was spread from central part of the gap to its outer side
forming the strip. Two strips were obtained with different melt temperature: 1400°C
(strip A) and 1450°C (strip B) — for details see table 1. Obtained strips revealed smooth
surface without cracks.

TABLE 1
Processing parameters and thickness of the studied alloys
| Meldng | wpeer | Wheel | Ejection | oo oo | Thickness | Width
Material temp. ] speed pressure T (um] (mm]
[°C] [m/s] | [MPa] " B
Strip A 1400 Cu 0.6 0.025 200 352 45
Strip B 1450 Cu 0.6 0.025 100 305 45

In order to study grains distribution on the cross-section of the strip samples were
chemically thinned by etching in 500 ml H,O + 62 ml HF + 125 ml HNO; solution
simultaneously from both sides up to thickness of 150 pm every 50 um (figure 1).

Microstructure of strips was observed using an optical microscope NEOPHOT
equipped with a digital camera for image storing. The samples were polished following
by etching in a solution which consist of: 50 ml H,O; + 12 ml HNO; + 3 ml HF.

Transformation temperatures were determined from measurement carried out us-
ing Perkin-Elmer differential scanning calorimeter (DSC). Samples were preliminary
heated to 100°C and after that cooled 40 degrees below temperature where marten-
sitic transformation was completed (M¢) and after that again heated 40 degrees over
reverse martensitic transformation finish temperature (As) with cooling/heating rate of
10 deg/min. Transformation temperatures were determined from thermal peaks using
a slope line extension method.
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Fig. 1. Scheme of a sample preparation; D - thickness of the strip

D - 50um

150um

Sequence of martensitic transformation was studied by X-ray diffraction patterns
obtained on the INEL diffractometer, equipped with a curved position-sensitive detector
CPS120, a flat Ge monochromator and a temperature attachment. The temperature
device gives the possibility to record X-ray diffraction patterns from —100°C to +120°C
[S]. X- ray diffraction patterns were recorded with a temperature step of 4 degrees.

The pole figures were recorded on Philips PW1130 diffractometer with texture
goniometer only by reflection mode to the maximum tilting angle 80°. Shulz formula
was applied for correction of the pole figure intensity.

Shape recovery was studied by means of elongation versus temperature changes under
constant load.

3. Results and discussion
3.1. Microstructure of the strip

The typical microstructure of the twin roll cast strip is shown in figure 2. As the
crystallization front proceeds from both wheels the columnar grain microstructure is
developed. Due to the two-sides solidification an interface between solidified shells
was formed. The interface on the cross-section, remains straight line separating two
Joined symmetrical parts of the strip. In the strip A (figure 2a) solidification on wheel
surface caused frozen grain’s zone formation under which columnar grains are shaped.
As a result of higher cooling rate, which is realized in the strip B, additional layer of
shorter column of grain is crystallized.

3.2. Transformation behavior

DSC cooling/heating curves registered for the strip A and B are shown in figure
3. In general, both strips A and B reveal presence of thermal peaks correlated to
martensitic and reverse martensitic transformation with transformation temperatures
given in table 2.
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Fig. 2. Cross-section of the twin rolled strip: A (a) and B (b)

TABLE 2
Transformation temperatures of the studied strips
Specimen Thickness D [um]} M; [°C] M [°C] A [°C A [°C]
Strip A as-cast 352 52.1 29.3 37.9 60.2
Strip A thinned 150 50.6 43.2 52.3 57.9
Strip B as-cast 305 29.2 21.1 29.2 38.5
Strip B thinned 150 26.2 19.5 28.5 36.0

As-cast strip A reveals two overlapping thermal peaks on cooling and heating
curves. Both of these peaks are related to B2<-2B19 transformation. The low temper-
ature peak may be caused by the presence of outside layer with different chemical
composition due to the segregation which occurs during crystallization.

The ribbon, with the same chemical composition but manufactured by the melt-
-spinning, shows also a thin layer on the surface which consists of monoclinic marten-
site B19’ [6]. In order to find a reason of peak splitting, another sample of strip A was
cut off from its central part and thinned to 150 pm by chemical etching. First part of
the thinned sample was measured with DSC and second part conveyed to the X-ray
diffraction analysis. Obtained DSC cooling/heating curves, for as-cast and thinned strip
A, are compared each to the other in figure 3a.
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Fig. 3. DSC cooling/heating curves registered for: strip A (a) and strip B (b)

It has been seen that the lower temperature thermal peak completely vanished after
surface removing. Moreover, transformation temperatures of thinned sample are in a
good agreement with the higher thermal peak registered for the as-cast sample. On
the other hand, X-ray diffraction pattern. stored on heating (figure 4) for both samples:
as-cast and thinned one shows that only orthorhombic martensite B19 was transformed
directly to the parent phase B2. On the contrary, the parent phase B2 was transformed
to orthorhombic martensite on cooling. However, for the as-cast strip A some amount
of B19 martensite was still present despite of sample cooling more than 50 degrees
over the Ay temperature. Also some non- transformable parent phase B2 was detected
at the X-ray diffraction pattern taken 40 degrees below M temperature. This may
confirm the suggestion that the outside thin layer of the strip has different chemi-
cal composition caused by the segregation process. For thinned sample all amount
of martensitic phase and parent phase was completely transformed on cooling and
heating, respectively.
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Fig. 4. Set of X-ray diffraction patterns registered during heating of the strip A: as- cast (a) and After
etching up to 150 um (b)

In case of as-cast strip B, only one thermal peak appeared on cooling and heating
DSC curve, respectively. Also, DSC curves (figure 3b) registered for thinned strip
B (150pm) reveal one stage transformation, however, transformation temperatures are
shifted in direction of lower temperature region about 2 degrees. Analysis of X-ray
diffraction patterns confirmed that both studied samples of strip B: as-cast and thinned,
transform with sequence B2&B19.

Comparing DSC curves for as-cast strip A and B it has been clearly shown that
higher temperature of melt (1450°C in case of strip B) results in higher cooling rates,

what in consequence leads to defects increasing and finally shifts transformation tem-
perature to the lower region.

3.3. Texture

The measurement of the preferred orientations were carried out at room tempera-
ture on a circular sample 2 cm in diameter. In order to study grains orientation across
the strip thickness, pole figures were registered after thinning of sample for every 50 pm
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up to thickness of 150 pm. Pole figures for the strip A were determined starting from
the as-cast thickness 352 pm up to 150 pm, whereas for strip B — 305 pm (as-cast),
300 pm, 250 wm, 200 pm and 150 um. The indexes of pole figures were given in the
B2 structure description based on the crystallographic correlation between the lattices
of the B2 and B19 phases.

Thus, for texture analysis, the pole figures for {100}, {110} and {112} planes,
referring to indexes of the parent phase B2, were registered. Samples for pole figure
measurement were fixed in a holder in such a way that an RD direction at the pole
figure corresponds to the wheel rotation direction. The orientation distribution function
(ODF) was calculated from obtained pole figure data.

a)
=laes, B
C) iy |

st

o

as-cast 300 um 250 pm

i e

200 pm 150 pm

200 um 150 pm

Fig. 5. Set of the {011}, pole figures determined for strip A (a) and B (b)
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Figure 5a shows a set of the {011}py pole figures collected for strip A versus
thickness changes. The pole figure for as-cast strip reveals pole density concentration
around of <001> axis as well as clustering around orientation of the {001}<100> sheet
texture component. The texture of studied strip is relatively strong. Maximum of the
pole density achieves twelve levels for {011} pole figures whereas for {001} pole figure
exceed 169 levels.

After sample thinning to 300 um the sheet texture component vanishs and for
sample 200 pm thick only < 001 > fibre components exists. The volume fraction of
grains oriented with the fibre < 001 > component varies from 51% (150 um) to 57%
for as-cast strip. Considering the sum of total volume of oriented grains along both
textural component — only 27,4% volume of grains is randomly oriented. This fact
indicates that the volume of preferentially oriented grains decreases from the surface
to the middle of the strip. A set of the {011} pole figures for thinned strip B is
shown in figure 5b. Generally, strip B reveals completely different texture orientations
when compared to strip A. For as-cast strip B, pole density was clustered around two
centre-symmetric rings related to the fibre texture components: <011> and <001>.
Sample thinned to 250 um reveals a weakened intensity of the <011> orientation but
strong intensity of the sheet texture component {001}<110>.

Farther sample thinning to 200 pm causes disappearing of <011> fibre orientation
and for thickness of 150 pm only the presence of <001> and {001}<011> was stated.
The determined orientations on surface and cross the thickness are quit different to the
ribbons obtained by melt-spinning [6, 7] as well as for strips hot and cold rolled [8,
9].

40 4
O

o 45 —o— Strip A T=1400°C
r —o— Strip B T=1450°C
g’ 50 4 8\0
s
2 -
% &1
S 70

75 T T T T T T

60 80 100 120 140 160 180

D/2 [pm)
Fig. 6. Change of the orientated grains volume across the strip half thickness

The effect of strip processing parameters (melt temperature and roller-gap) on the
total volume of oriented grains can be driven from figure 6. Higher melt temperature
(strip B) causes higher cooling rate as well as smaller roller-gap limits time contact,
what in consequence leads to melt “freezing” on the wheel surface and only 40% of
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grains volume is preferentially oriented. Below the surface of the strip B only less
than 28% of grains are randomly oriented. At the opposition to that, for the strip A
the lower melt temperature causes the highest grains orientation just on the surface.
Approaching to the half of strip thickness, in the case of both strips A and B, volume
of the preferentially oriented grains decreases and finally reaching more than 54%.

3.4. Shape recovery

The shape recovery of the strip was determined by measuring the change of elonga-
tion during reversible martensitic transformation under constant tensile load. Samples
were cut off along the strip and mounted in such a manner that applied load was
parallel to the wheel rotation direction. Completed hysteresis of the shape recovery
was registered in temperature range between My_40° and Ay +40° (figure 7). From the
loop, the maximal elongation was determined as the highest point of the hysteresis. In
order to find material response for the stress, after cycle finishing, applied stress was
increased of 10 MPa comparing to the previous cycle.

a)
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4

Elongation {%]

Temperature ['C]

Fig. 7. Shape recovery under constant stress for: as-cast strip A (a), thinned strip A to 150 um (b),
as-cast strip B (c) and thinned strip B to 150 u (d)

As-cast strip A shows two steps of the shape recovery with the transformation
temperature correlated to the results determined from DSC curves. It has been very
well known that martensitic transformation from B2 structure to B19 proceeds by atom
shearing in every second {011} plane in <011> direction. Considering the presence
of the sheet texture component {001}<100>, which does not agree with the privileged
crystallographic direction in transformation mechanism, maximal value of elongation
does not exceed 3% for 50 MPa (figure 7a). For 60 MPa as-cast stripe A broke down.

After strip A thinning to thickness of 150 pm the grains oriented according to
sheet texture components were removed leaving only grains oriented with fibre texture
<001>. Comparing value of elongation obtained for 50 MPa no significant difference
was stated. However, removing sheet texture components caused increasing of durabil-
ity, which results in maximal elongation increasing to 3.5% under 80MPa (figure 7b).

Comparing the curves for as-cast strips A and B (Figure 7a and 7c) for 50 MPa load
— the increase of elongation for strip B is visible. The strip B (thinned up to 150 pm),



901

which consists of the grain mostly oriented along the {001}<110> component texture,
shows increase of maximal elongation up to 5% thanks to the privileged direction
{110] (figure 7d).

4. Conclusions

The obtained results can be summarized as follows:

e Both of the studied strips of ternary Ni-Ti-Cu alloys reveal following sequence
of the martensitic transformation: B2&B19.

e The lower cooling rate realizing during solidification of the strip A (lower
temperature of the liquid metal) causes grains forming and their concentration
around < 001 > crystallographic orientation.

e Presence of the sheet texture component {001} < 110 > in strip B improves the
degree of shape memory recovery measured by elongation changes.
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PHASE EQUILIBRIA IN THE Zn-RICH REGIONS OF THE Cu-Ni-Zn
AND Co-Ni-Zn SYSTEMS

ROWNOWAGI FAZOWE W BOGATEJ] W Zn CZESCI UKLADOW Cu-Ni-Zn i Co- Ni-Zn

Issue 4

Cu-Ni-Zn and Co-Ni-Zn alloys were prepared in quartz tubes using pure components.
The specimens were polished and their phase compositions were determined by electron

probe microanalyses.

The phase boundaries in the zinc-rich corners of the Cu-Ni-Zn and Co-Ni-Zn systems
have been investigated at 868 K. The phase relations at higher temperatures (1178 and
1080 K) are verified as well. Ternary compounds non-related with the binary systems have
not been found. The ternary extension of the Cu-Zn e-phase contains up to 4 at.% Ni. The
location of the phase boundaries of the ternary liquid and y-phases have been precised for

both ternary systems.

Isothermal sections of the phase diagrams Cu-Ni-Zn (at 868 K) and Co-Ni-Zn (at
868 K and 1083 K) have been constructed using the experimental data obtained in this

work and literature data about the end binary systems.

Badane stopy Cu-Ni-Zn i Co-Ni-Zn przygotowanio z czystych metali przez stopie-
nie w amputach kwarcowych po préznia. Sktad fazowy polerowanych prébek tych stopéw

okkreslono za pomoca mikroanalizy elektronowe;.

Dla bogatych w Zn cze§ci ukladéw fazowych Cu-Ni-Zn i Co-Ni-Zn okre§lono gra-
nice fazowe dla temoeratury 868 K. Relacje fazowe zweryfikowano takze dla wyzszych

temperatur: 1083 i 1178 K. Nie stwierdzono wystepowania niezwigzanych z fazami

dwu-

sktadnikowymi, osobnych faz tréjskfadnikowych. Okre§lono maksymalna rozpuszczalno§é

Ni w fazie Cu-Zn-€ na ok. 4%at.

Sprecyzowano potoZenie granic fazowych pomig¢dzy roztworem cieklym, a faza y w obu

uktadach tréjsktadnikowych.

Wykorzystujac dane wiasne i dane literaturowe dla uktadéw dwusktadnikowych skon-
struowano izotermiczne przekroje ukladéw fazowych Cu-Ni-Zn dla temperatury 868 K

i Co-Ni-Zn dla 868 i 1083 K.

UNIVERSITY OF SOFIA, FACULTY OF CHEMISTRY, | J. BOURCHIER AV., 1164 SOFIA, BULGARIA
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1. Introduction

The iron-group metals, copper and the zinc are largely used as pure elements
or alloys. Moreover, some materials based on the iron or cobalt are interesting be-
cause of their attractive magnetic properties. The development of multicomponent
high-temperature solders including these ternary systems might be foreseen too. It
has also been found that third element additions (for example Ni) to the galvanizing
bathes improve coatings quality. Thus, phase equilibria in ternary systems involving
these metals (in this case the systems Cu-Ni-Zn and Co-Ni-Zn) are technologically
interesting.

Nevertheless, there is lack of phase diagram data concerning the zinc-rich corners
of both ternary systems. Thus, the purpose of the present work is to obtain experimental
data about the zinc-rich region and to verify the phase boundaries of the solid phases.

1a. Cu-Ni-Zn System

The Cu-Ni-Zn phase diagram is of fundamental interest for the design of multicom-
ponent copper-nickel alloys such as materials with high electric or corrosion resistance
and some types of brass and bronze. The studies of Cu-Ni-X systems (where X is a
low melting metal) are prospective for the development of high temperature solders
as well because both copper and nickel are often used substrates. For these reasons
numerous phase equilibria investigations have been done [1-2]. The Cu-Ni-Zn phase
diagram has been evaluated by Chang et al. [3]. Due to the latter work a liquidus
projection and an isothermal section at 1084 K have been presented.

Recently, new thermodynamic descriptions of the Cu-Ni-Zn system [4, 5] appeared,
both essentially accepting the assessments done by Mey [6] for the Cu-Ni system, by
Kowalski and Spencer [7] for the Cu-Zn system, and by Vassilev etal.
[8] for the Ni-Zn system. We would like to notice that some binary phases in both
Cu-Zn and Ni-Zn systems have been remodelled for the sake of simplicity, when the
optimisations of the ternary Cu-Ni-Zn phase diagram were done. No ternary phase
have been revealed in this system, but continuous solutions regions for the face centred
cubic and y- brass type phases are observed.

1b. Co-Ni-Zn System

Zinc binary and ternary phase diagrams with Co and Ni have been subject of
experimental studies by the authors [9-13]. Thermochemical studies of the Ni-Zn,
Co-Zn and Co-Ni-Zn systems have been published [14-17] as well as thermodynamic
assessments of the Ni-Zn [18-20] and Co-Zn systems [20, 21]. No ternary phases
have been found in the Co-Ni-Zn system, but continuous solutions regions for the face
centred cubic and y-brass type phases are observed. The crystal structures descriptions
of the phases of the end-member systems (Co-Ni, Co-Zn and Ni-Zn) are compiled in
Table 1.
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TABLE 1
Crystal Structures of phases of the systems Co-Ni, Cu-Ni, Co-Zn and Ni-Zn [1, 2, 8, 21]
an(;)l:)‘lz:em Hog:ofgo. ;:;T;va] Pearson symbol | Space group Prototype
a, (aCo,Ni)* 0-100 at.%Ni cF4 Fm3m Cu
o,(aCo,Zn)* 0-37.5 at.%Zn cF4 Fm3m Cu
o,(aCu,Ni) 0-100 at.%Ni cF4 Fm3m Cu
a,(aCu,Zn) 0-40 at.%Zn cF4 Fm3m Cu
o,(aNi, Zn) 0-39.5 at.% Zn cF4 Fm3m Cu
B’ (CoZn)*** 50 at.%Zn cP20 Pm3m CsCl
B1(CoZn)* 48.0-55.0 CP20 P4,32 fMn
Béﬁ‘;i“e)rz* 36-54 at.% Zn cn Im3m W
%S:ég) 36-54 at.% Zn cP2 Pu3m CsCl
B (NiZn)*** 47.5-58.5 at.% Zn cP2 Pm3m CsCl
B1(NiZn)* 45.5-52 at.% Zn tP2 P4{mmm AuCu
¥(NisZny,) 70-85 at.% Zn cls2 143m CusZng
Y(CosZny;) 69-85 at.% Zn cl52 143m CusZng
¥(CusZng) 57-70 at.% Zn cl52 143m CusZng
¥1(CoZny) CoZn; gy cubic y-brass related
v2(Co-Zn) CoZn;s mC28 C2/m CoZny3
8 (Ni-Zn) NiZn8 mC28 C2/m CoZn;
&’ (Cu-Zn)*** CuZn; hP3 P6 CuZns
6’(C0_Zn)*** COZans Sekk ok deskok ok dedkokok
&(eCo,Ni)** 0-35 at.% Ni hP2 P63/mmc Mg
g,(eCo,Zn)** 0-2.5 at.% Ni hP2 P6s/mmc Mg
&(Cu-Zn) 78-88 at.% Zn hP2 P63/mmc Mg
1, (zn) 100 at% Zn hP2 P63/mmc Mg

*Phases where magnetic transformation takes place; ** ferromagnetic phase;
*** high temperature phase; **** no data

2. Experimental

The Cu-Ni-Zn and Co-Ni-Zn alloys (Table 2) were prepared using pure components
(at least 99.99%) weighed and sealed in quartz tubes, under argon pressure of around
1 Pa. All specimens were gradually heated and annealed at 1178 K (i.e. just below
the zinc boiling point). After annealing, the ampoules were broken and the alloys were
grinded in agate mortar, resealed, annealed furthermore at 750 K and finally at 868 K
(Table 2).

Some of the Co-Ni-Zn specimens were annealed at 1083 K (Table 2).All ex-
periments have been done in sealed ampoules. The mass of the specimens has been
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TABLE 2
Overall chemical composition and heat treatment of the Cu-Ni-Zn and Co-Ni-Zn alloys. No — numbers
and labels of the specimens, Xi — initial mole fractions of the respective constituents

No Xni Xecw Xz Notes
CNZ1 0.1162 | 0.1110 | 0.7728 Annealed 21 d. at 1178 K;
CNZ2 0.0848 0.0783 | 0.8369 grinded and heated S d. at 1023 K;
CNZ3 | 00564 | 00622 | 0.8814 annealed 180 d. at 868 K

Annealed 4 d. at 1178 K;
CNZ4 0.0239 0.0906 | 0.8855 grinded and heated 5 d. at 1023 K;
annealed 180 d. at 868 K

Annealed 18 d. at 1178 K;;
CNZ5 0.0446 0.0172 | 0.9382 grinded and heated 5 d. at 650 K;
annealed 180 d. at 868 K

No Xni X Xeco Notes
CoNZ1 | 0.0666 | 0.8966 | 0.0368 ASalcd B, at 1178,
CoNZ2 | 0.0424 | 0.8943 | 0.0633 grinded and heated 5 d. at 1023 K;
CoNz3 | 00175 | 0.8722 | 0.1103 annealed 210 d. at 868 K
CoNZ4 | 0.0579 092 | 0.0221
CoNZ5 | 0.0575 032 | 0.6225
CoNZ6 | 0315 0.32 0.365
CoNZ7 | 06081 | 03199 | 0.072 Annealed 60 d. at 1178 K:
CoNz8 | 0.2292 | 04271 | 0.3437 grinded and heated 5 d. at 1023 K;
CoNZ9 | 0.1782 | 0.5884 | 0.2334 annealed 210 d. at 868 K
CoNZ10 | 0.29091 | 0.54545 | 0.1636
CoNZ11 | 0.0252 | 0.8583 [ 0.1165
CoNz12 | 0.0942 | 0.8555 | 0.0503

controlled before and after annealing, and the mass lost has been found to be in the
limits of the experimental error (fourth digit after the decimal point). After quenching
in water, the specimens were polished and their phase compositions were determined
by electron probe microanalyses (EPMA) using the wave dispersion system (WDS)
method.

3. Results and discussion
3a. Cu-Ni-Zn phase diagram

In Fig. la calculated isothermal section at 1178 K (using a recent [4] thermo-
dynamic optimisation of the Cu-Ni-Zn phase diagram) is represented. As one could
see, at 1178 K all specimens should have been liquid. Figs. 2 and 3 show the mi-
crostructures of the specimens CNZ1, CNZ2 and CNZ3, respectively, as quenched from
1178 K. Namely, in specimen CNZ1 (Fig. 2) no dendrites are seen. The information
that can be deducted by this micrograph (combined with EPMA data, Table 2) is that
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Ni
00, 49 T=1178 K

cu 00 02 04 ~ 08 @ 08 10
Zn mole fractions

Fig. 1. Isothermal section at 1178 K of the Cu-Ni-Zn phase diagram, calculated using optimized
adjustable coefficients. The overall composition of the specimens used in this work are also represented:
M - CNZI, @ - CNZ2, ¥ — CNZ3, ® - CNZ4, ® — CNZ5. Three phases are stable at the working
temperature: face centered solid solutions (o), intermetallic compound () and liquid solutions (L). The
thin solid lines symbolize the tie-lines in the two-phase areas

Fig. 2. Micrograph of specimen CNZ1 in characteristic X-rays after annealing at 1178 K. Both, light and
dark areas pertain to the y-phase. The dark are richer in Ni, while the light - richer in Cu
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Fig. 3. Micrograph of specimen CNZ3 in characteristic X-rays after annealing at 1178 K. Dendrites of
v-phase (dark areas) have formed thus indicating large difference between the liquidus and the solidus
temperatures. The black areas are voids

Fig. 4. Micrograph of specimen CNZ3 in back scattered electrons, after annealing at 1178 K. The
dark-gray areas are of y — phase the light areas correspond to the liquide phase (L). Needle-like zinc
dendrites have formed during the cooling. The small black areas are voids, probably
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the melting temperature of the ternary y-phase is near to the working temperature
1178 K. Besides, it seems that some liquation occurs during the cooling, due to the
non-equilibrium crystallization, thus areas with different chemical compositions have
formed. Nevertheless, they all are situated in the y-phase homogeneity range (Table 2).

Contrary, dendrites at quenching from 1178 K are observed in specimens whose
composition is located out of a monophase field. Such an observation indicates large
difference between the liquidus and the solidus temperatures. This is also in agreement
with the almost vertical phase boundaries know in the pertinent binary systems. For
example, in Fig. 3 and Fig. 4 are shown microstructures of the specimen No. CNZ3
quenched after annealing at 1178 K (i.e. liquid state) and at 868 K, respectively. The
primary crystallizing phases are: the zinc (Zn) (at the quenching from at 868 K) and the
y-phase (at quenching from 1178 K). This behaviour is an agreement with the expected
from the pertinent binary phase diagrams and indicates the lack of new phases in the
studied region.

TABLE 3
Phase composition of the ternary Cu-Ni-Zn specimens, determined by electron microprobe analyses. The
predominant phase is placed first

No. Phases Note

CNZI | (a) Ni-rich y-CuNiZn After annealing at 1178 K: The alloy is melted at the anneal-
(light areas) ing temperature. y-CuNiZn with different composition formed
(b) Cu-rich y—CuNiZn in some parts of the specimen during the cooling due to the
(dark areas) non-equilibrium crystallization.

(@) Xco = 0.11 £0.02, Xp;= 0.12 £ 0.01, Xz, =0.77 £ 0.02;
() Xcw =0.13£0.02, Xy; =0.10+0.01, Xz, =0.77 £ 0.02

Annealed at 868 K. Inclusions of dark phase with similar com-
positions are seen.
(a) Xey =0.1220.01, Xx; = 0.12 £ 0.01, Xz, = 0.76 £ 0.02

CNZ1 | (a) y-CuNiZn
((light areas))

CNZ2 | (a) Liquid phase

(light areas);

After quenching from 1178 K:
(@) Xcu = 0.04 +£0.02, Xy; = 0.03 + 0.02, Xz,=0.93 + 0.02;

(b) Liquid phase

(b) y-CuNiZn (b) Xep = 0.06 £0.01, Xy; = 0.08 £0.01, Xz, = 0.86 £ 0.01
(dark areas)
CNZ2 | (a) y-CuNiZn Annealed at 868 K:
(b) Liquid phase (a) Xcw = 0.09 £0.02, Xy; =0.10£0.01, Xz, = 0.81 £0.03
() Xco = 0.03+0.01, Xy = 0.02 £0.01, Xz, =0.95+£0.01
CNZ3 | (a) y-CuNiZn Annealed at 868 K:
(light areas); (@) Xc, = 0.09 £ 0.02, Xy; =0.09 £ 0.01, X5, = 0.82 £ 0.02
(b) Liquid phase () Xew = 0.05 £0.03, Xy; = 0.02 £0.01, Xz, = 0.93 +0.03
CNZ4 | (a) e-CuNiZn Annealed at 868 K,, e-CuNiZn is formed.
(b) Liquid phase (a) Xeu = 0.12 £0.01, Xn; = 0.03£0.01, Xz, =0.85+0.01
(b) Xew = 0.05 £0.01, Xn; = 0.01 £0.01, Xz, =0.94 +0.02
CNZ5 | (a) y-CuNiZn Annealed at 868 K:

(@) Xcu =0.02+0.01, Xy = 0.15+0.01, Xz, = 0.83 £0.01
(b) Xcu = 0.02 £0.01, Xy; = 0.02 £ 0.01, Xz, = 0.96 £ 0.01
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Voids are seen in Figs 3 and 4. One might suggest that these voids are due to zinc
evaporation Nevertheless, at the working temeperatures the zinc vapour pressure is less
than 103 Pa (even at 1178 K), thus negligible quantities of zinc are needed to saturate
the gas phase. Thus we conclude that the voids are formed during the crystallization of
the formed liquid, and are due to the differences of the specific volumes of the phases.

The chemical compositions of the phases of the Cu-Ni-Zn specimens, determined
by EPMA are compiled in Table 3. Five measurements at least (point or area analyses)
have been done for every phase and the 95% confidence intervals are calculated.

Using the experimental data found in this work and optimised literature data about
the binary end — systems [8, 21] we constructed a section at 868 K, of the region
containing more than 70 at.% Zn (fig. 5). The ternary extension of the Cu-Zn e-phase
contains up to 4 at % Ni. The location of the phase boundaries of the ternary liquid
and y-phases have been précised.

Fig. 5. Details of the constructed in this work zinc-rich region (at 868 K) of the Cu-Ni-Zn phase
diagram — the phase boundaries of the y-phase with & and liquid phases. The overall composition of the
specimens are represented as follows: ll - CNZ1, ® - CNZ2, V¥ - CNZ3, ® - CNZ4,  — CNZ5. The

compositions of the phases, obtained by electron microprobe analyses are shown: < — y-phase;

% — e-phase; [J — Liquid phase(liq). The thin solid lines symbolize the experimental tie-lines of the
specimens CNZ2 and CNZ5. The tie-lines of the specimens CNZ3 and CNZ4 practically coincide with
the phase boundaries limiting the two-phase regions y + Liq and € + Liq, respectively. The phase
boundaries of the a and P, phases are calculated with coefficients optimized by Jiang et al. {4]. The
mole fractions of the zinc and the copper (Xz; and Xc,) are plotted along the respective axis

3b. Co-Ni-Zn phase diagram

An isothermal section of the Co-Ni-Zn phase diagram at 1083 K, is drawn in
Fig. 6 representing the results obtained in this work. Details of the phase compositions
are shown in Table 4.

Five measurements at least (point or area analyses) have been done for each phase
and the 95% confidence intervals are calculated. The results of previous authors’ in-
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02 04 06 08 Ni
Ni mole fractions

Fig. 6. Isothermal section at 1083 K,of the Cu-Ni-Zn phase diagram, constructed using the experimental
data found in this work and literature data about the end binary systems. The overall compositions of the
specimens are represented by the symbol (#). The numbers 1 to 8 correspond to the specimens with
labels CoNZS to CoNZ12 in Table 4. The compositions of the equilibrium phases, obtained by electron
microprobe analyses are shown as follows: O — y-phase; [ — a-phase (solid f.c.c. solutions);

% — Liquid phase; o — §§)-phase (ternary extension of the Co-Zn f,-phase); A - B-phase (ternary
extension of the Ni-Zn B,-phase). The dashed line indicates the transition between paramagnetic (o) and
ferromagnetic (ay) state. The thin solid lines symbolize the experimental tie — lines of the respective
two-phase specimens (1, 2, 7 and 8)

Fig. 7. Micrograph of specimen CoNZ3 in back scattered electrons. The specimen is annealed at 868 K.
The light-gray fields correspond 'to the zinc-rich liquid phase (Liq), while the dark-gray - to the ternary
y-phase (y-CoNiZn). The darkest area corresponds to the Co-Zn y,-phase (CoZn;)
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TABLE 4

Results obtained with equilibrated Co-Ni-Zn alloys annealed at 868 K (specimens nos. CONZI to 4) and
1083 K (specimens nos. CONZS5 to 12). The compositions of the phases are determined by electron

microprobe analyses

No. Phases Note
CoNZl1 (a) y-CoNiZn (a) Xn; = 0.10+0.02, X7, = 0.84 +£0.02, X¢, = 0.06 + 0.01;
(b) Liquid (b) Xni =0.02 £0.01, Xz, = 0.96 £ 0.02, X, = 0.02 £ 0.01;
CoNZ2 | (a) y-CoNiZn (a) Xn; = 0.05 £0.01, Xz, = 0.84 £ 0.03,Xc, = 0.11 £0.02;
(b) Liquid (b) Xni = 0.03 £ 0.01, Xz, = 0.95 +£0.03, X¢, = 0.02 £0.01;
CoNZ3 | (a) y-CoNiZn (a) Xn; = 0.03, Xz, = 0.81 £0.03, X, = 0.16 £ 0.02;
(b) Liquid (b) Xni = 0.01 £0.01, Xz, =0.96 £0.04, X, = 0.03 £0.01;
(©) 71-CoZn; (c) Xni = 0.0, Xz, =0.88 £0.01, Xc, = 0.12 £ 0.01;
CoNZ4 | (a) y-CoNiZn (a) Xni = 0.12 £ 0.03, Xz, = 0.86 £ 0.02, X¢, = 0.04 +0.01;
(b) Liquid (b) Xni = 0.04 £0.01, Xz, = 0.95 £0.03, X, = 0.01 £0.03;
CoNZ5 | (a) (aCo) (a) Xn; = 0.06 £ 0.02, Xz, = 0.30 + 0.03, X, = 0.64 +0.02;
(b) B{-CoZn, (b) Xni = 0.04 +£0.02, Xz, = 049 +0.03, X, = 0.47 £ 0.03;
CoNZ6 | (a) (aCo) (a) Xni = 0.32 £ 0.01, Xz, = 0.31 £0.02, Xc, = 0.37 £ 0.03;
(b) B1-CoZn, (b) Xni = 0.18 £0.03, Xz, = 0.44 +0.03, Xc, = 0.38 +0.02;
CoNZ7 | (a) (aCo) (a) Xni = 0.60 £ 0.03, Xz, = 0.32 +£0.02, X¢, = 0.08 £0.01;
CoNZ8 | (a) (aCo) (a) Xni = 0.34 £ 0.03, Xz, = 0.31 £ 0.02, X¢, = 0.35 £ 0.03;
(b) B}-CoZn; (b) Xni = 0.19 £ 0.02, Xz, = 0.43 £ 0.03, X, = 0.38 +£0.03;
(¢) B1-NiZn (c) Xni = 0.40 £ 0.03, Xz, = 0.48 £ 0.03, Xco = 0.12 £ 0.03
CoNZ9 | (a) y-CoNiZn (a) Xni = 0.17 £0.02, Xz, = 0.71 £ 0.03, Xc, = 0.12 + 0.03;
(b) Bi-CoZny (b) Xp; = 0.12 £ 0.01, Xz, = 0.50 £ 0.02, X, = 0.38 +0.02;
(c) B1-NiZn (c) Xni = 0.39 £0.01, Xz, = 0.52+0.02, X, = 0.09 +£0.03
CoNZ10 | (a) y-CoNiZn (a) Xni = 0.16 £ 0.01, Xz, = 0.73 £ 0.02, X, = 0.11 £0.01;
(b) B{-CoZn, ) Xni = 0.12 £0.01, Xz, = 0.51 +£0.03, X, = 0.37 £ 0.03;
(c) B1-NiZn (c) Xni = 0.40 £ 0.03, Xz, = 0.53 £ 0.03, Xc, = 0.07 £ 0.01
CoNZl11 | (a) y-CoNiZn (a) Xni = 0.04 £0.02, Xz, = 0.82 +0.03, X, = 0.14 + 0.02;
(b) Liquid (b) Xni = 0.01 £ 0.01, Xz,= 0.89 + 0.03, X, = 0.10 + 0.03;
CoNZ12 | (a) y-CoNiZn (@) Xy = 0.10 £ 0.01, Xz, = 0.84 +0.02, X, = 0.06 + 0.02;
(b) Liquid (b) Xni = 0.09 £ 0.02, Xz, = 0.87 £ 0.03, X, = 0.04 +0.01

! — B{-CoZn designates the ternary extension of the Co-Zn f;-phase.

vestigations of this ternary system [11, 12] and thermodynamic optimisations of the
respective end binary systems [8, 21] are taken into account as well. Fig. 7 and Fig. 8
are micrographs of the alloys nos. CoNZ3 and CoNZ2, respectively. The light-grey
fields correspond to the zinc-rich liquid phase, while the dark-grey — to the ternary
y-phase. The darkest area in Fig. 8 corresponds to the Co-Zn y,-phase (approximate
formula CoZny).

In Fig. 9 an isothermal section of the zinc-rich side of the Co-Ni-Zn phase diagram
at 868 K is plotted, with the experimental data obtained in this work. The data allow
to precise the phase boundaries shapes for the ternary liquid and y-phases.
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Fig. 8. Micrograph of specimen CoNZ2 in back scattered electrons. The specimen is annealed at 868 K.
The light-gray fields correspond to the zinc-rich liquid phase (Liq), while the dark-gray - to the ternary
y-phase (y-CoNiZn)

Fig. 9. Isothermal section at 868 K, of the zinc-rich side of the Co-Ni-Zn phase diagram constructed
using the experimental data acquired in this work. The overall compositions of the specimens are
represented as follows: ll — CoNZ1, @ — CoNZ2, ¥ — CoNZ3, A — CoNZ4. The compositions of the
phases, obtained by electron microprobe analyses are: O ~ y-phase; O ~ y,-phase; O ~ Liquid phase.
The mole fractions of the zinc and the nickel (Xz, and Xy;) are plotted along the respective axis

4. Conclusion

The phase boundaries in the zinc-rich corners of the Cu-Ni-Zn and Co-Ni-Zn
systems have been investigated at 868 K. The phase relations at higher temperatures
(1178 and 1083 K) are verified as well. Ternary compounds non-related with the binary
systems have not been found. Data about the phase compositions of the Cu-Ni-Zn and
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Co-Ni-Zn phases have been obtained. The existence of continuous y-phase regions has
been confirmed for both ternary systems. The nickel solubility in the ternary extension
of the Cu-Zn ¢-phase has been found for the first time.

Isothermal sections of the Cu-Ni-Zn (at 868 K) and of the Co-Ni-Zn (at 868 K and
1083 K) phase diagrams have been constructed using the experimental data obtained
in this work and literature data about the end binary systems.
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INFLUENCE OF Cu ON THE ACTIVITY OF Zn IN Sn-Zn-Cu LIQUID SOLUTIONS

WPEYW Cu NA WSPOLCZYNNIK AKTYWNOSCI Zn W CIEKLYCH ROZTWORACH Sn-Zn-Cu

The activity of Zn in low — melting Sn-Zn-Cu afloys has been determined by the
method of equilibrium saturation with metal vapour at T = 873K. The total mole fraction
of Zn and Cu was less than 0.25. As the method of equilibrium saturation is a comparative
one it is necessary to have an appropriate reference mixture. The Sn-Zn alloy was accepted
as the reference mixture. The interaction parameter £5° was determined by the least squares
method. The experimental value of £5¥ was compared with the value calculated on the basis
of model of relative difference of ionic volumes.

Keywords: activity, interaction parameter; multicomponent ailoys

Aktywno$é cynku w stopach Sn-Zn-Cu o niskiej temperaturze topnienia zostala wyzna-
czona metoda réwnowagowego nasycania parg metalu w temperaturze 873 K. Sumaryczny
udzial cynku i miedzi nie przekraczat 0.25 (w ulamkach molowych). Poniewaz metoda réw-
nowagowego nasycania jest poréwnawcza, niezbedne jest posiadanie odpowiedniego stopu
odniesienia. W pracy role te petnit roztwér Sn-Zn. Z wynikéw pomiaréw wyznaczono przy
pomocy metody najmniejszych kwadratéw warto$é parametru oddzialywania sg:,’. Warto$¢
te poréwnano z wynikiem obliczefi przy pomocy modelu opartego na wzglgdnych réznicach
promieni jonowych.

1. Introduction

Thermodynamic properties of diluted multicomponent alloys are useful in pro-
cesses of refinement of metals and for designing new alloys. Interaction parameters,
introduced by Wa gner [1], enable the determination of influence of one component
on the thermodynamic properties of another component in a multicomponent system.
Interaction parameters are calculated on the basis of experimental results, such as
activity data of a given component in a multicomponent system. However, experiments

*

POLITECHNIKA RZESZOWSKA, 35-959 RZESZOW, UL. W. POLA 2
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are difficult to carry out, it is useful to calculate or to predict the values of interaction
parameters from other physico- chemical properties.

This paper presents results of experimental investigation of Sn-Zn-Cu alloys at the
temperature 873K carried out by means of the method of equilibrium saturation with
metal vapour using Sn-Zn alloy as the reference mixture. This method can be used
for determining the activity of the volatile component in any multicomponent system.
In the studied system zinc is a volatile component. The Sn-Zn-Cu system has been
investigated by Tefelske and Chang [2] using the torsion-effusion technique
at the temperature 803K for the zinc concentration from xz, = 0.03 to xz, = 0.05 and
copper concentration from xc; = 0.01 to xcy = 0.05 and by Nguyen-Duy and
Rigaud [3] using the electrochemical method in the temperature range from 723 to
923 K (xz, and x¢, from 0.01 to 0.05).

The experimental value of the interaction parameter has been compared with the
value calculated on the basis of the model of relative difference of ionic volumes {4,
5] and the values obtained in references 2 and 3.

2. Experimental

The analyzed alloys show considerable differences between the vapour pressures
of their elements at T=873K: pg, = 7.8« 10™* Pa p} =120 Pa, p¥, =3.98+ 1073Pa
[6]. Since the vapour pressure of Zn is much higher than that of the other elements, the
activity measurements of Zn were carried out by the comparative method of equilibri-
um vapour saturation. This method has been successfully applied for alloys with one
volatile component [7-10]. The studied Sn-Zn-Cu mixture and the reference mixture
Sn- Zn have been placed inside a closed crucible under a reduced argon pressure and
saturated with the vapour of zinc until equilibrium was reached. At equilibrium the
activity of Zn is the same in all mixtures inside a closed system. If the activity of Zn
in reference Sn-Zn (1) is known, it is possible to calculate the activity of Zn in the
Sn-Zn-Cu (1):

azn(Sn—Zn-Cu) = 4Zn(Sn—Zn) N
YZn(Sn-Zn-Cu) = XZn(Sn—Zn) * YZn(Sn-Zn)/XZn(Sn-Zn—Cu)> (2)

where Xznsn-zn) and Xznsn-zn-cu) denote the equilibrium mole fraction of Zn in Sn-Zn
and Sn-Zn-Cu, respectively, and 7yznsn-zn) and 7¥znsn-za-cu) are the corresponding
activity coeflicients of Zn.

This method, has enabled simultaneous measurements of up to a dozen mixtures.
All the studied mixtures had exactly the same conditions of saturation. The number
of mixtures was limited only by the lenght of the isothermal zone in the furnace. The
essential part of the apparatus (see figure 1) consisted of a set of graphite blocks with
grooves for alloys and orifices which allowed free evaporation and migration of the
vapour of zinc inside the system. The set of blocks was placed inside a tube made
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of extra-fine, creep-resistant steel, which served as a vacunm chamber, placed inside a
resistance furnace. The blocks with alloys were placed exactly in the isothermal zone
of the furnace. The temperature was measured with a {Ni-(Ni-Cr)} thermocouple. The
accuracy of temperature measurements was +5K. The pressure in the furnace was
measured with a vacuum meter APG-010 manufactured by Balzers. The accuracy of
pressure measurements was +10 Pa. Alloys were prepared from elements of purity
at least 0.9998 mass fraction purchased from Aldrich. Graphite elements were made
of EK-412 type graphite purchased from Ringsdorf. The reference and the studied
mixtures of appropriate compositions were prepared by melting carefully weighed
masses of metals at an argon pressure of 0.1Pa. The equilibrium compositions of the
alloys were determined by the weighing method. The accuracy of weighing was +107g.

el
=

< A

Fig. 1. Apparatus for equilibrium saturation with metal vapour.1, — vacuum chamber; 2, — [Ni-(Ni-Cr)]
thermocouple and alundum sheath for thermocouple; 3, — graphite cover; 4, — graphite blocks with
grooves for alloys; 5, — orifices and a channel which enables free evaporation and migration of vapour

The quantities determined experimentally, i.e. the argon pressure and the equili-
bration time were meant to ensure the attainment of equilibrium between Zn(g) in the
reference and the studied mixture. In preliminary tests all the mixtures in the grooves
were Sn and Zn alloys. The equilibrium state was attained when the mole fraction of
Zn was the same in all mixtures. The argon pressure was specially chosen to be higher
than the vapour pressure of zinc and to limit the evaporation process to that of zinc
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only with a sufficient rate. It was established, that for the temperature 873K the time
necessary to reach equilibrium was 2.5 hours with an argon pressure of 2.8 kPa.

3. Results

The activity of zinc in Sn-Zn-Cu at T=873K has been determined by the equilibri-
um saturation method. The activity coefficient of zinc, yz, in this alloy was calculated
from equation (2). For describing the activity coefficient of zinc yz, in the reference
mixture Sn-Zn the equation proposed by Ptak [11] and veryfied by the further
investigation [12] has been used:

Inyzy = (2489/T) + 1.824(InT — 1)(~12.929)(1 - x)".. 3)

The results are presented in table 1. As the solutions are dilute they can be described
by means of the Wagner equation [1]:

0 Z Cu
Inyzn = Inyz, + £7,Xz0 + &7 XCus 4)

where 'yz is the activity coefficient of Zn in Sn-Zn as x—0, s (8lnfz,,/¢9x2n)
as Xz, —0 is the interaction parameter of Zn in Sn-Zn alloy as x——>0 and & z =
(6Infzy/0Xcy) at xzy — 0 and xcy, — O is the interaction parameter of Cu in Sn-Zn-Cu
alloy at xz, — 0 and xcy — 0.

TABLE
Equilibrium compositions of both mixtures and values of ¥z, in Sn-Zn calculated on the basis of
equation (3) and values of ¥z, in Sn-Zn-Cu calculated from eguation 2

Sn-Zn-Cu solution A .
Nr reference solution
XCu Xzn Yzn lnryzn Xzn Yzn
1. | 0,01388 | 0,02808 | 1,49196 | 0,40009 | 0,02911 1,54669
2. | 0,01389 | 0,02740 | 1,49140 | 0,39971 } 0,02843 1,54721
3. | 0,02182 | 0,03810 | 1,45446 | 0,37464 | 0,04031 1,53907
4, | 0,02195 | 0,03291 1,47202 | 0,38664 | 0,03450 1,54301
5. | 0,02233 | 0,01708 1,51494 | 0,41537 | 0,01754 1,55512
6. | 0,03034 | 0,02774 | 1,42904 | 0,35700 | 0,03003 1,54695
7. | 0,03034 | 0,02808 | 1,44630 | 0,36901 | 0,03003 1,54669
8. | 0,03038 | 0,02740 | 1,46560 | 0,38226 | 0,02893 1,54721
9. | 0,03093 | 0,01065 | 1,47084 | 0,38583 | 0,01130 1,56007
10. | 0,03542 | 0,04000 | 1,44138 | 0,36560 | 0,04267 1,53763
11. | 0,03659 | 0,01053 | 1,47931 | 0,39158 | 0,01111 1,56016
12. | 0,03670 | 0,00744 | 1,45930 | 0,37796 | 0,00797 1,56255
13. | 0,04709 | 0,02740 | 1,37844 | 0,32095 | 0,03076 1,54721




921

14. | 0,04768 | 0,01681 | 1,40117 | 0,33731 | 0,01866 1,55533
15. | 0,07794 | 0,02774 | 1,35664 | 0,30501 | 0,03163 1,54695
16. | 0,07794 | 0,02808 | 1,37302 | 0,31702 | 0,03163 1,54669
17. | 0,07808 | 0,02740 | 1,42091 | 0,35130 | 0,02984 1,54721
18. | 0,07898 | 0,01610 | 1,34003 | 0,29269 | 0,01869 1,55588
19. | 0,07898 | 0,01681 | 1,39893 | 0,33571 | 0,01869 1,55533
20. | 0,07947 | 0,01065 | 1,31776 | 0,27594 | 0,01261 1,56007
21. | 0,07985 | 0,00652 | 1,29348 | 0,25733 | 0,00788 1,56326
22. | 0,08926 | 0,02774 | 1,34346 | 0,29525 | 0,03194 1,54695
23. | 0,08926 | 0,02808 { 1,35969 | 0,30725 | 0,03194 1,54669
24. | 0,08941 | 0,02740 | 1,39436 | 0,33244 | 0,03041 1,54721
25. | 0,09045 | 0,01610 | 1,31076 | 0,27061 | 0,01911 1,55588
26. | 0,09045 | 0,01681 | 1,36838 | 0,31363 | 0,01911 1,55533
27. | 0,09101 | 0,01065 | 1,27833 | 0,24555 } 0,01300 1,56007
28. | 0,09146 | 0,00652 | 1,25908 | 0,23038 | 0,00809 1,56326
29. | 0,09401 | 0,03810 | 1,26451 | 0,23468 | 0,04637 1,53907
30. | 0,09401 | 0,04000 | 1,32633 | 0,28241 | 0,04637 1,53763
31. | 0,09498 | 0,03291 | 1,38996 | 0,32928 | 0,03654 1,54301
32. | 0,09668 | 0,01708 | 1,38142 | 0,32311 | 0,01923 1,55512
33. | 0,09732 | 0,01053 | 1,28361 | 0,24967 | 0,01280 1,56016
34, | 0,09765 | 0,00744 | 1,23247 | 0,20902 | 0,00944 1,56255
35. | 0,14223 | 0,03810 | 1,24537 | 0,21943 | 0,04708 1,53907
36. | 0,14223 | 0,04000 | 1,30625 | 0,26716 | 0,04708 1,53763
37. | 0,14637 | 0,01441 | 1,16050 | 0,14885 | 0,01934 1,55717
38. | 0,14739 | 0,01053 | 1,31519 | 0,27398 | 0,01249 1,56016
39. | 0,14806 | 0,00617 | 1,20439 | 0,18598 | 0,00801 1,56353
40. | 0,00025 | 0,00587 | 1,56567 | 0,44831 | 0,00215 0,57382
41. | 0,00390 | 0,01053 | 1,53570 | 0,42899 | 0,02357 3,43727
42. | 0,00031 | 0,03291 | 1,56635 | 0,44875 | 0,00153 0,07268
43. | 0,00618 | 0,01708 | 1,53363 | 0,42764 | 0,02378 2,13493
44. | 0,00332 | 0,00587 | 1,54638 | 0,43592 | 0,01124 2,96243
45. | 0,01339 | 0,01065 | 1,50006 | 0,40550 | 0,03615 5,09186
46. | 0,00655 | 0,04000 | 1,53985 | 043169 | 0,01938 0,74600
47. | 0,02032 | 0,01053 | 1,50271 | 0,40727 | 0,03223 4,59934
48. | 0,02625 | 0,03291 | 1,49011 | 0,39885 | 0,03215 1,45541

The interaction parameter lanOn(Sn—Zn—Cu) is the boundary value of Infznsn-zn-cu)
function and its value depends on the direction of achieving the boundary value, which
is ilustrated in the figure 2.
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XCu

4
XZn

Fig. 2. The dependence of the In yz,s,-za—cup value on the direction of achieving the limiting value

It is necessary to determine the influence of two variables: tgp = Xcu/Xznpir =

A /xéu + xZn? on the lnygn(Sn_Zn_c“) value. The small number of experimental points on
one direction made it impossible to determine the activity coefficient for low element’s
concentrations. Therefore its value has been accepted from the binary alloy Sn-Zn.
Subsequently, using the dependences xz, = rcos¢ and xc, = rsing the Wagner
equation bas been transformed and the following form has been obtained:

I Yzn(sn-za-cuy — In ¥
Zn(Sn-Z .
a2 e2% cos ¢ + £5° sin ¢, &)

r

The left side of the equation (5) has been calculated for each experimental point
and the interaction parameters a%g and sg: have been calculated by means of the
least-squares method. On the basis of the experimental results of the studied mixture
the following equation was obtained:

Inyza = —0.45 — 0.5xz, — 1.70xcu, (6)

4. Discussion

The value of interaction parameter 8%: = —1.7, obtained experimentally was com-
pared with the value calculated on the basis of the relative difference of ionic volumes



923

(Iny ZYI(Sn-Cu-Zn)-ln }p zﬂ(sn-z;.))/r

Fig. 3. Experimental points and equation (5)

model, widely described in references 4, 5 and 8. This model is based on the assump-
tion, that alloys with predominating metallic bonds can be considered as a ionic system
without valence electrons. The valence electrons can be regarded as free electrons, be-
cause the mean free path of electrons is long [13]. Therefore, Pomianek [4, 5,
8] has made an assumption, that the ionic radius should be regarded as a measure
of the geometry of metallic solutions. On the basis on the ionic radius, or rather the
relative difference of ionic volumes as well as the electron density and electronegativity,
thermodynamic properties of binary and ternary metallic solutions can be calculated.
A distinct linear correlation between the interaction parameter sj. and the relative dif-

{Gm-J4P) has been found. The relative difference of ionic
(M=) i defined as follows:

ference of ionic volumes d,
volumes in ternary solutions d,

G = (g = VOS5 + Ty ™
where 74y, 7j+p), are ionic radii of metals i and j respectively and n, p, are the
numbers of valence electrons of metal i and j respectively. Moreover, it has been stated
with high probability, that &; > 0 if the ionic radius ry,,, of the solvent is bigger than
the ionic radius rj;, of metal J, while sJ < 0if ri(4m) < rj(+p). The proposed regularity
occurs at least in 56 solutions, among 66 systems analyzed. Both described regularities
are expressed by the equation:

8ji - A(dii(+n)—j(+m) _ d;(+n)—1(+m)), (8)

where A is a constant.
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Basing on the presented conception the interaction parameter eZ“ has been calcu-
lated. The constant A in equatxon (8) was calculated on the basis of the experimental
values a = —0.041 [14] and e = —1.519 [12] at the temperature 773K. The appro-
priate 1omc radii were taken from [15] and the following values of A were obtained:
For the Sn-Zn-Bi system A=3.002 For the Sn-Zn-Ag system A=2.26 The average value
of A=2.63 was accepted for the further calculations. Equation (8) for the £5" becomes
e EZn = 2.63( dZn(+°) ~Cu(+1) dZn(+") Sn(+4), ©)

The calculated value of 8 U js -0.8, while the experimental one is 37 = -1.7.
There is not a significant d1ﬂ°erence between these two values, moreover both of them
are negative, and that fact correlates with the idea that if 7y(m) < 74 py(Fsncs4y = 0.71 A,
rcu+1) = 0.96 A) then 81 < 0.

The (Sn-Zn-Cu) system was investigated by Tefelske [2] by means of the torsion-
-effusion technique at the temperature 804K. and by Nguyen-Duy [3], at the temper-
ature from 723 to 923K using electrochemical method.. The experimental values of
interaction parameter are eC“ = —1.5 and -0.82 respectively. The value of interaction
parameter obtained by the authors of this paper is almost the same as the value obtained
by Tefelske [2] and differs from the value obtained by Nguyen-Duy [3]. In
this case the experimental results obtained by means of the e.m.f. method, as usually,
differ from the results obtained by vapour pressure measurements (or similar ones like
torsion- effusion technique or equilibrium vapour saturation) as these both methods are
based on different principles.

The calculated value of interaction parameter £5° = —0.8, whereas the value
calculated by Tefelske [2] using the respective binary activity coefficients of
the three components in ternary alloys equals 8%: = -3, 0. Although these values differ
significantly, both of them are negative.

5. Conclusions

Using the vapour saturation method the activity of Zn in Sn-Zn-Cu dilute solutions
at the temperature 873K was measured. The interaction parameter was calculated on
the basis of the experimental results and by the use of the method of relative difference
of ionic volumes. This method allows the calculation of the interaction parameter eén as
a function of the ionic radii in any Sn-Zn-j if the number of valence electrons passing
over to the common electron cloud in the system has been properly determined.
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The main aim of the paper is to give a review of different constitutive models with
the internal state of the material as a base parameter for the computation of the changes
in the flow stress-strain relationship. Some models are so complicated that on the basis of
the nowadays knowledge of phenomena taking place during the deformation processes of

metals and alloys, their application is in practice very difficult or even impossible.

Several typical models have been presented. They differ in their treatment of the factors
that influence on the course of the flow stress curves. Each of them allows determining the
dependence of the flow stress on the internal state and the deformation conditions. All the
presented models differ in their range of applications. Also, the accuracy reached in the

description of the real flow stress curve is different in each of them. Some models

have

been described in detail. Moreover, one of them was used for calculation of the flow stress
strain relationship. Owing the introduction of the conception of the internal state, that model
could take into account the strain hardening, dynamic and static kinetics of softening, slow
and sudden changes of the strain rate and temperature, as well as the influence of the
interruption in the deformation. Some models can be applied to the large plastic strains in
a wide range of the deformation conditions and not only for hot and warm deformation
temperatures, but also for the low temperature, where the softening processes do not hold.

So far no model has been built which would incorporate all the thermo-mechanical and
structural processes that occur during and after the deformation. Therefore, the researches
aimed at improving the existing models, which describe the reactions of the material to

complex deformation conditions, are still very attractive.

Zasadniczym celem pracy jest przedstawienie r6znych modeli konstytutywnych opisu-
Jjacych zalezno$ci pomigdzy naprezeniem uplastyczniajagcym a odksztalceniem uwzglednia-
jace stan wewnetrzny materialu jako gtéwny parametr. Niektére modele sg tak ziozone, ze
ich praktyczne zastosowanie jest bardzo trudne a nawet niemozliwe przy obecnej wiedzy

o zjawiskach i ich wzajemnym oddziatywaniu podczas odksztalcania metali i stopéw.

WROCLAW UNIVERSITY OF TECHNOLOGY, WYBRZEZE WYSPIANSKIEGO 27, 50-370 WROCLAW, POLAND
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Typowe modele rézniace si¢ w ujeciu czynnikéw okreslajacych przebieg naprezenia
uplastyczniajacego zostaly przedstawione. Kazdy z nich umozliwia okreélenie napre¢zenia
uplastyczniajacego w zaleznosci od stanu wewnetrznego i warunkéw odksztatcania. Modele
réznig sie¢ w zakresie ich zastosowania i dokladnosci opisu rzeczywistych przebiegéw na-
prezenia uplastyczniajacego. Kilka modeli zostalo dokladniej opisane i jeden z nich zostat
uzyty do obliczenia zaleznosci pomiedzy naprezeniem uplastyczniajacym a odksztatceniem.
Modele poprzez uwzglednienie stanu wewnetrznego umozliwiajg okre§lenie umocnienia,
kinetyki dynamicznego i statycznego ostabienia, powolnych i szybkich zmian predkosci
odksztalcania i temperatury, przerw w procesie odksztalcania. Niekt6re modele moga by¢
zastosowane do duzych odksztalceri plastycznych w szerokim zakresie warunkéw odksztat-
cania, zaréwno w procesach ksztaltowania na ciepto jak i goraco jak réwniez na zimno po
wyeliminowaniu proceséw osfabienia.

Dotychczas uniwersalny model, zawierajacy pelne termo-mechaniczne i strukturalne
procesy zachodzace podczas i po odksztalceniu nie zostal jeszcze w pelni opracowany,
dlatego nalezy kontynuowaé badania prowadzace do udoskonalenia istniejagcych modeli,
szczeg6lnie w przypadkach opisu zachowania si¢ materialéw zlozonych procesach odksztat-
cania.

1. Introduction

The progress in computing techniques has made it possible to design and analyze
plastic working processes by means of modern numerical methods such as the finite
and the boundary element method. This way of plastic forming processes simulation is
no longer limited by the memory capacity of computers or data processing capabilities.
The main difficulties are usually connected with lack of a precise mathematical model
of the material behaviour, the knowledge of the boundary conditions including friction
law and transfer of heat between workpiece and the surroundings, and the accurate
description of the finite element mesh evolution at large deformation.

The model describing the material behaviour is the most important element in
simulating the metal forming processes. The mathematical form of the functions in
such models should take into account the physical phenomena that occur in the material
depending on its kind, the conditions of forming and the history of deformation prior
to the current conditions of the material. The fundamental criterion for the selection
of the flow stress curve functions is to reflect phenomena essential for the computer
simulation of forming processes such as structural phenomena, the strain evolution and
a change in the orientation of the principal axes of the strain.

The equations, which describe changes in the flow stress or limit strain, can be
divided into two groups [1]. The first group comprises models that describe changes
in the flow stress and the limit strain of materials by expressions involving explicitly
the deformation conditions mainly such as the temperature, the strain and strain rate.
These models usually do not take into account the deformation history [2-5]. They
correctly describe the flow stress, when the strain hardening is a dominant factor
determining the state of the material. However, when the thermally activated softening
becomes essential and the deformation history starts to play a role in the strengthening
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processes, the above models lead to erroneous results. In such cases, the models of the
other group should be employed. [6-10).

The second group embraces models in which the effect of the deformation history
on the internal state of the material, determined primarily by its structure is considered.
In such models, the material behaviour is analysed taking into account two separate
factors:

— the evolution of the material internal state caused by a continuous deformation;
— the response of the material being in a particular internal state to a sudden
change in the deformation conditions.

There is a large number of the known constitutive equations. Taking as a criteri-
on which parameters are used for the description of the flow stress, the constitutive
equations can be divided into several groups. Such a division into the following six
subgroups was proposed by Grosman [11]:

1. The flow stress o, is a function of the current strain & and eventually of the
initial values of the stress o7y and the strain &p:

o), = f(€, &, 00) 1)

2. The flow stress o, is a function of the current strain rate £ and &, oo:
op = f(€,€0,00) 2
3. The flow stress o, is a function of the current temperature T and &, &, o, £:
op = f(€,&, 80,00, T) 3)

4. As an additional parameter, the time ¢ is taken. This allows to describe phe-
nomena which take place not only during the deformation process but also within its
interruptions:

op = f(€,8,8,00,T,t) 4)

5. The flow stress o, is a function of the internal state of the material o, and &,
g, T, 0¢ and gg:

op = f(€,8,80,00,T,00) &)

6. The equations in the last group apart from &, ¢, T, take into account a change
in the orientation of the principal strain components 77 during the deformation or in its
successive stages:

op = f(&,€,T, 1) (©6)

The functions belonging to the first three groups can be easily implemented in
programs of the computer simulation of the cold and hot forming. Then the tem-
peratures are not very high and the softening process is usually absent. The other
functions mainly used at warm temperatures should describe the changes in the flow
stress in the whole range of strains, where strengthening, softening and the steady state
flow can occur. Therefore, in such a case the best solution is to take into account the
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deformation history. This can be done by introducing a new parameter describing the
current internal state of the material into the constitutive equations [7]. It is typically
related to such structural parameters as the dislocation density, the grain size, the
degree of recovery and the fraction of recrystallization. Numerous papers have been
devoted to the investigations of the structural changes that occur during the deformation
proceeded under different conditions [12-16]. Those studies can be very helpful for
the formulation of constitutive equations, starting with discrete phenomena and ending
with their description in terms of the mechanics of continuous media.

The main aim of the paper is to present the most popular models that take into
account the deformation history described by the evolution of the internal state of the
material and to modified one of them.

2. Models with internal state of materials

The primary goal of a theory of work hardening is a prediction of the stress-strain
curve. This is linked to the development of dislocation substructure. A fundamental fact,
however, is that even a simple description of the substructure requires many parameters,
whereas a description of work hardening requires only few. Thus, any model of work
hardening that starts with observed substructures must involve a substantial contraction
of information as a basic part of the model, conversely any theory that begins with the
stress-strain curve can only hope to be in accord with a very coarse approximation to
substructural features. The theory of work hardening, even of pure FCC metal, is today
as hopeless as before; but a model of work hardening can be consider now virtually
available [17].

A formulation of a precise definition of the material internal state is a very difficult
task. In a general conception, the models with internal state of materials usually have
the following two characteristic features: they take into account some initial parameters
very important for application of the model and the flow stress o, is described by a
function depending on the internal state parameters and conditions of the deformation.
Moreover, each of the internal state parameter should be described by an appropriate
evolution equation

0w =0w(T,€,8 0). @

Though the internal state parameters can be determined arbitrarily, it seems that it
is best to use the theory of micromechanics of the plastic deformation. From the point
of view of metal physics and metallurgy the following internal state parameters: the
dislocation density, the size and shape of grains, the surface of the grain boundary, the
distribution of subgrains, the stored energy, the texture and degree of deformation play
the most important role in the technology. The strain-hardening behavior for different
FCC metals does not follow a sequence based on melting temperature or diffusion co-
efficient, but of normalized stacking- fault energy. The microstructure that developed
become more heterogeneous the larger the strain, the higher the temperature, the lower
the strain rate. The thermal activation, with a stress-dependent activation energy, play a
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central role, as evidenced by the fact that the temperature and strain-rate dependencies
can be unified. The decrease of hardening rate with strain is strongly dependent on tem-
perature and weakly on strain rate—indicating a need for a stress-dependent activation
energy. They also have an essential influence on the useful properties of metals [15,
16]. However, so far they were very rarely included in constitutive equations having
practical application.

To obtain such an equation useful in practice, the phenomenological theory has to
be combined with the theory of micromechanics of the plastic deformation.

According to the Hart model [18], the internal state parameters are deter-
mined by two factors. The first describes the internal stress caused by the deformation
stored by pile-up of the dislocations. The second is equal to the critical internal stress
and it is a function of the history of the deformation. Furthermore, it also describes
the isotropic hardening. This model confines only to processes with the pile-up of
dislocations, whereas in deformation processes there hold also other mechanisms of
dislocation movement, as well as various thermally activated processes. Application of
this model is practically impossible, because it needs some functions of the internal
state parameters and deformation conditions, which are very difficult for determining.

The Anand model of the internal state of the material [19] is based on an
equation similar to the Garofalo equation, which comes from the theory of creep,
if only one internal state parameter o, is considered

ol B2

.where: Q is activation energy of deformation and » is material constant.
Zhou and Clode [20] followed a similar way introducing the same parameter
directly into the Garofalo equation. Thus they obtained the relationship

a \I" 0
s = Alsinh [ = -=1. 9
& [sm (O'W)] exp( RT) ®
where: R is gas constant.

In this model, the evolution of the internal state parameter is given by the following

relationship

ok s
Oy = 5-_9_ (Own — Ow) € = lHE — hoET /[T yn, (10)

where: o, is the internal state saturation stress, g is material constant, the first term
hoé corresponds to the linear hardening, and the second one hy€c /oy, corresponds
to the softening caused by the dynamical recovery.

Constitutive equations (9) and (10) relate to the maximum and steady state values
of internal state parameters and they take into account neither the static recovery nor
static and dynamic recrystallizations.

A very complicated model based on the physical background of the plastic flow
dislocation model and the Perzyna and Sawczuk law [21] was elaborated by
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Sandstrom and Langeborg [22]. Unfortunately, its mathematical form is so
very complicated that its practical applications are very difficult.

A phenomenological model of plastic deformation was proposed by Estrin and
Mecking [23], which makes possible to describe in a unified way the plastic flow
of a material both in metal forming processes and in creep. The model based on the
assumption that kinetics of plastic flow is determined by a single structure parameter S
representing the current structure. The dependence of the flow stress o, on the plastic
strain rate £ and the absolute temperature T at a given structure of the material is given
by the kinetic equation

op = 0,(8,€,T). (11)

For the complete description of plastic behavior the kinetic equation is comple-
mented with an evolution equation which describes the variation of the structure pa-
rameters S with strain £ at given rate and temperature

dS,e = £(S,8,T). (12)

As the deformation progress, the structure parameter S evolves towards a saturation
value S, and flow stress as determined by equation (1) will tend to saturation or steady
state, value o, defined by a dynamic equilibrium of athermal work hardening associat-
ed with the storage of dislocations and work softening associated with the annihilation
of dislocation. Mecking and Kocks [24] on the basis of various experimental
observation in pure FCC mono- and polycrystals found the correlation between the
kinetics of glide at constant structure and kinetics of structure evolution. It is a funda-
mental tenet of materials science that the current properties of material depend entirely
on its current structure, and that changes in properties result from changes in structure.
They found two identified regimes of behavior, in the initial regime, the Cotrell-Stokes
law is satisfied, hardening is athermal, and a single internal structure parameter is
adequate. With increasing importance of dynamic recovery, at large strains or at high
temperature, all of these simple assumptions break down. However, the proportionality
between the flow stress and the square-root of the dislocation density holds, to a good
approximation, over the entire regime. On these assumptions the phenomenological
model was proposed, which incorporate the rate of dynamic recovery into the flow
kinetics.

The mechanistic interpretation and the developed model elaborated by [17, 25] is
restricted to monotonous deformation at low enough temperature where dynamic recov-
ery is governed by conservative glide of dislocations, rather than by time recovery in
conjunction with self diffusion and dislocation climb. It is still an open question where
exactly the control of diffusion begins. In literature the discussion on the transition to
the diffusion regime several times were presented. Based on the analysis of data on
single-crystal [26] the transition was assumed to occur at some value of stress exponent
determined by temperature and strain rate.

The models describes the many experimental data quantitatively, but none above
described models [17] and [23-25] take into consideration course of the flow stress
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behind the saturation or steady state flow. However, it can be stated that these works as
well as work [22] were used in elaboration of many constitutive models with internal
state parameters, for example the works [8-10].

Another model was built on the base of the reciprocal interaction of mobile dis-
location with near-range barrier of stress fields [27]. In that model, two components
of the flow stress: the thermal o7 and the athermal o g are considered. The thermal
component depends explicitly on the temperature T and it is given by the relationship

T nym
U'I,T:O';}T[l—(']—_‘(;)] s (13)

where: (rgT is thermal component of flow stress at temperature T, n and m are material
constants.

The athermal term is a function of the Young modulus. Since the latter varies
with temperature, o also depends on the temperature in an implicit way. The final
expression for the flow stress takes the form

nym
Op=0pr +OpE = o'gT [1 - (T_o) ] + O pE. (14)
The model has been created under assumption that the hardening caused by decrease
of the temperature in the range from T to Ty is connected with a reduction of the
dislocation mobility by the near-range barrier. It is very simple but it does not take
into account a few important factors.

Starting from the concept of the internal state of a material, Marciniak and
Konieczny [7] developed a model, which incorporates the history of the de-
formation through the introduction of the internal state parameter o,. It has been
assumed that the flow stress o, of a material depends on the internal state o, and the
deformation conditions such as the strain, the strain rate and the temperature. Changes
of the flow stress at the constant temperature can be presented in a general form:

0s (15)

where the functions F, and F; describe the internal state parameters depending on the
deformation conditions.

The first term on the right-hand side of the equation (15) describes the material
reaction on the sudden change in the strain rate, the second one determines the shape
of the flow stress curve by taking into account the hardening or the softening, and the
third one defines the change of the internal state of the material during the deformation
interruption.

The functions and the state parameters in this model are described by equations
that have rather a complex mathematical form and no physical meaning. The model
describes with a sufficient accuracy the behaviour of low-carbon steel containing up
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to 0.1 %C in a wide range of temperatures and deformation rates. However, it does
not take into account the dynamic recrystallization that at higher temperatures starts
already at a very small deformation. This is a source difficulty when the model is to be
used for description of the material behaviour at higher temperature and under large
plastic strains.

An original method for calculating the flow stress was proposed by Pietrzyk
and Hodgson [8-10]. Those models base on the structural description of the
flow stress, which is determined on the basis of the dislocation development. Here, a
dislocation density p is a main parameter. Assuming that the mechanic resistance for the
dislocation mobility depends on the dislocation density, the stress-strain relationship:

oy = Aubp®?, (16)

where: y is a shear modulus, b is Burgers vectors and A is material constant. Starting
from these assumptions, a few versions of various dislocation functions describing the
material internal state are considered.

In the first Pietrzyk model, the dislocation density distribution function G(p, t)
has been used [8, 9]. This function, suggested by Sandstrém and Lagneborg [22], is
defined as a volume fraction with the dislocation density in the range {p,p + dp).
In consequence, the differential equation that describes the dislocation evolution is

obtained 4G 0. 1) X
5 £
2 " bl - &) —xpG (p, 1), 17

where — is the athermal hardening, g(e) is the thermally activated recovery and

«pG (p, 1) is the thermally activated recrystallization.

Determination of the coefficients that occur in that model is a basic difficulty in
its applications. Therefore a simplified version of the above model has been suggested,
where for the change of the average dislocation density, a differential equation

dp(t)
dt

where: Ej; is dislocation energy, A, A, A; are material constants,
was proposed [28]. The first term in (18) describes the athermal hardening. The second
term is responsible for the recovery and it may depend on the dislocation density
depending on the recovery mechanism. The last one corresponds to the softening
caused by the dynamic recrystallization that starts at the critical time ¢. Needed values
of the material constants can be determined by the inverse method [29] using the
Comp_axi program [30].

In another more simplify version of the Pietrzyk model the first two terms in
(18) (reflecting the strain hardening and dynamic recovery) are exchanged by o, given
by the following expression

= A1 — Aypt* — Asp (t - Ey), (18)

op = A" sinh™! (4,Z)™ (19)
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where: A;, A,, m, ny are material constants, Z is Zener-Hollomon para-
meter.

The dynamic recrystallization is represented by an additional term that includes
the integral of the dislocation density over a time. The integral term represents the
accumulation of lattice defects, which is a driving force for dynamic recrystallization.

Great difficulties arising when the described models are to be implemented into the
finite element codes were a reason that Pie trzy k has proposed some simplifications
relying on using the averaged dislocation density and determining the needed coeffi-
cients empirically. The conception of this model and the way in which the coefficients
can be determined, have been presented in the paper [31]. The basic assumption taken
in this model is that the flow stress in metal forming processes is a function of the
dislocation density. A quantitative relationship between the stress and the averaged
dislocation density is given by the expression

o, = oobu+p. (20)

The main advantage of the model above is that it can be easily implemented into
the finite element codes. The proposed model was experimentally verified with good
results.

Another Pietrzyk model of the material internal state bases on the evolution
of the dislocation density. It assumes that the work hardening is caused by increase of
dislocations, whereas the softening is an effect of the dynamical recovery, where the
movement of dislocations is caused both by cross slip and by development of the cell
structure.

The separation of the inner and outer surfaces of the cell structure as well as
an application of the tensile test behind the instability limit by using the Bridg-
man-Spiridonova equation are original ideas applied in that model.

Modern investigations to build the model for the flow stress and strain on the base
of behaviour of the individual grain by using MES have been also proceeded. Such
relationships are built by using the phenomenological description of the work hardening
by dislocation density changes. Very modern models are built for the single crystal of
the FCC structure and the policrystals created from the single layer of grains either
with precise oriented boundaries or with the diameter below a few micrometers [32].

Another model taking into account the material internal state and structural pro-
cesses was elaborated by Gronostajski [6, 33, 34]. That model can be applied
to large plastic strains. To render properly the influence of the strain rate history on
the flow stress, it was assumed that the material response caused by a change of the
viscous properties occurs simultaneously with the change of the strain rate, whereas the
change in the material internal state is somewhat delayed. The latter change is defined
by introducing the concept of the evolution rate of the material internal strain &,

In this model, the flow stress has the following form

op =M()PE, T)ow(s, &, T), 21
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where: o,.(g, €y, T) is the material internal state, M(7T) is a function describing an
influence of changes of the elastic material properties varying with temperature on the
flow stress, P(g, T) is a function describing the effect of sudden changes of the strain
rate on the flow stress.

Each material is described by its basic internal state-strain curve. Such a curve
allows to determine both the o — € and o, — £ curves at various temperatures and
strain rates.

The change of the material internal state caused by structural processes is described
by the following differential equation

(e e e
0¢ )it 08 )¢ iyt 9g Joor 9t Jesr 9 | i1

where: the last three terms on the right-hand side are the change rates of: the material
internal state which reflect the dynamical recovery, the dynamical recrystallization and
ageing processes, respectively. The first term on the right-hand side is the basic change
rate of the material internal state when all the left terms on the right-hand side of
(22) are equal to zero. The term on the left-hand side in (22) is the change rate of the
internal state determined by €, € and T.

The basic material internal state curve o,p is defined separately for the strains
over the range 0 < € < g, and for the strains &, < €. The ¢, is the strain at the point
of saturation. The first piece of the curve is given by

owp = Ale + &) 23)

and the second one by
owp = ALE. 24)

All the parameters are so chosen that the resulting curve is continuous.
It is postulated that the change rate of the material internal state o,z caused by
the dynamic recovery should be of the form

(‘9"”2) J (b—as)(a"”") , 25)
Oe &&T O &,6p,Tp

where a and b are material constants depending on the temperature and the strain rate.
For description of the change rate of the material internal state caused by the
dynamic recrystallization oz, the following function is taken

(aa'wR) A 2(Twm — Tws) 1 iy (aa'wB)
O Jser & =&  cosh® (—4— (5&-2’:8—‘ - s)) O Josr

Es—&c

R
de £8T 9¢ Jper 98 Jopr de & T de £,6T
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where: o, is the material internal state at the critical strain, o, is the material internal
state in the range of the steady state flow, &, is the critical strain corresponding to the
maximum flow stress, and &, is the strain at the outset of the steady state flow.

The values of o, and o, can be obtained from the equation (19) as follows

. T pm

Twm = M(T)P(&‘, T), (27)
. T ps

T = MDPE.TY 28)

where: 07, is the maximum flow stress and o), is the stress level in the range of the
steady state flow.

The quantities o, and o, are connected with the temperature and the strain rate
by the Arrhenius equation [35]

Z = Alsinh(acp)]" (29)

where: B, a, u are material constants and the flow stress o, is equal to either oy, or
O ps-

The Zener-Hollomon parameter is also used for description of the depen-
dences of the critical strain g, and the strain g; at the outset of the steady state flow.
These dependences can be expressed as follows

Ecr = MpZln = kyDPZl, (30)
& = MZ" = k,DPZ", (31)

where M, Iy M,,, p, I, ki, and kg are material constants and D is the initial grain size
in pm,
The function M(T) in (27) is defined as the ratio
E
M(T)= = (32)
Er,
of the Y o un g modulus E7 at the particular temperature T to the Y o u n g modulus E
T, at the ambient temperature Ty (To = 293 ) (both are taken at the same constant strain
rate).
It has been assumed that the function P(€,T) can be defined as follows

P, T)=¢g" (33)

where m is the strain rate sensitivity coefficient dependent on temperature.

To render properly the influence of the strain rate history on the flow stress, it
is assumed that the response of the material on the changes in its viscous properties
described by the function P(€,T) occurs simultaneously with the strain rate changes,
whereas the change in the material internal state appears with some delay.
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The change in the strain rate £ has an effect on the evolution rate of the internal
state &, and it is given by the following differential equation
2y L) - 8,00, (34)
dt
where Ly is a coefficient depending on the temperature. Thus, it also influences on the
change of the material internal state o, and the flow stress o).

The material internal state o, has two different forms, depending on the strain
range. For strains less than the critical strain € < &, the internal state of materials is
given by

ow=(1~-b+ae)(Owp)esyTs- (35)

For the strain greater than &, the material internal state can be written as follows

_ Owm = Ows 4 (3(: +e s)] . 0,960, + 1,040'W,n. 36)

— tgh
i I = [as—sc 2 2

Substituting the expressions (36) and (37) into (21) successively allows to obtain the
following two forms for the flow stress

op=MT)P(ET)0w = M(T)PET)(1 ~ b +ae) (0wp)ssy Ty » (37)

in case of € < &, and

o, = M(T)P(,T)o,

log
=MT)P(T)

wm — O ps 4 (8(; + & 2 8)] + 0’ 960'ws + 1’ 040-W"l (38)

2 tgh[ss—sc 2 2

in case of ¢ > &,.

Before any application of the model, the basic curves of the material internal state,
the functions P(g,T), M(T), a and b, and the parameters oy, Ows, € s have to
be determined.

The basic curves are usually constructed on the basis of simple compression, ten-
sion or torsion tests. Each of these tests has its advantages and disadvantages. It seems
that the most suitable one is the torsion test, because it allows considering large plastic
strains at high strain rates not causing the geometric instability. Thus, the conditions
of the test are comparable with those occurring in industrial metal forming processes.
Owing this, the results obtained from torsion tests can be used for describing continuous
and discontinuous industrial processes such as: die forging, extrusion, rolling and so
on. On the other hand, the difficulties arising in proper calculating the flow stress and
strain caused by the heterogeneous deformation in a cross section of twisted samples
are their main disadvantage. There are a few various methods for calculating the flow
stress and strain in the torsion test, both simple ones based on the Huber-Mises
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hypothesis [36-39] and more complicated ones giving a more accuracy based on FEM
[40-42].

The model shortly presented above allows not only to determine the flow stress over
wide ranges of the strain rate (0.01-10 s™!) and the temperature (293-1073 K), but also
to include the deformation rate history. The model is used for the design optimisation
of the metal forming processes of non-iron alloys to gain their high efficiency and
a good quality of products. Unfortunately, this model does not take into account the
static and dynamic softening kinetics and the sudden changes of temperature during
deformation.

A newer improved model {43] includes all the factors mentioned above. It is based
on a differential equation that joins the changes in the internal state intensity and in
the deformation conditions with quantities characterising the different interrelations
between homogeneously distributed hardening and softening processes [44, 45].

The conception of this model is based on the following six assumptions:

a) The flow stress o, of the material in the equilibrium conditions and the material
internal state o,(g, £,T) are related as follows

0,(8,8,T) = P'(§,T)ou(s,ET), 39
In the model [43] the function

P T = op + Aoy opt Aa'pr’ 40)

w Ow

where: Ao is increase of flow stress caused by change of strain rate,
Ao,y is increase of flow stress caused by change of temperature.

is introduced instead of function (33) used in models [6, 29, 30]. The function (40)
should describe the immediate jumped change in the flow stress o (g, €2, T2) given by
the following equality

0-:(81 éz’ T2) = Pl(é21 TZ)O-W(ga él’ Tl)a (41)

caused by sudden change of the strain rate and temperature.

The function (40) in the model [43] takes into account the reciprocal effect of changes
of temperature and strain rate, which in normal metal forming processes does not exist,
therefore the authors of the paper change the equation (40) by the following

Al o, + Ao, + Aoyt
P'(6,,Ty) = —- ; L (42)
w

Since the changes in the material internal state ¢, are caused by the changes in the
structure, it evolves and affects the flow stress. In consequence, the instable flow stress
o, evolves with the time to the stable level given by equation (41) at & = &, and
T=T,.
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A
0.0, o E2,T2) for ou(€2.T2) |p
o, =P, Ty ). (E0T,)
......... ([P

........ O'p(él,n)

{/(
ow(€2.T2)

O'”(E. l,Tl)
2 € >

Fig. 1. Relationship between flow stress o, and internal state of material o, and stable and unstable
deformation conditions. The sudden change in the strain rate from & to &; and temperature from T to
T, takes place at &, and evolution of internal state reaches stable deformation at &;. The change of
internal state of material o, from point A to B is caused by change of strain rate and temperature, and
that caused the increase of flow stress o, from point C to D

The mechanism described above is illustrated in figure 1.

b) The material is characterised by base internal state curves. Under real defor-
mation conditions, they must be modified to include changes in the temperature and
the strain rate, as well as the interruption time in the deformation process. The part
of the base curve representing the state before attaining saturation is a monotonically
increasing function of the internal stress. At lower temperatures, the curves usually
have no part representing the saturation state, because a fracture takes place early
enough. The characteristic levels of the material internal state are described by the
modified Garofalo equation [46], and characteristic values of the critical strains
can be determined by the Zener-Hollomon parameter [4].

c) The following factors: the strain hardening processes and the opposite processes
associated with a reconstruction of the deformed structure and the interruption time in
the deformation process affect on the internal state. The dynamic softening kinetics can
be determined from the flow stress-strain curves, whereas the static softening kinetics
can be determined from the relaxation stress curves [47].

d) If the deformation process consists of a few operations, during the interruption
between any two consecutive operations or after the whole deformation, only the static
softening process can hold.

e) If the deformation process is in progress, besides the strain hardening the soften-
ing caused by the dynamic recrystallization can hold. It is assumed that both processes
are homogeneously distributed in the material. This means that in a very small region
around each point both processes affect simultaneously the material internal state.
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Since the hardening and softening processes are time dependent, the average value
of the internal state in each point is varying in the time. The internal state of such
material can be calculated as follows o,,(t) = ao,,(t) + bo,..(t), where a is a fraction
of the strain hardening and b is the fraction of the softening of material.

f) The model assumes that the final decrease in the internal state caused by the
softening, reaches its initial value and then during the further deformation it increases
again due to the strain hardening. During the deformation the material can undergo
strain hardening and softening many times. When the deformation is stopped, the static
or metadynamic softening processes can take place.

In order that the model above could be applied, the basic curve of the internal
state, the kinetics of the softening and the critical strain for the recrystallization has to
be known. For the model to construct, a programme in Turbo Pascal was prepared.

In the model, for description of the base relationship between the internal state
of the metal and the true strain, a differential equation for the changes in the internal
state intensity is used. The internal state intensity contains two terms, one describes an
increase in internal state intensity and another one, built on the basis of the recovery
theory describes a decrease in that intensity. Each material was characterised by a
Owp/Twn Tatio, the characteristic strain &,, and the strain-hardening coefficient n. The
differential equation presented below is the most suitable for the description of the

base curves o,b

1

do no? T\ (s N2

wb = L Zwn 1_( Mb) wb (43)
de Er Oywp Own Twn

which after integration at the boundary condition & = 0, o,b = 0 takes the following
form
t n

o (th) =0, [1 - exp (—8—)] : (44)
The study of the kinetics of the dynamic softening is based on an analysis of the flow
stress-strain curves. The dynamic softening begins at the critical strain &, and ends at
the outset of the steady stable flow &;. The kinetics equation of the dynamic softening
Xreq is given by:

Xred = 1 - exp[-Ka (e - £, 45)

where: Ny, K; are material constants,

The Kinetics of the static softening is determined by analysing the relaxation stress
when the deformation of the material ceased at the strain greater than the critical one
and at the flow stress during reloading with the same strain rate. The material softening
Xyes for a given relaxation time is calculated from the formula

(a'prs i O'prb)(a'pr . 0';,0)

I (U'pr . O'pO)(O'prs - O'prf),

(46)

res

where o is the current relaxation stress, o, is the initial relaxation stress, which
is a result of the decrease of the stress o, due to the viscoplastic properties of the
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material, o, is the final relaxation stress, oo is the initial yield stress, 0';)0 is the
yield stress under reloading and o, is the flow stress prior to the deformation is ceased
(Fig. 2) [47].

€ 1y
Fig. 2. Flow relaxation method

In the case of a sudden change of the strain rate or temperature, the material does
not reach the flow stress level, which would be attained if the material were deformed
continuously at a constant strain rate or the temperature corresponding to the values
obtained after the sudden change.

For the proper analysis of the effect of the sudden change on the deformation
temperature, it is assumed that the material response is initially associated with changes
in the atom vibration kinetic energy, which cause immediate changes in the resistance
of the dislocation movement and in consequence, in the flow stress. Such an influence
of the temperature conditions is described by the function P'(T, £). The variation of the
deformation temperature T influences also indirectly on the evolution of the internal
state by the internal temperature T, related to T by the following differential equation

D - LT - T, @7
t
where: L; is the strain rate dependent coefficient.

To sum up, it can be stated that if there is a sudden change in the strain rate, for

example, from & to &;, then the flow stress evolves as follows
op(E, €, T1) = P, 1.0p(E, €2, T1), (48)

&.1

whereas for a sudden change in the temperature from T to T, the flow stress changes
as follows
(e, 61, T2) = P, 1,056, €1, T2). (49)

The proposed method makes it possible to analyse the effect of optional strain
rate and temperature deformation changes on the flow stress. In such a case, the dif-
ferential equations (34) and (47) can be approximately solved, for example by the
Runge-Kutta method.

The model describing continuous courses of the internal state for various defor-
mation conditions needs some characteristic points on the internal state-strain curves.
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Such points are defined by four parameters: oy, Ewn, Tws and & The parameter o,
is the internal saturation state, &, is the strain saturation corresponding to o, Ty
is the level of the steady internal state and &, is the strain observed when o, begins.
On the basis of the performed investigations [4, 6, 33, 48] it can be stated that for
the silicon and aluminium bronzes and brasses in the wide range of the temperature
and the strain rate changes, the characteristic levels of the flow stress can be described
with a sufficient accuracy by the Garofalo equation. The characteristic values
of the strain can be also easily determined, because they are known functions of the
Zener-Hollomon parameters.

The algorithm of determining the flow stress curves based on the above model can
be divided into a few steps. At the beginning, the basic curves of the material internal
state are determined by the formula (44) taking into account only the recovery process
and the deformation conditions including the temperature and the strain rate. The
obtained curves are modified by superimposing the given dynamic softening kinetics
(DSK) which results in new curves, on which the values of the maximum and the
steady state flow stress are distinct. The curves are further modified by superimposing
the static softening kinetics (SSK), which occurs during breaks in the deformation or at
the end of the deformation process. Finally, the curves are modified to include sudden
changes in the deformation conditions (SDCC). This algorithm is shown in Fig. 3.

It seems that the above general model can be used for determining the flow stress
curves, as they are functions of only such parameters as: &, &, Own, 1, Kg,, Ng, &, T.
These parameters can be easily determined in the basic tests such as: the torsion test
[36-42], the dynamic and static kinetics tests [47] and the test of the reaction on the
sudden change of the strain rate and temperature [43].

The model above was used for the theoretical description of the flow stress-strain
curve of aluminium bronze containing Al 8 % (mass fraction) subjected to the continu-
ous deformation at temperature of 923 K and at the strain rate of 0.1 s™!. The result of
the comparison of the flow stress - true strain curve calculated by using the described
model with an experimental one obtained in the torsion test is shown in Fig. 4.

The correlation between both curves is high. At such low strain rate the effect of
plastic work on the increase of deformed sample temperature is very small, because
the heat transfers between sample and the surroundings and small plastic work at high
temperature. In that case the increase of temperature was below few degrees Celsius
and that effect on flow stress was negligible. The model usually gives the confidence
interval +5% at significance level of 0.05.

It is worth to mention that the internal state of the material deformed in a complex
way differs from the internal state of the same specimen deformed in another way even
if the initial and final states in both deformation processes are the same. These differ-
ences could be explained as an effect of the crystallographic texture, which develops
during the deformation process, as it is a function of the strain path. This effect of
the texture is visible on the stress-strain curve whose shape essentially depends on the
texture nature [45].
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Fig. 3. Algorithm for calculation of constitutive equations
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Fig. 4. Theoretical and experimental flow stress-strain curves for aluminium bronze containing 8 % of
Al at 923 K and strain rate of 0.1 5™

3. Conclusions

As it can be seen from the review given above, there are a few models which
describe the internal state of the material subjected the deformation. Some of them
are so complicated that their practical application is in practice very difficult or even
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impossible, on the basis of the nowadays knowledge of phenomena taking place during
the deformation processes of metals and alloys.

Several typical models have been presented. They differs in their treatment of the
factors that influence on the course of the flow stress curves. Each of them allows to
determine the dependence of the flow stress on the internal state and the deformation
conditions. All the presented models differ in their range of applications. Also, the
accuracy reached in the description of the real course of the flow stress is different in
each of them. Some models were described in more detail. Moreover, one of them was
little modified and used for calculation of the flow stress strain relationship. Owing
introducing the conception of the internal state that model could take into account
the strain hardening, the dynamic and static kinetics of softening, slow and sudden
changes of the strain rate and temperature, the interruption of the deformation. Some
models can be applied to the large plastic strains in a wide range of the deformation
conditions and not only for hot and warm deformation temperatures, but also for the
low temperature after elimination of the softening process.

A few models can be easily implemented into FEM of design and optimization
procedures of the metal forming processes, for reducing process energy consumption
and obtaining the products of the desired properties.

A crucial requirement for models in materials science is that they must be based on
the structure/properties connection. In phenomenological terms, this means that they
can only involve state parameters; history variable such as strain and time can only
appear differentially. Thus, strain-hardening behavior must be expressed by differential
equations; the integral over a specific path gives the stress-strain curve. Now it is com-
monly known that changes of direction of straining, not only reversal, cause significant
transients of the hardening coefficient, sometimes even initially negative values i.e.
work softening.

So far no model has been built which would incorporate all the thermo-mechanical
and structural processes that occur during and after deformation. Therefore, the re-
searches aimed at improving the existing models, which describe the reactions of
materials to complex deformation conditions, are still very attractive.
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STRUCTURE OF POROUS SAMPLES OF Co-Cr-Mo ALLOY

STRUKTURA POROWATYCH PROBEK ZE STOPU Co-Cr-Mo

This paper presents the results of structural examination of porous Co-Cr-Mo alloy
for bio-implants samples received after different stages of technological powder metallurgy
(PM) process. The material tests were conducted on the powder obtained using the water
atomization process and subsequent annealing in hydrogen, followed by green compacts
sintering, rotary cold repressing (on PXW100A press), as well as the final heat treatment.

The powder particles of the Co-Cr-Mo alloy, after water atomisation, have a dendritic
a-Co phase structure with a small volume of the hexagonal phase. The annealing in hydrogen
atmosphere develops the isothermal e-martensite transformation (fcc — hcp). The process
of the green compacts sintering at the temperature of 1150°C shows a homogenous a-Co
fine-grained structure, but the mechanical properties of samples are not satisfactory. The
rotary cold repressing process causes an increase in the density and a rise in the strength
parameter and hardness of samples, but the volume of the hcp-phase structure increases to
90%. The volume of the hcp-phase structure consistently increases together with the number
of the repressing rotations.

The temperature of the final heat treatment exerts favourable changes on the phase
structure and the mechanical properties of samples. The samples after solution treatment at
the temperatures ranging from 1150°C to 1250°C obtained a homogenous a-Co structure,
good ductility and the highest mechanical properties.

W pracy przedstawiono wyniki badan strukturalnych prébek otrzymanych ze stopu
Co-Cr-Mo na bio-implanty, metoda metalurgii proszkéw (MP), po r6znych etapach procesu
technologicznego. Badaniom poddano materiat wyjéciowy — proszek po rozpylaniu wodg
i wyzarzaniu w wodorze, nastgpnie badano prébki po spiekaniu, doprasowaniu obwiednio-
wym na zimno (na prasie z wahajaca matryca PXW100A) oraz koricowej obrébce cieplne;.

Bezpo$rednio po rozpylaniu woda czastki proszku stopu Co-Cr-Mo majg dendrytycz-
ng strukture roztworu stalego a-Co (RSC) oraz niewielkie ilo$ci fazy £-Co. Proces wy-
zarzania proszku w wodorze w temperaturze 1000°C powoduje, na skutek izotermicznej
przemiany martenzytycznej, zwigkszenie udzialu objetoSciowego fazy heksagonalnej. Po

* POLITECHNIKA BIALOSTOCKA, WYDZIAL MECHANICZNY, 15-351 BIALYSTOK, UL, WIEISKA 45C

WYDZIAL METALURGII I INZYNIERII MATERIALOWEJ, AKADEMIA GORNICZO-HUTNICZA, 30-059 KRAKOW, AL. MICKIE-
WICZA 30

=



950

spiekaniu w temperaturze 1150°C i wolnym chiodzenin wraz z piecem prébki, o poro-
watosci okolo 30%, posiadaja jednorodna strukture a-Co, drobne ziarno oraz stosunkowo
stabe wiasciwosci mechaniczne. Proces doprasowania spowodowal znaczace zwiegkszenie
gestosei (18+22%), podwyzszenie wartoéci umownej granicy plastycznoéci oraz mikrotwar-
dosci, przy czym udzial fazy heksagonalnej zwigkszyl sie wraz ze zwiekszeniem stopnia
odksztalcenia prébek.

Temperatura obrébki cieplnej wplyneta na strukture, a tym samym na wha$ciwosci
prébek. Korzystne zmiany, w postaci zwigkszenia gesto§ci jak i uzyskanie jednorodnej
pod wzgledem fazowym struktury, otrzymano po obrébce cieplnej prébek w temperaturze
1150+1250°C.

1. Introduction

Among modern materials used in surgery, cobalt-based alloys occupy a very im-
portant position. Co-Cr-Mo alloys of the Vitalium type have been in use for over 60
years. Due to their excellent biocompatibility, significant mechanical properties, corro-
sion and wear resistance they have been used as long-term implantation materials. The
main advantage of these alloys is a possibility of further enhancing their properties by
applying a proper production technology and heat treatment [1+5].

The common properties of the Vitalium alloy are connected with the chemical
composition of the material, its crystallographic structure and intrinsic microstructural
features, such as stacking faults and twins. The matrix of this Co-Cr-Mo alloy is
the metastable solid solution a~Co (fcc). The exact temperature of fcc — hcp phase
transformations is not established and it is the function of the chemical composition
of the alloy, the grain size, and the parameters of the annealing process (temperature
and cooling rate).

The Co-Cr-Mo alloys may exhibit an fcc — hcp (@ — &) martensitic phase change
under athermal, isothermal or strain induced transformations [3, 4]. The mechanisms
of the transformation were described in numerous publications [3+14] in which it was
confirmed that quenching the Vitalium alloy from the temperature above 1100°C in
water or iced brine leads to a two-phase structure (@ + £) at the room temperature.
However, this effect vanishes when a less drastic cooling rate is used. It is possible
to receive the same effect through the cold plastic deformation process. In this case,
together with the increase of the plastic strain, the fraction of hcp g-phase rises. It
was also indicated that the increase of the grain sizes results in hcp phase formation.
This phenomenon is explained as a decrease in the temperature of the martensite start
(MS), which causes a decrease in the number of e-martensite nuclei initiating this
transformation. This @ — ¢ transformation is undesirable, as the ductility of alloy
diminishes drastically, mainly due to the presence of e-phase.

According to the ISO and ASTM standards concerning implantation materials,
cobalt- based alloys should be characterized by a fine-grain size, chemically homoge-
neous and paramagnetic structure of the solid solution of the cobalt @-phase. Moreover,
according to no. 1 or 2 in ASTM standard specification, it is permitted that the matrix
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of the alloy contains fine-dispersed, equally spread carbide precipitates or other non-
metallic inclusions.

This paper presents the results of structural examination of porous samples received
from Co-Cr-Mo implantation alloy after different stages of technological powder metal-
lurgy (PM) process. The material tests were conducted on the powder having undergone
the water atomization process and subsequent annealing in hydrogen, followed by green
compacts sintering, rotary cold repressing (on PXW100A press), as well as the final
heat treatment.

2. Material and experimental procedure

Two water atomized powders of Co-Cr-Mo alloy with the particle size of
20+200 pm and different contents of carbon were examined. The chemical composition
of powders is given in Table 1. The carbon and oxygen contents were determined by

TABLE 1
The chemical analysis of both Co-Cr-Mo powders after water atomization and annealing in the argon
atmosphere at the temperature of 1000°C in hydrogen for 2 hours

Alloy Chemical composition of alloy (wt.%)
C 0] Mo Si P Ni Fe S Mn Cr w Co
I 0.12 | 0.69 | 450 | 0.50 | 0.01 - 0.55 | 0.01 | 0.88 | 28.22 | 0.02 | Ball.
II 031 [ 0.57 | 540 | 0.50 | 0.01 | 0.02 | 1.37 | 0.01 { 0.49 | 29.29 | 0.01 | Bail.

means of LECOCS-125 and TC-336 analysers. The powders, having undergone the
process of annealing in the hydrogen atmosphere at the temperature of 1000°C for 2
hours, were single-action pressed under the pressure of 600 MPa, and sintered in the
argon atmosphere at the temperature of 1150°C for 1 hour and then cooled naturally
inside the furnace. The next stage of the PM process was a rotary cold repressing
on PXW100A press of cylindrical specimens (220 X 15 mm) under the pressure of
600 MPa, with the number of rotations i = 12 and the conical upper die angle y, = 2°,
with spinning tool movements (Fig. 1). The final heat treatment was carried out on the
samples @20 X 10 mm in size at the temperature range of 950+1250°C in the argon
atmosphere for 1 hour. Cooling of the samples was carried out in the cold area of
furnace at an average speed of 45°C/min.

An X-ray research of the powders on non-mechanically treated samples after each
of the stages of the PM process was conducted by means of TuR M62 diffractometer,
using CoKa radiation (Ag, = 1.79 A). On the basis of the obtained diffraction patterns,
the phase analysis was conducted.

The compressing test was performed with the use of INSTRON 8502 Plus testing
machine, equipped with a static type extensometer 2620-6D1, of +5.0 mm in gauge
length. Cylindrical samples of @7.0 x 10.5 mm in dimension were prepared for the
examination. During the test, a crosshead speed of 0.5 mm min~! was applied. The
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Conventional cold Rotary cold
repressing repressing

Fig. 1. Schematic view (a) of the PXW100A press, (b) principle of rotary repressing

yield strength (Ys), ultimate compressing strength (UCS) and the contraction (&) were
defined. The Vickers HV,; method was applied to determine the hardness. Microstruc-
ture observations were performed using the optical microscope (Neophot 21) and the
scanning electron microscope SEM (Hitachi 3000N with EDS microanalyser).

3. Results and discussion

The structure examination of the powders before and after the annealing shows
that the particles of the powder after water atomization have a dendritic structure,
typical for this kind of materials (Fig. 2), which results from rapid cooling [5, 6).
After annealing, both powders have a homogenous structure.

The results of the X-ray diffraction phase analysis after water atomization for both
powders (Fig. 3) revealed the presence of the @-Co solid solution and the hexagonal
phase £ identified as a martensitic one.

But in the case of the powder obtained from alloy II, in which the carbon contents
is lower, a smaller participation of £ phase was found. The above corresponds to the
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Fig. 2. Structures of the powders of cobalt alloys  Fig. 3. Diffraction patterns of Vitalium powders
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literature data as an increase in the carbon contents results in lowering the temperature
of the beginning of the martensitic transformation.

The process of annealing in the hydrogen atmosphere (Fig. 4) caused qualitative
and quantitative changes of the phase contents. The increase in the &-Co phase amount
was the result of the athermal e-martensite transformation.

Figure 5a presents examples of the specimen microstructure after sintering in the
argon atmosphere at 1150°C. The structure of all sintered samples is one-phase and
fine-grained (with the average grain size of 40 um), consisting of solid solution of
chromium, molybdenum and carbon in @-cobalt with small precipitation of carbons
and non- metallic inclusions. This result has been confirmed by the X-ray phase analysis
(Fig. 5b) and SEM with EDS microanalyser (Fig. 6a and 6b). The presence of oxygen
reflexes may point at the existence of hard removable chromium and silicon oxides.

The results of the phase analysis of specimens after sintering, irrespective of the
kind of powder, reveal only the presence of @-cobalt solid solution {15]. A slight
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displacement of diffraction peaks to the left of the centre layers as compared to those
of standard cobalt element testify to changes of the lattice parameters, connected with
the presence of alloy additions solved in the solid solution.

The rotary cold repressing of the sintered samples resulted in increasing the mate-
rial density and phase changes (two-phase structure @-Co and £-Co), caused by plastic
deformation at room temperature (Fig. 7). The microstructure on the cross-section of
the samples after repressing is shown in Fig. 8. The characteristic texture of matrix
(elongated grains) was not observed, as in the case of the cast Vitalium alloy having
undergone plastic deformation. It might indicate that the increase in the specimen
density resulted from the porosity changes of the material [16, 17].

The number of upper die rotations is a very important parameter, causing differ-
ences in the material structure and properties. The X-ray diffraction method revealed
that when the number of rotation cycles increases, the value of £-Co phase increases
to approximately 90% (Table 2).



(LD

160097

(b

cot.

oK
cK

Cox

010 140 210 280 300 a0

4% 880 &3

Fig. 6. SEM examination of sintered sample (a)
microstructure of alloy II, (b) EDS microanalysis

955

i

[ 2 ’ e.Co'

----a-Co

Fig. 7. X-ray diffraction patterns of specimens
after repressing (a) alloy I, (b) alloy II

TABLE 2

XRD results of alloy I

Kind of phase .Phase volume (wt.%)
After repressing After heat treatment
600 MPa, i =7 +22 | 950°C | 1150°C | 1250°C
a-Co 22...8 17 100 100
&-Co 78...92 83 0 0

However, it was also found that in the case of increased carbon content in the alloy,
the value of e-Co phase and the hardness of the repressed samples rise (Fig. 9). The
calculated values of true plastic deformation (¢ = In Hy/H) with a different number of
rotations applied (7+22) were equal to: 0.25; 0.28; 0,31; 0.32 respectively.

The above facts indicate that the plastic strain of Co-based alloys can result in
hardening, due to the number of twins and fcc-hcp phase transformation [3, 5], owing
to the low stacking fault energy of Co-Cr-Mo alloys.
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Fig. 8. Microstructure of the samples (a) after repressing, (b) SEM

=== Dengity *sd==|iardnes

8

800
1 700

g

$:
R
3

:

;-3
a

13 1 500

2 -

- L o

B 84 844 400 >
842 kY

A 8 b 4 300

«
N

825 T 200
+ 100

-3
pry

;-3
o
o

7 12 17 22
Number of rotations

Fig. 9. The influence of the number of repressing cycles on the hardness and density of the samples

The microhardness and density investigation confirms that when the number of
cycles increases, the density and strain hardening of samples also rise, until the num-
ber of 17 die rotations is reached. After that, the samples density slightly increases but
the microhardness of the specimens grows. This strength effect is caused by permanent
increasing of the number of dislocations (crystal defects), which block plastic defor-
mation of the sample matrices. Also the progressive fraction of the £-Co structure, due
to its lower number of slip systems and due to the interaction of the dislocations with
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TABLE 3
Properties of samples produced with powder alloy I obtained after sintering, repressing and heat
treatment
Material Bﬁj J;a o | WHVo: | Phase b ef;:“y
Sinters 1150°C 270+44.1 | 150+28.6 6.0 325 fcc 68.0
After repressing 575+£35.7 | 460x14.1 4.1 520 hep 86.0
Heat treated 950°C 602+57.3 | 320+39.3 5.5 425 hep 85.6
Heat treated 1150°C | 1310+55.4 | 380+29.6 | 24.7 311 fec 85.9
Heat treated 1250°C | 1290+76.5 | 410+44.9 | 28.0 283 fec 86.3

* Average value of 5 samples

the stacking faults, causes a decrease in the plastic strain of samples. Hence, there is
a need to use the final heat treatment (HT).

From the works of Huan g [3, 4] it results that in the case of the cast Vitalium
alloy, slow cooling in the furnace at the annealing temperatures ranging from 1150°C
to 1250°C does not lead to the development of the @ — & phase changes. However,
it causes an increase in the number of carbide precipitation [5+7]. This effect in not
observed when less drastic cooling rate is applied. Hence, to conduct effectively the
process of the Vitalium alloy structure homogenisation, an intermediate rate of cooling,
from the solid solution temperature, might be applied. Thus, in this work the sample
cooling was carried out at the speed of 45°/min.

In the case of the porous samples based on Co-Cr-Mo alloy, the heat treatment
should ensure an increase of specimen density, rebuilding and homogenizing of the
structure destroyed in the process of repressing, as well as improvement of mechanical
properties.

X-ray diffraction patterns provided some information on the influence of the heat
treatment temperature on the quantitative changes in the &-Co phase volume (Table 2).
The density, the mechanical properties of the samples and the type of the phase struc-
ture obtained in the following stages of the technological process are given in Table 3.

The temperature of the heat treatment has a slight influence on the specimen
density. At the temperature of 950°C, all the samples reveal unbeneficial dimension
changes (bulking), a decrease in the mechanical properties and further developing of
£-martensite transformation. At this temperature, the recrystallization of the specimens
having undergone repressing caused a decrease in hardening and an increase of duc-
tility. The results shown in Table 3 confirm the data obtained by B o jar [5] and
Clemow [7], namely the fact that annealing at temperatures ranging from 500 to
1000°C causes development of the isothermal &-martensite transformation and further
second phase precipitation.

A small increase of the density occurs at the temperature of 1150°C, in comparison
with the density of the samples annealed at 950°C. At this temperature, the specimens
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show slight shrinkage in the horizontal direction and slight bulking in the vertical one.
We assume that this temperature of heat treatment is not high enough for favourable
changes to occur in the density of the materials. The phase analysis of all the samples
having undergone the heat treatment at the temperature range of 1150+1250°C revealed
homogenous cobalt a-phase structure.

The most significant shrinkage of samples, in the case of both examined materials,
as well as the highest density, were obtained after the process of heat treatment at the
temperature of 1250°C. It is worth mentioning that, although increasing the temperature
of annealing caused reduction of the oxygen contents, it did not promote significant
grain growth (Fig. 10).
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Fig. 10. Microstructure of the samples after heat treatment (a) at 950°C, (b) at 1250°C

The equiaxed grain structure, with grain size measured by means of the secant
random distribution method, proved to range from 20 to 120 pm. Notice the presence
of the annealing twins and the carbon precipitations (Fig. 10b).

The properties of the samples, presented in table 3, confirm that the phase structure
of Co- Cr-Mo specimens influences their mechanical and physical properties. The
samples having undergone repressing show low ductility and the ultimate compressing
strength (UCS) values but the hardness of the material has increased. The solution
heat treatment at the temperature of 950°C did not cause any significant changes. The
recrystallization process at this temperature slightly decreased the alloy hardness and
increased the ductility as well as the UCS of the samples. Increasing the temperature
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of the heat treatment to 1150°C caused the sintering process activation and a visible
increase of the mechanical properties of the specimens, but it did not indicate any
significant changes of the grain size. The samples made of this powder, having smaller
carbon contents, show lower (by about 20%) values of their mechanical properties
(UCS, Ys) in comparison to the samples obtained from powder alloy II.

4. Summary

Summing up the results of the present paper, we may conclude that the powder
particles of the Co-Cr-Mo alloy, after the water atomisation, have a homogenous a-Co
one-phase structure, independent of the kind of the materials used. The annealing in
the hydrogen atmosphere develops the isothermal e-martensite transformation (fcc —
hep). The process of the green compacts sintering at the temperature of 1150°C shows a
homogenous @-Co fine-grained structure, but the mechanical properties of samples are
not satisfactory with reference to the requirements concerning implantation materials.
The rotary cold repressing process causes an increase in the density and a rise in the
strength parameter and hardness of samples, but the volume of the hcp-phase structure
increases to 90%. The volume of the hcp- phase structure consistently increases together
with the number of the repressing rotations.

The temperature of the final heat treatment exerts favourable changes on the phase
structure and the mechanical properties of samples. The samples after solution at the
temperatures ranging from 1150°C to 1250°C obtained a homogenous a-Co structure,
good ductility and the highest mechanical property values. The highest ultimate strength
was obtained in the case of the samples made of powder alloy II, with larger carbon
contents.

The following general conclusions can be drawn from the above:

1. Higher carbon contents of samples causes, on one hand, better mechanical
properties, but on the other hand higher volume of the hcp e-phase structure.

2. Rotary cold repressing is an effective method of increasing the density of sin-
tered samples, but the presence of strain induced fcc — hcp martensite transformation
demands the application of the final heat treatment.

3. The temperature of the heat treatment has a significant influence on the phase
structure and the mechanical properties of the repressed samples. Significantly better
mechanical properties and a homogenous a-Co one-phase structure were obtained after
solution at the temperature range of 1150+1250°C.
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SPHEROIDIZATION OF CEMENTITE IN PEARLITE

SFEROIDYZACJA CEMENTU W PERLICIE STALI EUTEKTOIDALNE]

Spheroidization of cementite in an entectoid carbon steel, whose pearlite phases (ferrite
and cementite) possess crystallographic texture, has been investigated by light microscopy
and X-ray diffraction. During spheroidization the microstructural changes are accompa-
nied by the ones of cementite texture. In particular, the ideal orientations (010)[201] and
(OTO)[IOO] describe the main texture component of cementite in pearlite and spheroidized
cementite, respectively.

Przedmiotem pracy jest izotermiczna sferoidyzacja cementu w gruboplytkowym perli-
cie stali weglowej eutektoidalnej. W wyniku badan metalograficznych i rentgenograficznych
zostalo wykazane, ze z jako$ciowymi (morfologicznymi) i ilosciowymi zmianami mikro-
struktury cementu s3 zwigzane okre§lone zmiany krystalograficznej tekstury faz: ferrytu i
cementytu.

1. Introduction

The microstructure of an eutectoid carbon steel may appear in two quite dif-
ferent morphological forms, as the pearlite and as the spheroidized cementite. The
pearlite has a lamellar structure, which is formed by alternate cementite and ferrite
plates, with ferrite as the continuous phase [1]. The spheroidized cementite consists
of cementite spheroids which are randomly dispersed in the continuous ferrite matrix
[2].

It is well known, that the structure of pearlite is unstable and by anneal-
ing for a sufficient long time just below the eutectoid temperature it transforms
from lamellar to spheroidal form. The thermodynamic driving force of spheroidiza-
tion is the change of the interphase surface free energy while the spheroidiza-
tion kinetics is determined by diffusion-controlled processes [2, 3]. Consequently,

*
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the spheroidization of cementite in pearlite can be regarded as a diffusional grain
coarsening process, which is due to morphological changes of the microstructure
[2].

For the analysis of the cementite spheroidization mechanism one can distinguish
four partial structural processes [4]: (i) the partitioning of cementite plates into smaller
segments (the so-called fragmentation); (ii) rounding off small plate segments into
spherical particles; (iii) particle coarsening (Ostwald ripening [2]); and (iv) recrystal-
lization and growth of ferrite grains.

The spheroidization of cementite was a subject of many theoretical and ex-
perimental investigations. The most of the theoretical approaches has resulted in
some simple models for destabilization of the plates [5]. The subject of experimen-
tal works was mainly due to the fragmentations of cementite plates and the glob-
al spheroidization kinetics, both analysed metallographically by using light or elec-
tron microscopy methods [4, 6-8]. Unfortunately, the structural processes concerning
the substructure of ferrite during the spheroidization of cementite were investigat-
ed rarely. In accordance to the present knowledge, the spheroidization mechanism
is closely connected to the migration of local faults of the interphase boundary im-
perfections of a large curvature [6]. Although at present the understanding of the
spheroidization process is fairly advanced, the molecular mechanism and its kinet-
ics are still not sufficiently elucidated. In such a situation additional investigations
occurred necessary. Microstructural changes which proceed during the spheroidiza-
tion (caused by coarsening of cementite and recrystallization of ferrite) are con-
nected with local changes in crystal orientations of both phases and can influence
their crystallographic textures. The texture data obtained by X-ray diffraction may
contain the information — referring to the spheroidization - which is not avail-
able by metallography. According to the knowledge of the authors, in the litera-
ture there is no information related to the texture with regard to the spheroidiza-
tion.

The aim of the present work was to perform experimental studies of the
spheroidization of cementite in pearlite by taking into account the microstructure and
crystallographic texture of the phases: ferrite and cementite.

2. Material and heat treatements

The material to be analysed [9], in a form of speciments cut from an 1.5
kg eutectoid steel ingot (the chemical composition of the material is given in
Table 1.), which was melted in Balcers vacuum furnace, was prepared as fol-
lows:

1) diffusion annealing (1300°C/10h in vacuum);

2) plastic deformation (forging and subsequent cold-rolling with 50 deformation)

which resulted in pre-specimens of dimensions 5,5 X 15 X 120mm;

3) normalizing annealing (900°C/0.5h).
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In order to produce a coarse lamellar pearlite, the material was subjected to the fol-
lowing heat treatment:
1) austenitizing (900°C/0.5h) with subsequent transfer to a lead bath at temperature
700°C;
2) isothermal holding in the bath (700°C/3h).

TABLE 1
Chemical composition of the steel under examination
Element C Mn Si P S Cr Ni Cu Al N
% 0.75 0.05 0.01 0.002 0.012 0.03 0.03 0.01 0.01 0.009

Obtained material were cut into the proper specimens of dimensions 5.5 X 15 X
10 (mm) perpendicularly to the rolling direction. For spheroidization, the specimens
were annealed at the temperature 700 + 2°C for the duration times (t in hours): ¢ = 0
(pearlite), ¢t = 50, t = 100, ¢ = 200, ¢ = 400 and 7 = 600 in vacuum (1072Tr).

For the subsequent investigation (by metallography and X-ray diffraction) a planar
surface of specimens (perpendicularly to the rolling direction of the pre-specimen)
was selected and polished. Figure 1 shows a scheme of the specimen with the selected
polished surface together with a rectangular Cartesian coordinate system with axes: xi,
X2, X3 (x; is parallel to the rolling direction, x, is perpendicular to the rolling surface
and x3 is perpendicular to x; and x»).

Fig. 1. Scheme of the specimen with the selected polished surface together with a rectangular Cartesian
coordinate system with axes: xi, Xz, X3

3. Metallography

The qualitative and quantitative metallographic studies were performed by means
of light microscopy, using the NU2-Zeiss microscope.